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COMPRESSION AFTER  IMPACT (CAI) PROPERTIES
OF HAT STIFFENED CF/PEEK PANELS

FABRICATED THROUGH A ROUTE WITHOUT
AUTOCLAVE

Takashi Ishikawa and Masamichi Matsushima

Airframe Division, National Aerospace Laboratory
6-13-1 Ohsawa, Mitaka, Tokyo 181, Japan

SUMMARY:     Compression after impact (CAI) properties in composite structure levels were
experimentally obtained and examined.  A remarkable feature in the fabrication technology of
the test piece panels was the fusion bonding process without autoclave.  This route was
pursued for possible low cost fabrication methodology of carbon fiber (CF)/thermoplastic
composites exhibiting an excellent damage tolerance property.  Used test specimens were
stiffened panels with hat shaped stiffeners regarded as optimal for CF/thermoplastic,
CF/PEEK being chosen here.  Two kinds of panels in size were tested in compression loading
after drop weight impact for creating delamination.  The results are compared with the
previous similar CAI tests for T-stiffened panels of CF/PEEK where the present results
exhibit higher CAI values.  A potential of this fusion bonding technology without autoclave is
indicated.  Numerical analysis for predicting initial buckling stress was also conducted with a
favorable agreement with experiments.

KEYWORDS: experiments, impact, delamination, thermoplastic composites, fusion
bonding, ultrasonic C-Scan, buckling, finite element analysis

INTRODUCTION

Damage tolerance properties of composites are considered to be important design criticals in
their application to aircraft structures.   Particularly, importance of compression after impact
(CAI) values have been recognized in strength design of composite wing or fuselage in recent
years.  Therefore, NAL of JAPAN has been conducting a long term research project [1] for
development of tough composite structures to aircraft component.  A chosen material system
in this project was CF/PEEK.  After basic material properties including compression after
impact (CAI) strengths for NASA type thick plates [2] were obtained, stiffened panels with
four T-shaped stiffeners were tested [3,4] as structural level CAI evaluations.  Based on such
achievement, two model wing box structures of CF/PEEK were built and tested [1,5] in
fatigue loading followed by residual static strength tests.  The results of these boxes exhibited
high delamination propagation resistance and excellent strength properties.  In summary,  a
possibility of 35 % weight reduction by CF/PEEK from a baseline metal structure was
verified [1] even in a conservative estimate.
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However, one major disadvantage of CF/PEEK was also
revealed through this work. Since it requires high
temperature and pressure during fabrication procedure, its
autoclave processing may lead to high cost because of
expensive autoclave itself and tooling.  This fact could be
an obstacle for rapid spreading of CF/PEEK material into
aerospace composite community.  Based on such a
background, a fabrication technique without an autoclave
has been pursued by NAL and Fuji Heavy Industries Inc.
(FHI) in JAPAN for realizing low cost thermoplastic
composite structures.  A possible solution might be non-
traditional hot-pressing where an appropriate shape of
stiffeners is also a key point of concern.  The present
paper describes recent results of this research program.  A
detailed description of fabrication process [6] will be
minimized and the focus will be placed on presentation
and discussion of experimental CAI properties. Numerical
analysis of them with locally delaminated hat stiffeners at
skin-stiffener interface was also conducted using a
commercially available finite element code.

DESCRIPTION OF TEST SPECIMENS

As stated before, material employed  was CF/PEEK (AS4/
APC-2).  Shape and dimensions of a smaller test panel
stiffened by single hat are shown in Fig.1, which is
considered to be a prototype of larger panels.  The larger
panel dimensions stiffened by three hats are shown in
Fig.2.  A hat shaped stiffener was chosen for its
compatibility with secondary fusion bonding to a flat skin
and anti-buckling properties.   A key point of the fusion
bonding technique without autoclave is  a development of
a mold-platen containing line heaters.  At first, a
technique with PEEK film was established and two
smaller panels were fabricated with this route, designated
as CPA03 and 04.  A problem of non-uniform thickness
distribution in skin-stiffener attachment flanges remained
unsolved in this phase probably due to re-softening
mentioned later. Next, several thermoplastic films with
lower melting point than PEEK and methods for fusion
promotion into CF/PEEK substrate structure were tried in
their combinations.  Some screening interlaminar
toughness and strength tests were conducted and a
combination of PEI and pre-fusion to a substrate was
selected [6].  A benefit of this technique is that re-
softening and deformation in the previously formed
region can be minimized during fusion bonding.  One
larger panel designated as CPB02 was fabricated through
this method,  whereas a larger panel CPB01 was also

Fig.1:  Single hat panel: shape
and dimensions

Fig. 2:  Three hat panel: shape
and dimensions
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fabricated through an established PEEK film with autoclave technique for comparison.
Stacking sequences were (45/-45/-45/45/ 0/90)sym.:12 plies and (45/-45/-45/45/0/ 90)sym.:18
plies  for skin and stiffener, respectively, regardless of panel sizes.  Aluminum end platens
were adhered with a epoxy potting agent for compression tests for both loading edges of the
panel.

OUTLINE OF IMPACT TESTS AND FORMED DELAMINATION

All the panels  were subjected to drop weight impact tests on a skin-stiffener bonding region
with the following normalized energy levels (Unit: J/mm) by thickness at a impact point:
CPA03= 2, CPA04= 4, CPB01=6.7 (with Autoclave) , CPB02=6.7 (with PEI film). These
levels were determined so as to create barely visible indentation according to the previous
results [3,4]  and preliminary impacts. The reason why the larger panel required greater energy
is supposed that some amount of impact  energy was consumed in elastic deformation under a
longer supporting span.  Impact points were located on a mid-line parallel to the loading ends.
The panels were supported on a very stiff steel table and hold by C-cramps at impact as
shown in a photo of Fig. 3.

The panels were C-scanned after impact and projection area of delamination  was  measured
by a ultrasonic C-scanner.  A typical delamination image taken through a C-scanner,  SDS
3300 by Krautkraemer Japan Co., is shown in Fig. 4 for CPA04 panel.  It can be seen that
delamination occurred almost along fusion bonding interface in this case.

              

Fig. 3: Photo of impact test by drop weight
impactor

Fig.4:  Delamination image for CPA04

Although an indication is omitted here, delamination also took place within skin and stiffener
in cases of CPB01 and 02, which is similar to one shot thick plate cases [2].  Relationships
between normalized impact energy and the delamination area in projection are indicated in
Fig. 5 with the previous  T-stiffened panel results [3,4]. A general tendency of the present
impact results seems to be reasonable, although larger panels show smaller areas due to the
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above reason.  It can be understood that the present fusion bonding technique without
autoclave worked out well from a standpoint of impact delamination.

OUTLINE OF COMPRESSION TESTS AFTER
IMPACT AND DISCUSSIONS

Compression tests were conducted after 12 strain
gages were glued onto the smaller panels. For the
larger panes, 88 strain gages were used whereas a
description of results is omitted in this paper because
tests are undergoing now.  For the smaller panel, a
strain gage map is shown in Fig.6 where even
number gages were glued back to back of odd ones
on a stiffener side with some exceptions.  A gage #3
was placed on an impact indentation.  A number of
gages, 12, was limited by 16 channel capacity of a
data logger, .  Thus, these strains, a load and 3 points
of deflections were recorded into this data-logger,
DAA 100A by Kyowa Co. JAPAN.  Loading edge
conditions were close to clamped due to aluminum end platens. Stainless steel tubes with
sharpened slits acting as knife edges were installed along both side edges so that simply
supported conditions were approximately realized.  Compression load was introduced by
Instron 1128 screw driven machine directly through a glued platen. A photo taken during a
compression test is shown in Fig.7.

Fig. 6: Strain gage map for CPA panel            Fig. 7:  Photo of compression test for CPA

0

0.5

1

1.5

2

2.5

3

3.5

0 2 4 6 8 10

w/o Autoclave, 1 Hat
by Autoclave, 3 Hats
w/o Autoclave, 3 Hats (PEI)
Ref.3: by Autoclave, 4 T

Normalized Impact Energy (J/mm)Fig.5: Relationships between
normalized impact energy and

delamination area



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 5

      Fig. 8:  Stress-strain behavior for panel                Fig. 9:  Stress-strain behavior for panel
CPA04 (4J/mm)                                                    CPA03 (2J/mm)

Stress-strain behavior for the case where impact
delamination affects the final strength, CPA04
with 4 J/mm, is shown in Fig.8.   Note that
delamination of this panel was already shown in
Fig. 4.  In Fig.8, a back-to-back pair of strain
gages, #3 and #4 on the delamination, clearly
indicates the behavior of delamination buckling
far prior to the final failure.  Such behavior is
basically similar to that of a CF/PEEK T-
stiffened panel in Ref. 4.  It should be noted that
an inflection point of stress-average strain curve
for this pair provides an experimental initial
buckling stress, being determined as 185MPa for
CPA04.  A comparison of this value with a
numerically predicted initial buckling stress  will
be discussed later.

For CPA03 panel with 2J/mm impact, a
delamination area measured by C-scan was
1/50of CPA04.  Therefore, its stress-strain
behavior shown in Fig. 9 does not indicate any
symptom of delamination buckling before the
final failure.  All curves are almost straight up to
the failure and coincide with each other.

CAI strengths of the smaller hat stiffened panels without autoclave fabrication are shown in
Fig.10 with comparison data of CF/PEEK panels stiffened by four T-shaped stiffeners and
fabricated by autoclave technology in FY 1988 and 1989 [3,4].  Although single stiffener
panels exhibit a disadvantage in terms of CAI strength comparing with multi-stiffener panels
[4], the present hat-stiffened panels show excellent CAI strengths.  If we take a note for 4

-1.5 104 -1 104 -5000 0 5000
0

100

200

300

400

Strain at #1
Strain at #2
Strain at #3
Strain at #4

Strain (10-6)

0

100

200

300

400

500

0 2 4 6 8 10

Single Hat: w/o Autoclave
Ref.4 (4T: by Autoclave FY89)
Ref.4 (4T: by Autoclave FY88)

Normalized Impact Energy (J/mm)

-1.5 104 -1 104 -5000 0 5000
0

100

200

300

400

Strain at #1
Strain at #2
Strain at #3
Strain at #4
Exp.Bkl.Str.

Strain (10-6)

< Prdc. Bkl. Str.

Fig. 10: CAI strengths vs.
impact energy



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 6

J/mm data of 344MPa, the present fusion bonding quality without autoclave can be regarded
as excellent.

    
Fig. 11:  Final Failure Mode of CPA 04 Fig. 12:  Final Failure Mode of CPA 03 panel
panel fabricated without autoclave and fabricated without autoclave and

impacted with 4J/mm impacted with 2J/mm

The reason why even a strength at 2 J/mm  (CPA03) exceeds no impact strength of 4-T panel
can be ascribed to a good anti-buckling property of hat stiffeners and a small delamination
area by virtue of an excellent fusion bonding quality without autoclave.

Final failure modes of these panels are indicated in photos of Fig.11 and 12 taken from the
stiffener side for panels CPA04 and 03, respectively.  In Fig.11 with larger delamination area,
a transverse failure band formation to the introduced loads can be observed which was
observed  in flat plate CAI tests [7]  without any exception.  Although this failure band
formation can be well correlated experimentally with the transverse delamination penetration
in the case of flat plates, ambiguous mechanism remains unexplained in the detail in the
present stiffened panels.  At least, the delamination buckling behavior must be a trigger of the
final failure in the present case.  In Fig.12 with a very small size of delamination, the final
failure occurred along the loading end platen and it was not influenced by delamination.  This
finding is in accordance with the stress-strain behavior indicated in Fig.9.  Therefore, this CAI
value of 426 MPa is estimated to be close to the compression strength of the present panel
without delamination.  A failure mode similarity to the NASA or SACMA plates with small
delamination radius was verified in Fig.12.

CAI results for three stiffener panels are being obtained now and they would be demonstrated
at the presentation. Thus, a description in the current text is skipped.

PREDICTION OF BUCKLING BEHAVIOR BY FINITE ELEMENT ANALYSIS

Numerical analysis by a finite element method was conducted with simplified delamination
location between skin and stiffener.  A commercially supplied code, NISA-II, capable of
handling laminate elements was used here.  The used elements were 4 or 8 nodes
isoparametric shell elements composed of assigned stacking sequence of unidirectional plies.
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Outside of delaminated regions, skin-stiffener attachment flange was merely modeled as a
thicker plate with total number of plies of both constituents where the thickness of fusion
bonding film was neglected.   This treatment implies that a slight local bending-stretching
coupling may exist according to an unsymmetrical stacking sequence.   In order to idealize a
delaminated panel, a single delamination was assumed to exist between a skin and a hat
stiffener.  A projection shape of delamination was simplified into a rectangle nevertheless the
true shape was the one as shown in Fig. 4.  An important point of difference from the reality
may be the following: Delamination edges along the fusion bonded region were considered to
be free against opening deflection whereas narrow but tight bonded area remained along these
edges according to a C-scan image.  Boundary conditions along the loaded and the side edges
were assumed to be fixed and simply supported, respectively, under consideration of potting
material as discussed in Ref. 3 and tubular knife edges.  Buckling under flat compression
loading was simulated in the following manner.  A static analysis was done first under the
same specified end shortening at all the nodes along the loading edge and reaction forces at
these nodes were obtained.  Linear buckling analysis was done next using corresponding
nodal forces along the loading line.

The employed elastic moduli for unidirectional CF/PEEK lamina are as follows: EL = 117.3

GPa, ET = 10.3 GPa, GLT = 4.62 GPa, νL = 0.38, and νTT = 0.5  which are  compatible with
the experimental values adopted in Ref. 3.  Ply thickness values for skin and stiffener regions
were determined as 0.125mm and 0.13mm, respectively, from each measured thickness
divided by ply number.  An example of a numerical deformation pattern in the buckled state is
shown in Fig.13 where absolute value of deflection has no meaning according to the nature of
the eigenvalue problem. Because the delaminated area are assumed to be a rectangle as stated
above, skin deformation pattern looks more square than reality.  Initial buckling stress of 201
MPa was obtained and plotted by a symbol of < in Fig.8, whereas experimental buckling
stress of 185 MPa determined through back-to-back strain gages was also plotted by   on
the left axis in Fig.8.  Note that stresses are merely plotted on the vertical axis.  A correlation
between these predicted and experimental buckling stress is shown to be very favorable.
However, because the shape and area of the delaminated region, and  geometrical structure of
delamination were simplified very much in a finite element modeling, this good agreement is
not considered to be a perfect description of this sort of complicated problem but some
coincidence makes the agreement favorable. A discussion about this point may be
summarized conservatively as follows:  The present modeling of delaminated stiffened
structure can predict a trend in deformation pattern of initial buckling and an approximate
value of its initial buckling stress.

Fig. 13:  Deformation Pattern in a Buckled Single Hat Panel under Flat Compression
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CURRENT  CONCLUSIONS

A fabrication technology of stiffened panels using secondary fusion bonding without
autoclave was pursued with a considerable success.  Two key factors in the technology consist
of a development of a mold with embedded heaters and adaptation of fusion bonding film to a
thermoplastic composite substrate.  A goal of this technology is to realize an affordable
CF/thermoplastic structure for future civil transport aircraft.  A  stiffener shape of  a hat was
chosen so as to optimize buckling load and compatibility for fusion bonding.  Single and three
hat stiffener panels were fabricated of CF/PEEK (AS4/APC-2) material system.  Both panels
exhibited similar or superior delamination resistance under impact loading to panels of CF/
PEEK containing four T-stiffeners which were fabricated and tested previously.  CAI
strengths of the present single stiffener panels are greater than those obtained for the 4-T
panels.  Thus, the present fusion bonding technology is proven as a potential fabrication
method for an affordable thermoplastic composite component.  Some part of the reason why
the present no impact strength is higher than that of the 4-T panels can be attributed to a better
buckling resistance of hat stiffeners than T’s.  Numerical predictions by finite element
analysis were conducted for a simplified mechanical model of a delaminated panel.  In terms
of an initial buckling stress, correlation between the predicted  and experimental values was
favorable.  Further effort will be required for complete prediction of the behavior in the
postbuckling region.

Because a baseline technology for low cost thermoplastic composite structures is established,
NAL of JAPAN is seeking to find an application route of heat-resistant thermoplastic
composites to future high speed commercial transport where weight reduction is a crucial
technological barrier.  A candidate resin there is not PEEK but PIXA, semi-crystalline
polymer by Mitsui-Toatsu Co. JAPAN.  Fortunately, the present fusion bonding technology
for CF/PEEK can be directly transferred to CF/PIXA material system.  Structural test results
for this new system will be presented in the future.
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SUMMARY:   The strength of a biomimetic CFRP laminate with a stacking sequence similar
to that found in many animal hard tissues is examined.  The static strength of the biomimetic
laminate with holes of different diameters is compared to that of a standard quasi-isotropic
and a cross-ply laminate.  The first two have similar elastic moduli and strengths without a
hole.  The ratio of notched to unnotched strength is also nearly the same, while the cross-ply
laminate has the lowest ratio.  This difference is explained in terms of the extent of an
equivalent damage zone, which depends on the laminate’s architecture.  The implications of
the findings for the design of damage-tolerant laminates are discussed.

KEYWORDS:   biomimetic composite, damage tolerance, notched sample, strength ratio,
fracture, fiber orientation distribution

INTRODUCTION

Biological materials derive remarkable mechanical properties from their composite nature and
reinforcement architecture.  Many biological composites are fiber-reinforced laminates
similar to plywood, with a fiber orientations that varies through their thickness in relatively
constant angle steps [1-3].  As these composites often have a protective or structural function,
such as in insect cuticles, it has been assumed that this fiber architecture may give them a
particularly good strength or damage tolerance.  If this should be the case, a biomimetic
microstructure would be a way to make improved composites [3, 4].  Tests have shown that
the quasi-static moduli and unnotched strength of a biomimetic and a conventional quasi-
isotropic laminate are nearly the same.  Gunderson and Whitney however showed that the
impact resistance of the biomimetic laminate, in terms of energy and force to initiate
delamination, was better than that of a standard quasi-isotropic laminate [3].  To examine the
post-impact performance, this paper presents results on the quasi-static behavior of a
biomimetic laminate including some damage.  It examines the sensitivity of a biomimetic
laminate to the presence of a damaged area, here modeled as an open hole, and compares the
residual strength and the fracture patterns to those of conventional quasi-isotropic and a cross-
ply laminates.

THEORETICAL BACKGROUND

Various authors, including Neville [1], Giraud et al. [2], and Gunderson and Whitney [3] have
shown examples of biological laminates with a fairly regular angle difference of about 78º
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between successive plies (Fig. 1).  This lamination scheme, selected for the biomimetic
laminate in the present study, gives a double helical lay-up with angle steps of 24º  for each
helix.  For a 16-ply laminate, the outermost plies are oriented at 90º with respect to each
other, and the laminate is nearly quasi-isotropic.

The damage tolerance as related to the ratio of strength of a laminate with and without a hole
was analyzed by the Damage Zone Criterion (DZC) approach developed by Eriksson and
Aronsson [5].  The actual, two-dimensional damage in the laminate is modeled as a fictitious
crack extending from the hole perpendicularly to the applied load.  The residual stress acting
on this crack of length d representing the damage zone is assumed to be constant.  The
stresses ahead of this crack correspond to a linear elastic stress distribution for an anisotropic
plate:

σ r = σ o,  x ≤ d

σ r =
σ a

2
2+ R2 + 3R4 − (KT

∞ − 3) 5R6 − 7R8[ ]{ },  x ≥ d

R = D 2x
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 is the stress on the reduced section, σo
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where Aij are the laminate stiffnesses. The elastic properties of the laminates were calculated
using classical lamination theory [6].  A correction was made for the finite width of the
samples.  This however gives a negligible calculated difference for the sample dimensions
used here and is thus not absolutely necessary.  The integral of the stresses on the net section
must equal the applied load:

σawt

2
= σ otd + σo + σ r −σ r x= D / 2 +d( )tdx

D / 2+ d

w / 2

∫ (3)

Fig. 1: Lay-up of the biomimetic composite laminate

The critical damage zone size d* can be calculated from this equation at the ultimate load σ N

of the sample with a hole [5].  This damage zone size is taken as an indicator of the damage
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tolerance of the laminate.  A larger damage zone at failure would point to a higher damage
tolerance, as it gives a higher ratio of strength with a hole to strength without a hole.

EXPERIMENTAL

The samples were made from unidirectional (UD) AT400/EP carbon fiber-reinforced epoxy
prepregs (Asahi Kasei Corporation, Japan).  The cured material had a longitudinal modulus of
117Gpa and a transverse modulus of about 11GPa.  Laminated plates consisting of 16 plies of
prepreg were cured in an autoclave at a pressure of 6bar and 130°C for two hours.  The
samples were slow cooled under pressure by turning off the heat in the autoclave, in order to
minimize internal stresses.  The resulting laminates had a thickness of 1.98mm, ±0.06mm.
The cured plates were cut into 20mm wide samples with a water-cooled rotary diamond saw.
The samples were then left to stabilize at room temperature and humidity for at least one
week.  The lay-ups of the samples for this study are given in Table 1.  Samples were tested
without hole and with a central 4mm or 5mm diameter hole corresponding to a ratio of hole
diameter to sample width of 1/5 and 1/4.  The CFRP samples were clamped between two
5mm thick acrylic plates during drilling, in order to keep damage around the hole during
machining to a minimum.  The samples without and with a hole had a gauge length of 120mm
and 80mm, respectively.  Tapered GFRP tabs were bonded to the sample ends to reduce the
likelihood of damage or slippage in the grips.

The tensile tests were conducted monotonically up to failure at a cross-head velocity of
1mm/min.  For the samples without holes the extension was measured by strain gauges
bonded to both sides of the samples.  Strength results were accepted only for samples in
which failure damage did not extend into the gripping areas.  For the samples with holes, the
load-extension curve and the peak force were recorded.  The stress was calculated based on
the full section of the sample.

Table 1:  Definition of sample types

Sample Lam. type Laminate lay-up

CP Cross-ply (0º/ 90º )4s

QI Quasi-isotropic (0º / 45º / 90º/ -45º )2s

BM Biomimetic (0º  /-78º  /24º /-54º /48º  /-30º  /72º /-6º // -84º  /18º /-60º  /42º  /-36º  /66º /-12º
/90º )

RESULTS AND DISCUSSION

The biomimetic and the standard quasi-isotropic laminates had nearly the same elastic
modulus, while the cross-ply laminate was much stiffer (Table 2).  The experimental moduli
of the plain laminates are all within 5% of the predictions.  The symmetric quasi-isotropic and
cross-ply laminates had no extension/flexural coupling.  The transverse strains on opposing
surfaces of the biomimetic laminate, however, differed significantly, as the axial stress led to
a bending about the longitudinal axis.
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Table 2: Elastic properties of the unnotched laminates (calculated values in parentheses)

Sample E1 [GPa] νν σσo [MPa]

CP 66.47 (64.4) 0.065 901

QI 48.84 (50.8) 0.335 676

BM 49.38 (52.0) / 47.98 (52.0)* 0.320 / 0.333* 654 / 619 *

*  in two normal directions, parallel to surface fibers

The unnotched laminates had a linear stress strain curve until failure.  All samples failed on
the free length, away from the grips.  The strength of the biomimetic samples was 3-8% lower
than that of the quasi-isotropic laminate.  The cross-ply sample’s strength was about one third
higher, as a result of the higher proportion of strong 0º plies.  The fractured zones had
different appearances in all three samples.  The cross-ply samples broke along a straight,
slightly jagged line, perpendicular to the sample’s axis, and damage was localized in the
vicinity of the fracture.  On the other hand, the damaged area in the quasi-isotropic and
biomimetic laminates extended over a length corresponding to more than twice the tensile
sample’s width, with extensive delamination and splitting.  The biomimetic laminate samples
also failed in compression in the longer half of the broken sample, upon recoil at tensile
failure.  This happened for none of the two other laminate types, and may be due to a lower
apparent compressive strength of the unsymmetric biomimetic laminate.

The notched strength, the notched-to-unnotched strength ratio, and the equivalent damage
zone size calculated from the strength ratio are reported in Table 3, for laminates with two
different hole diameters.  The strengths of the biomimetic and quasi-isotropic laminates with a
ø4mm hole were about the same.  With a ø5mm hole, the biomimetic laminate had a clearly
higher strength.  Its strength ratio with a ø4mm or ø5mm hole was slightly over 4% higher
and nearly 15% higher, respectively, than that of the quasi-isotropic laminate.  Its strength
was also less variable than that of the latter.  Although the cross-ply laminate had a much
higher unnotched strength than the others, its notched strength was just 11% higher than that
of the quasi-isotropic and biomimetic laminates, and its strength ratio was almost 20% lower
for a ø4mm hole.  From these results, it would seem that the biomimetic laminate is slightly
more tolerant to damage in the form of a hole than the quasi-isotropic laminate, and that this
characteristic is more pronounced for larger hole diameters.  Further tests are planned with
other hole sizes, to verify this.

Table 3: Failure loads of the laminates with holes and calculated critical length of the
representative damage zone.  Standard deviation given in parentheses

Sample D [mm] σσN [MPa] σσN //σσo d*

CP 4.0 459.1 (14.1) 0.510 0.45

QI 4.0
5.0

407.3 (49.3)
351.1 (26.4)

0.603
0.519

0.89
0.72

BM 4.0
5.0

399.8 (19.7)
379.4 (18.1)

0.628
0.596

1.01
1.13

The calculated equivalent damage zone d* at failure for the samples with the ø4mm hole was
about 13% larger in the biomimetic than in the standard quasi-isotropic laminate.  For a
ø5mm hole, it was over 50% larger.  The size of d* for the cross-ply laminate was by far the
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lowest, at less than half the value for the biomimetic laminate.  The higher value of d*
indicates a more extensive lateral propagation of the damage before failure of the sample.
The dependence of the extent of the damage on the laminate lay-up has been modeled by
Chang et al. [6].  The present results concord with the analytical results of that group for the
cross-ply and quasi-isotropic laminates: whereas the cross-ply samples failed suddenly,
without prior sign, the development of damage in the quasi-isotropic samples was signaled by
sharp, high-pitch sounds as failure approached.  Although the biomimetic laminate had a
similar calculated extent of damage at impending failure, d*, as the quasi-isotropic laminate,
its different reinforcement geometry is expected to lead to a different spatial distribution of
the damage.  The broader distribution of angles between plies and the loading direction is
expected to lead to a wider range of interlaminar shear stresses near the edge and the hole, and
thus to a more progressive evolution of damage.  This will be investigated in the future.  The
stress distribution in the reduced section calculated by the DZC approach for a hole of ø4mm
is shown in Fig. 2 for the three sample types.  The distributions for the quasi-isotropic and
biomimetic laminates are nearly the same, with the former having a higher stress in the
damage zone, corresponding to the higher unnotched strength.

Fig. 3 illustrates the fracture observed in the samples with a ø4mm hole.  The pictures are also
fairly representative of the different fracture patterns observed in the samples with the ø5mm
hole.  The notched cross-ply laminate, like the unnotched sample, broke along a straight line,
and the damage, involving mainly fiber breakage, was very localized.  The locations of the
fracture in the two legs of the reduced section were somewhat staggered.  In the quasi-
isotropic sample, the fracture ran at 45º from the hole, leading to a 90º V-shape.  This was
accompanied by delamination exposing mainly 45º layers and some loose debris of pulled-out
delaminated layers.  When the surface fibers were parallel to the sample’s axis, extensive
splitting occurred, while some spalling occurred for 0º surface layers.  In the biomimetic
laminate, the angle of the V-shaped fracture was larger, and much less splitting was observed
in the surface layer with longitudinal fibers.  Delamination exposed mainly layers with fibers
at angles above 45º, leading to the conclusion that the other layers, at angles closer to 0º,
failed by fiber breakage.  The fact that more fiber breakage could be achieved at fracture for
the biomimetic lay-up may explain the higher relative strength of the notched samples.
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Keeping in mind its higher resistance to impact damage initiation [3], the higher notched
strength ratio of the biomimetic laminate further contributes to its better overall damage
tolerance compared to the standard quasi-isotropic laminate.  The tradeoff for this increase in
performance is the higher complexity of the lay-up, requiring more care during production.
With current automated, computer-controlled manufacturing methods, this should however be
a minor problem when increased damage tolerance is really desired.

CONCLUSIONS

The plain and notched strength of a biomimetic laminate with a reinforcement architecture
similar to that used in biological composites has been examined and compared to the strength
of conventional quasi-isotropic and cross-ply laminates.  For plain samples without a hole, the
modulus of the biomimetic laminate is about the same as that of the quasi-isotropic one, and
its strength is only slightly lower.  Both have a lower strength than the cross-ply laminate.
When a hole is introduced into the laminate, the strength of the biomimetic laminate is
decreased less than that of the quasi-isotropic, and much less than for the cross-ply laminate.
This higher strength ratio and the larger size of a calculated equivalent damage zone indicates
a somewhat superior damage tolerance of the biomimetic laminate under tension.  This
quality is more pronounced for the larger hole size in the present investigation.  It is proposed
to be a result of the broader distribution of fiber angles leading to a wider range of
interlaminar stresses near the edges and hole.  As the biomimetic laminate is also more impact
resistant, its overall damage tolerance is clearly better than the conventional quasi-isotropic
laminate.
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SUMMARY:   In this paper work aimed at characterizing the influence of low-velocity
impact damage and loading parameters on fatigue response of AS4/3501-6 quasi-isotropic
laminates is presented.  Constant amplitude compression-compression fatigue tests indicate
that the impact induced delamination does not growth in the absence of local buckling effects
and for the load levels below 50% of the CSAI (Compressive Strength After Impact).  In the
presence of overloads maximum compressive strain that these laminates can sustain without
damage growth is reduced substantially, and block loading tests indicate that the high/low
sequence is more damaging than the low/high loading sequence.  Constant amplitude tension-
compression fatigue of impacted laminates shows negligible differences in terms of life and
damage propagation modes when compared to the undamaged specimens.  Results of this
study suggest that clearly defined damage tolerance criteria for impacted composite laminates
can be derived from a limited number of tests.

KEYWORDS:   impact damage, post-impact fatigue, damage tolerance

INTRODUCTION

In aircraft applications composite panels are routinely subjected to both low-velocity impacts
and long term mechanical loading (fatigue).  These loading events cause damage to develop in
the form of fiber breakage, matrix micro-cracking, and delaminations which lead to material
property degradation with the most severe being compression strength. This reduction
represents one of the major issues for satisfying the safety requirements of the aircraft
structures.  Strength reduction of impacted composite panels has been studied extensively
over the past decades, and it has been shown that it depends both on the type and extent of
damage.

The post-impact fatigue behavior has been studied by a number of researchers on different
materials, lay-ups, and for different loading conditions.  Stellbrink [1] studied the fatigue
behavior under the tension-compression loading of T300/69 and T300/914 quasi-isotropic
laminates.  From S-N curves, it was concluded that the rate of life reduction is higher for
undamaged than for damaged specimens, and that test data agree better with the sudden death
model than with the degradation model.  Influence of impact damage on fatigue behavior of
AS4/3501-6 laminates under tension-tension (T-T), tension-compression (T-C), and
compression-compression (C-C) loading was studied by Ramkumar [2].  Fatigue testing was
performed at stress levels above 60% of the ultimate strength, and while most of the
specimens subjected to T-T loading survived 1 million cycles, all specimens loaded in T-C
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and C-C failed well before.  The author concluded that tensile loading, static or fatigue,
represents the least severe mode to cause additional damage in impacted laminates.  In
another experimental study by Ramkumar [3],  the effect of imbedded (idealized)
delaminations on the compression behavior of three different stacking sequence of quasi-
isotropic T300/5208 graphite/epoxy laminates was investigated.  From the S-N data, it was
concluded that the threshold value of the maximum compressive stress, at which failure is not
expected to occur, depends on the location and shape of the implanted delamination.  Also,
the occurrence of delamination growth and its direction is shown to be dependent of the
laminate stacking sequence and its through-the-thickness location, and the failures were
induced predominantly by the propagation of imbedded delaminations to the tab region.
Blaricum et al., [4], studied the compression dominated loading based on the modified
FALSTAFF flight by flight sequence on a [+45/-45/0/0/]7S XAS-914C impacted specimens.
Fatigue testing is performed under the maximum compressive strain of 0.36%, a value close
to the design strain used in military aircraft.  It is reported that for this type of material and
lay-up, the low load levels can be deleted from the testing sequence with no significant effect
on fatigue life, and that the duration effect of high-level loads does not influence fatigue life
significantly.  Some researchers have suggested the fatigue damage tolerance criteria for
impacted composite structures that require only static loading [5].  This is based on
observations that the impacted composite panels have very flat compression S-N curves, and
that although compression strength is greatly influenced by the impact damage, any
subsequent reduction under fatigue loading is minimal.

While the real service loads are usually kept much lower than the ultimate failure loads, most
of the research work on fatigue of composite laminates with impact induced damage has
focused on the final failure.  The objective of this study is to determine the influence of
loading parameters on impact induced delamination growth during fatigue loading, and the
fatigue design limits (delamination growth thresholds) for composite laminates containing
barely visible low-velocity impact damage.  Specifically the effects of load type, load level,
load sequence, and the effect of overloads, their magnitude and place in the load spectrum are
of interest in this study.  Method to accelerate fatigue testing is suggested by extending the
results of compression dominated constant amplitude and block loading tests to random
fatigue loading.

EXPERIMENTAL SETUP

Quasi-isotropic [0/+45/-45/90]S4 laminates made from an AS4/3501-6 graphite/epoxy
material system were used in this study.  Gage length of the coupons for static and fatigue
tests of 38.1 x 38.1 mm was chosen to prevent the occurrence of buckling effects in the
presence of compressive loads.  Impact tests are performed on a Dynatup 8200 drop weight
impact testing machine with a 6.35 mm and 12.7 mm tup diameters and 4.3 kg impactor
weight (cross-head and tup). A modified SACMA SRM 2-88 impact fixture was used to
provide the necessary support for the specimens.  Modifications were made to accommodate
specimens dimensions used in this study, and consisted of a smaller 25.4 x 25.4 mm square
cutout instead of the recommended 76.2 x 127 mm cutout.  In conjunction with the Dynatup
8200 drop weight impact testing machine, the model 730-I data acquisition and analysis
system was used which can provide complete records of impact energy and force as a function
of time.  Static compression tests are performed on a 50 kN capacity Instron test frame.  The
specimens were loaded at a displacement rate of 1.27 mm/min, per ASTM D3410-75
standard.  An end-loaded compression testing fixture was used, which is similar to NASA
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short block compression fixture.  The test fixture was placed in the test frame upon a spherical
seat which provided alignment of the specimen during compression.  Following static tests,
the fatigue was performed on a 10 kN capacity Instron test frame. Monitoring damage
progression during fatigue loading, via X-ray radiography, was done periodically to asses the
change of the damaged area as a function of loading parameters.

IMPACT DAMAGE EVALUATION AND COMPRESSIVE STRENGTH
AFTER IMPACT (CSAI)

Initial impact tests were performed to determine the influence of impact test parameters on
damage development.  Impact energies were adjusted to produce barely visible impact
damage for subsequent fatigue loading.  The overall impact damage area, in the form of a
delamination, has been determined via X-ray radiography, and the observed damage size is
plotted versus the incident impact energy in Figure 1.a.  Caution should be taken when
interpreting results for the maximum damage diameter of 25.4 mm achieved in these tests,
since it coincides with the 25.4 x 25.4 mm square cutout of the clamping fixture.  That is, the
damaged area might have been larger if the boundary conditions in these tests were different
(i.e., for the larger unsupported area).

Fig. 1.   a) Damage area vs. the incident impact energy
b) CSAI as a function of impact test parameters

As can be seen from Figure 1.a, some specimens that were impacted with the same incident
energy of 1.9 Joules, displayed different damage patterns. That is, some specimens contained
delaminations 12.7 mm in diameter, while others showed no damage at all.  Even sectioning
and microscopic examination of these specimens revealed the absence of any damage in the
form of matrix cracking or delamination, suggesting that there exists an impact energy
threshold below which damage cannot be found (~ 2 J for this material system and lay-up).
Above this threshold energy, significant damage occurred, corresponding to 12.7 mm
diameter of damaged area and resulting in a damage diameter to specimen width ratio (d/w) of
0.33.  Other researchers have also reported the existence of the minimum energy required to
cause an impact damage.  Choi et al. [6] reported that an impact energy threshold exists for
T300/976 graphite epoxy cross-ply composites. The study also showed that stacking sequence
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significantly influences the impact energy required to initiate impact damage. Reported values
range from 0.52 to 3.1 J, which is similar to the values obtained for our material system. In
another study [7] various lay-ups of the carbon fiber reinforced thermoplastic toughened
epoxy (IM7/977-2) were investigated, including cross-ply and quasi-isotropic. The
normalized energy at the onset of incipient damage was found to be on the average 1.5 J/mm
(or 9.75 J, if expressed in the total impact energy).  These values are much higher than
observed in our investigation, which is as expected for 977-2 toughened epoxy system.

Since the objective of this research is to investigate the fatigue growth of barely visible impact
damage, an incident impact energy producing a repeatable damage pattern was chosen (2.1 J).
A summary of static compression tests of these specimens is presented in Figure 1.b,
including all relevant test parameters and associated compressive strengths.  As can be seen
from the figure, samples that did not contain visible damage showed negligible degradation in
the compressive strength with respect to the undamaged specimens.  That is, the average
CSAI of these specimens (600 MPa) is very close to the value of 621 MPa obtained on
undamaged samples.  It can be concluded that the compressive strength of impacted
specimens is only function of the damage present, agreeing well with the results of Cairns and
Lagace [8].  That is, the damage was caused by different impactor mass, velocity and
boundary conditions, but for the equivalent damage an equivalent compressive strength is
measured.  Furthermore, while subjected to slightly different impact energies and different
impactors, samples with approximately same delamination of 12.7 mm in diameter
experienced very similar compressive strength reduction (Figure 1.b).  Average CSAI of these
samples is 470 MPa (with a small standard deviation of 18 MPa), which corresponds to 25%
reduction when compared to the undamaged specimens.  Stellbrink [1] has reported
compressive strength reduction of ~50% for impacted T300/69 and T300/914 quasi-isotropic
laminates with d/w ratios of 0.32 - 0.44, while Ramkumar [2] investigated the behavior of
impacted AS4/3501-6 laminates and observed ~65% reduction in compressive strength.
While the ratio of the damaged area with respect to the overall specimen's dimensions in
Ramkumar study is almost the same as in current study (i.e., d/w of 0.33), the strength
reductions are substantially different.  It seems that more accurate qualification of the impact
damage, rather than the overall damaged area, is needed in order to compare different test
results.  Furthermore, compression test method, gage length of the specimen (buckling
effects), and definition of the final failure are also parameters which are important in defining
the CSAI.  The actual ‘delamination failure’ of the coupons in this study occurs at ~380 MPa,
while the final collapse of the specimens occurs much later at ~470 MPa, which is defined as
the compressive strength after impact.

POST-IMPACT FATIGUE BEHAVIOR

Summary of fatigue test results including the type of loading, load levels, test frequency and
the number of cycles for each specimen is outlined in Table 1.  Two specimens were tested
per each load level which were chosen between 30 and 70% of CSAI.  It should be noted that
the variable test frequency (smaller for higher stress levels) was dictated by the limitations of
the test frame capacity.
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Table 1.  Test matrix for constant amplitude and block loading

Specimen
#

Test frequency
[Hz]

Load level
[% of CSAI]

N
# of cycles

Constant Amplitude Compression-Compression
32A6 7.5 40 % 1,000,000
32A7 7.5 40 % 1,000,000
33B1 7.5 50 % 1,000,000
33B4 7.5 50 % 1,000,000
34A8 5 60 % >500,000
35A5 5 60 % >400,000
33B2 4 70 % 141,607*
35A6 4 70 % 100,000*

Specimen
#

Test frequency
[Hz]

Load level
[% of CSAI]

N
# of cycles

Compression Block Loading (High/Low)
33B3 4

10
70 %
30 %

100
1,000,000

33B5 4
7.5

70 %
40 %

100
1,000,000

Compression Block Loading (Low/High)
31C7 7.5 40% 1,000,000

4 70% >100,000
32A6 7.5

4
40 %
70 %

1,000,000
45,296*

Constant Amplitude Tension-Compression
32C5 7.5 30 % 1,000,000
32C6 7.5 30 % 1,000,000
31C5 5 40 % >600,000
33A6 5 40 % 376,602*
33A5 5 50 % 70,500*
31C4 5 50 % 110,000*

* indicates cycles to final failure

CONSTANT AMPLITUDE (C.A.) COMPRESSION-COMPRESSION (C-C)
LOADING

The extent and mode of delamination growth under compression loading varied significantly
depending on the applied load level.  For specimens cycled at 40 and 50% of CSAI, the
impact induced damage did not grow under cyclic loading up to 106 cycles.  At higher load
levels corresponding to 60% of CSAI only minor growth of impact damage was observed.
Moderate delamination growth initiated after 2,000 cycles, and it reached the tab region of the
specimen after 50,000 cycles. Schematic representation of this damage pattern, as observed by
X-ray radiography, is presented in Figure 2.  Growth of this thin delaminated region occurred
on the rear impacted side of the specimen, along the lines of impact induced matrix cracks in
the outer 0o ply, and is attributed to local buckling of the outer plies.  At higher load levels
(70% of CSAI) different and more severe type of damage growth was observed, as can be
seen from Figure 3.  Although there are some variations between specimens, delamination
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extended throughout the entire gage section at ~10,000 cycles.  This was a consequence of
'delamination failure' which occurred between 100 and 1,000 cycles.  Microscopic
examination of specimens tested at 70% CSAI indicate more severe damage which spans few
outer plies on the rear impacted side of the specimen.  However, catastrophic failure of these
specimens occurred much later, at more than 100,000 cycles.  Again, buckling of the outer
plies on the rear impact side was the major factor governing delamination growth at this stress
level.

N = 0 N = 2,000 N = 5,000 N = 50,000 N = 500,000

Fig. 2.  Growth of impact damage under compression-compression fatigue (60% of CSAI)
N = 0 N = 10 N = 100 N = 1,000 N = 10,000

Fig. 3.  Growth of impact damage under compression-compression fatigue (70% of CSAI)

S-N curves of impacted and previously [9] tested undamaged specimens are presented in
Figure 4.a.  Stress levels in this figure are normalized with respect to the ultimate compressive
strength (UCS) of undamaged specimens, where 100% of CSAI corresponds to 75% of UCS.
It is evident that the fatigue life of impacted specimens is reduced when compared to
undamaged coupons, especially at higher load levels (> 60% of CSAI or 45% of UCS) where
local buckling and damage growth due to delamination failure govern the fatigue response.
At lower load levels for which damage did not grow in fatigue, similar performance in terms
of life is observed.
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Fig. 4.  Strength vs. number of cycles (S-N) curve for undamaged and impacted specimens
a) C-C loading, b) T-C loading.   Note: stress levels are normalized with respect to the

ultimate compressive strength (UCS) of undamaged specimens
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CONSTANT AMPLITUDE (C.A.) TENSION-COMPRESSION (T-C) LOADING

The damage growth under the tension-compression loading resembled the fatigue behavior of
undamaged specimens.  Specimens cycled at ±30 of CSAI revealed only ply cracking, and no
growth of impact damage up to 106 cycles.  At higher load levels of ±40 and ±50 of CSAI
both ply cracking and edge delamination are observed, together with the minor impact
damage growth.  Schematic representation of the damage pattern at ±50 of CSAI  is presented
in Figure 5.  While the growth of very thin delaminated region occurs prior to the growth of
delamination from the edges, it is the edge delamination that actually governs the fatigue life
as in the case of non-impacted specimens.  Furthermore, comparison of S-N curves of
impacted and previously [9] tested undamaged specimens (Figure 4.b) reveals no differences
between the two.  Due to the most damaging nature of T-C loading, failure of the laminates
occurs at lower load levels than in C-C loading.  Therefore, the delamination failure, as
observed in constant amplitude C-C loading at 70% of CSAI has no practical importance in
T-C loading, and can not influence the damage growth modes for this type of loading.  These
results suggest that long and costly testing of impacted composite laminates is not necessary
for T-C loading as long as the life of non-impacted laminates is known.

N = 0 N = 50,000 N = 100,000 N = 110,000

Fig. 5.  Growth of impact damage under tension-compression fatigue (±50% of CSAI)

COMPRESSION-COMPRESSION BLOCK LOADING - EFFECT OF OVERLOADS

In order to determine the damage tolerance criteria for impacted composite laminates,
constant amplitude tests can provide useful information about the damage growth parameters
at different load levels.  Based on the results of C.A. tests the fatigue design limit without
impact damage growth for this material system and type of initial impact damage corresponds
to load levels less than 50% of CSAI (0.5% strain) in the presence of only compressive loads,
and ±30% of CSAI (0.32% strain) in tension-compression loading.  However, it has been
suggested that delamination in composite materials may grow very rapidly for a small load
range, and that small uncertainties in the applied load may lead to large uncertainties in
delamination growth [10]. This is especially important if the service loads are greater than
anticipated.  Therefore, the influence of overloads that might occur during the real service
conditions on damage growth and fatigue life is investigated next.  Since only minor damage
growth was observed for specimens tested below 60% of CSAI, emphasis was placed on the
sequence of occurrence of high load levels (i.e. 70%).

Two specimens were subjected to low/high block loading to asses the influence of this type of
load sequence on damage propagation.  After one million cycles at 40% of CSAI (with no
visible damage growth) fatigue was continued at 70% until the final failure.  Observed
delamination growth for these specimens was very similar to the coupons that were tested
only at 70% load level.  Comparison of normalized delamination area (area of damage / gage
section area) for constant amplitude and 40/70 block loading is presented in Figure 6.a.  As
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can be seen from the figure, for the same number of cycles at 70% the same trend in
delamination growth is observed.  Also, the number of cycles (at 70%) to final failure of these
specimens is comparable to the coupons fatigued at constant amplitude loading (see Table 1).
For other fatigue damage modes in composite materials (like ply cracking in tension
dominated fatigue) blocked tests have shown that low/high load sequence results in a greater
damage [9].  For that case the low loads by itself may not be damaging, but they may aid the
subsequent high load to produce greater damage than would otherwise occur without it.  For
the type of damage in this study the exact opposite behavior is observed.
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a) at 70% of CSAI for constant amplitude (70%) and low/high block loading (40/70%)
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Fig. 7.  Growth of impact damage under block compression-compression loading
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Effect of overloads that occur at the beginning of the load spectrum (high/low test sequence)
was investigated on two coupons which were initially exposed to 100 cycles at 70%, and
subsequently fatigued at lower stress levels (i.e. 30% and 40% of CSAI). Schematic
representation of the damage pattern for the second case, as observed by X-ray radiography, is
presented in Figure 7.  As indicated in this figure, following the overloads that cause
'delamination failure', delamination growth occurs even at these low load levels (for which no
growth of impact damage is observed in constant amplitude tests).  Normalized delamination
area is plotted versus the number of cycles for these two load sequences in Figure 6.b.
Examination of these data indicate that delamination growth threshold, for laminates
subjected to overloads, is even below 30% of CSAI.  Results also suggest that the high/low
test sequence for impact damaged composite laminates is more damaging than the low/high
sequence.

Based on the results of constant amplitude and block loading some conclusions about the
influence of higher load levels on damage progression during random spectrum loading can
be inferred.  Since high load levels represent less than 0.05% of the total number of cycles in
the transport wing spectrum test [11], their magnitude and sequence of occurrence is very
important for the appropriate design of standardized certification procedures for impact
damaged composite materials.  Since a full flight-by-flight spectrum test is long and costly, a
method of accelerating this test through truncation of either low or high loads is beneficial
[11].  Based on the results of this study, the damage progression modes are expected to be the
same for the baseline and truncated load spectrum as long as the highest load levels are kept
below the levels that cause ‘delamination failure’ (i.e., <60% of CSAI).  On the other hand, if
these high load levels are included in the test spectrum the truncation of either high or low
load levels (following a high load level) might lead to unreasonable estimates of fatigue life.
However, it should be pointed out that these suggestions apply only for the type of initial
damage as used in this study, that is, barely visible low-velocity impact damage.

CONCLUSIONS

Results of impact tests show that a correlation exists between the energy absorbed by the
composite during impact and damage induced in it.  Furthermore, static compression tests
demonstrate that the compressive strength is a function of the damage state only (i.e. absorbed
impact energy), and is relatively independent of other impact test parameters.  For the
laminates impacted close to the impact damage threshold (resulting in a damage-diameter-to-
width ratio of 0.33), a 25% reduction in compressive strength was measured.  Subsequent
constant amplitude compression-compression fatigue tests of these specimens indicate that the
delamination does not grow for load levels below 50% of the CSAI.  On the other hand,
coupons tested at 70% of CSAI and above, exhibited significant delamination growth even
after a few cycles.  The growth was caused by the delamination failure of the plies located on
the rear impact side of specimens.  Local buckling of delaminated plies was the reason for
delamination growth even when the load levels were reduced to 30% and 40% of CSAI.
Furthermore, block loading tests indicate that the high/low sequence is more damaging than
the low/high load sequence for compression-compression loading.  Fatigue behavior under the
constant amplitude tension-compression loading of impacted laminates shows negligible
differences in terms of life and damage propagation modes when compared to the undamaged
specimens, suggesting that the damage tolerance criteria for this type of loading can be
defined from a limited number of tests.
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SUMMARY:  By using the Taguchi method of experimental design, it has been possible to
demonstrate the influence of some processing factors on compression strength after impact of
carbon/epoxy composite materials processed by resin transfer molding. The parameters
studied were injection and holding pressure, mold temperature, fiber bundle size, tackifier
level, injection type and the interaction between injection pressure and mold temperature.
Statistical analysis of results leads to the conclusion that temperature and pressure conditions
modify the interface properties. Moreover, fiber bundle size, pressure, temperature and most
likely tackifier level affect the post impact compressive behavior of the materials.
Nevertheless, RTM can be considered as tolerant to process conditions variations.

KEYWORDS:  resin transfer molding, experimental design, processing, quality, compression
strength after impact

INTRODUCTION

Use of advanced composite materials in defense and aeronautics increased dramatically in the
last 30 years because these sectors could bear extra costs of production provided there was a
reduction in the component weight. The challenge which now has to be faced by aerospace
manufacturers is to reduce their costs. For this reason, the Resin Transfer Molding Process
(R.T.M.) currently provides new interest for the aeronautics industry.

Numerous studies have been performed to simulate flow of resin through preforms with
applications in mold design. A new requirement has arisen: the identification of the
relationship between process parameters and mechanical properties of the molded component.

Compression strength after impact is one of the most significant mechanical properties for
aerospace requirements. Resin transfer molding has been identified as a process through
which it is possible to improve impact resistance.

Therefore a study had been conducted experimentally to fill a part of the gap. Compression
strength after impact (C.S.A.I.) has been evaluated.
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BACKGROUND

Taguchi Method

Experimental design using the Taguchi method is well adapted to evaluate influence of
processing conditions on mechanical properties of RTM CFRP because the potential
parameters are numerous. Experimental design makes it possible to simultaneously minimize
the number of tests necessary and maximize the quality of results.

A test on assumed equality of variance between samples and in samples leads to a separation
of factors in three categories: very significant (VS), significant (S), not significant (NS). The
greater the variance between two levels, the more significant the factor concerned.

An effect is associated with a factor i and a level j. It represents what should theoretically be
added to the average value if the component has been molded at level j of the factor i. That is
to say the effect Eij of having been molded at level j instead of at average level. This effect is
defined as Eqn 1.

Eij=average at level j-general average                                            (1)

More details can be found in M.Pillet's book (1).

The main difficulty in this kind of problem is to establish a relationship between what
happens microscopically and macroscopically. It is all the more complicated because the
involved mechanisms are multiple. Moreover the expected effects are small at room
temperature.

RTM

RTM is a process in which a dry fibrous preform is impregnated by a thermoset to produce a
composite. In a prior stage called preforming the fibre layup is made to the shape of the
component to produce a preform. The role of the tackifier is to keep the shape of the
component and to make it stiff enough to be handled prior to injection.

It is now widely accepted, that in RTM, resin flow is governed by Darcy's law:Eqn 2.

<

v = − 
K[ ] 
µε

grad(p)
                                                        (2)

v: front velocity in porous media, µ : viscosity, ε: porosity (volume left free by fibers divided
by total volume), p: applied pressure K: permeability tensor.

In RTM porous media for impregnation are heterogeneous. In a component there are two
levels of heterogeneity, microscopic (fiber level) and macroscopic (fabric level). This implies
that there are two types of flow (around bundles and in bundles) and permeability.
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Available studies of the influence of process parameters on mechanical properties are rare.
Nevertheless Hayward and Harris [2] Dockum and Shell [3], Steenkamer [4], Young [5] and
Michaeli [6] have done some work in this area. But their conclusions are contradictory.

Impact Testing

Impact test procedure

The impact tests were performed using a drop weight tester. The specimens were clamped at
all corners with a rectangular window (75x125 mm), in agreement with Airbus Industrie test
method AITM 1-0010. The drop weight was released at a predetermined height to impact the
center of the specimen with a given energy. Restrike of the drop weight was prevented by
capturing it after first impact.

Non destructive control

Damage areas were measured with C-SCAN.

Compression after impact test procedure

Specimens (150x100 mm) were subjected to a compressive load using an antibuckling C.A.I.
test fixture. The compression tests were conducted at a constant cross head speed of 1mm/mn.

DESCRIPTION OF EQUIPMENT AND PROCESS

Our equipment consisted of:
- A square steel mold allowing fabrication of plates 400*400mm in different

thicknesses.With this mold we can do peripheral injection (using the whole feeder as
indicated on Fig. 1) or directional injection (by filling the side feeders).

- An heated 20T hydraulic press
- An RTM machine (pressurized pot) allowing injection up to 4 bars
- A vaccum pump
- A data recorder (pressures, temperatures, vaccum)

position of evacuation gate 
(to vacuum pump)

preform 

feeder

injection gate (from injection pot) 

Fig. 1: Top view of half mold with preform

The typical resin transfer molding cycle is as follows
1) cutting out of reinforcements
2) assembly of reinforcements
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3) preforming 5 min at 120°C under 2 bars (cohesion of reinforcements is achieved by a
tackifier that is a thermoplastic or a re-actifiable uncatalysed thermoset).

4) mold closure, vacuum application, resin degassing, and injection until mold is filled
5) holding pressure until no more material enters the mold
6) cure 75 min at 160°C
7) mold opening
8) post cure in autoclave following a programmed cycle (120 min at 180°C)

DESCRIPTION OF EXPERIMENT

Parameters

Parameters chosen for this study are: mold temperature, injection pressure, holding pressure,
fiber bundle size, tackifier level, injection type and interaction between mold temperature and
injection pressure. These parameters are varied between two values according to L8 taguchi
table (Table 1).

Table 1: L8 Taguchi table applied to RTM

specimen
no.

mold
temp.
(°C)

injection
pressure
(bars)

Temp.-
pressure
Interaction

holding
pressure
(bars)

tackifier
level
(g/m2/
face)

injection
type

fiber
bundle size
(filaments)

1 100 1 1 2 5 directional 3000
2 100 1 1 3 15 peripheral 6000
3 100 2 2 2 5 peripheral 6000
4 100 2 2 3 15 directional 3000
5 140 1 2 2 15 directional 6000
6 140 1 2 3 5 peripheral 3000
7 140 2 1 2 15 peripheral 3000
8 140 2 1 3 5 directional 6000

We discount the effects of cure and post cure because these two steps are not characteristics
of RTM.

What is specific to RTM is the fiber/matrix interface formation with defect creation during
injection caused by unknown mechanisms. From this one assumes that processing influences
fiber/matrix bonding and thus the mechanical properties of the composite.

Materials

Four fabrics were used, the fabric style was the same (balanced fabric), but fabrics are woven
from fiber bundles of different sizes (3K 400g/m2 or 6K 600g/m2), and contained two possible
levels of tackifier (5g/m2/face or 15g/m2/face). When different fiber bundle size are used,
different layups had to be used to achieve comparable bending stiffness (Table 2).

The injected resin is a special RTM single component epoxy resin .
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PRESENTATION OF DATA AND RESULTS

For each of the processing conditions, one plate is produced and in each plate six rectangular
samples were cut (150 (in O° direction)x100mm ). Specimens were impacted at 5J(x2), 10J,
15J, 25J, 35J.

Table 3: Mass and energy impact conditions

Impact energy (J) Drop weight (kg)
5 2,55
10 2,55
15 2,55
25 6,69
35 6,69
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As shown in Fig.2 different fiber bundle sizes do not lead to different maximum deflections.
It proves that working at the same bending stiffness [8] is justifiable and that the change in
properties is a consequence of processing and not a consequence of layup.

The plates produced with different materials can be easily differentiated on Fig.3 by bundle
size: 1,4,6,7 small (3K), 2,3,5,8 large (6K). But as presented in Fig.3 the data are not easy to
interpret and some more work is required .

INTERPRETATION OF DATA

Damage Surface at 5J Impact

For an impact event damage initiation first appears at the fiber/matrix interphase at low levels
of impact energy. There is an energy threshold at which microcracks appear at the
fiber/matrix interface. Then cracks propagate in the matrix and at the interface between two
plies. Thus the damage surface (measured by C.SCAN), for a low impact energy, will reflect
the level of fiber and matrix bonding. Results of variance analysis in agreement with Taguchi
method appear in Table 4.

The calculated value Fexp is more important than the tabulated value Ftheo95 for mold
temperature and Ftheo99 for fiber bundle size. Mold temperature and fiber bundle size have a
significant effect, and very significant respectively on damage area at 5J. For example, a mold
temperature increase from 100°C to 140°C is associated with a reduction of the damaged area
of 40 mm2 that is to say a variation of twice the effect (19.9 mm2).
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Table 4: variance analysis table for damage surface at low impact energy

Effect (mm2) Fexp Ftheo95
nu1=1,nu2=8

Ftheo99
nu1=1,nu2=8

sign.

mold temperature -19,9 6,21 5,32 11,26 S
injection pressure 6,63 0,69 5,32 11,26 NS
holding pressure -0,38 0 5,32 11,26 NS
tackifier level -11,63 2,13 5,32 11,26 NS
injection type -1,88 0,06 5,32 11,26 NS
fiber bundle size 46,38 33,8 5,32 11,26 VS
P-T interaction 13,63 2,92 5,32 11,26 NS

Increasing mold temperature favours fiber/matrix bonding (damage area reduction with
increasing temperature as indicated by the negative sign of mold temperature effect).

Influence of fiber bundle size is due to a structure effect (although laminates have bending
stiffness as similar as possible) and also a difference of impregnation induced by fiber
mismatch. The bigger the fiber bundle the more difficult to impregnate the bundle and the
more important the damage area.

Kittelson and al. [7] have shown influence of tackifier compatibility with the resin. At higher
temperatures tackifier level influences compression strength. In our study this parameter had
an effect, but was not statistically significant. It is likely that tackifier (level) is also important
(if temperature has to be considered ).

Compression Strength after Impact

A least square fit of experimental data points leads to an equation of CAIS as a function of
impact energy summarized in Table 5. Data are fitted to a power law : Eqn 3.

C . S . A . I . = K . E i ( ) 
n 

                                                       (3)

K: coefficient, n:exponent, Ei: incident energy

Analysis of coefficient and exponent by the taguchi method is shown in Table 6 and in Table
7. Pooling method was used to artificially increase the degree of freedom (D.O.F. to 3) of the
residual  so as to draw conclusions more easily.

Fiber bundle size, mold temperature and holding pressure have a (very) significant effect on
coefficient (Table 6).

Holding pressure has a positive effect on coefficient of C.S.A.I.. For example, increasing the
holding pressure from 2 to 3 bars is associated with a variation of twice the effect (+8.5 MPa)
that is to say an increase of coefficient of 17 MPa.
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Table 5:  equations for different process conditions

Plate n° equation

1 y=521x-0,2478 R2=0,967

2 y=468x-0,2301 R2=0,96

3 y=438x-0,2082 R2=0,97

4 y=532x-0,2503 R2=0,987

5 y=426x-0,2106 R2=0,983

6 y=501x-0,2379 R2=0,955

7 y=469x-0,2092 R2=0,97

8 y=421x-0,2052 R2=0,97

Table 6: Variance analysis for coefficient y:C.S.A.I. x:Ei

Effect  sum of
squares

DOF Var. Fexp Ftheo95
ν1=1,ν2=3

Ftheo99
ν1=1,ν2=3

sign.

Holding
pressure

8,5375 583,1 1 583,1 12,60587 10,1 34,1 S

injection
pressure

-2,99 406,4 1 406,4 8,785889 10,1 34,1 NS

Mold
Temp.

-17,8075 2537 1 2537 54,84249 10,1 34,1 VS

Fiber bundle
size

-33,7625 9119 1 9119 197,1426 10,1 34,1 VS

residual 138,8 3 46,26

Table 7: variance analysis for exponent

source Effect sum of
squares

DOF Var. Fexp Ftheo95
ν1=1,ν2=3

Ftheo99
ν1=1,ν2=3

sign.

Holding
pressure

0,005963 0,0003 1 3E-04 6,629955 10,1 34,1 NS

injection
pressure

-0,00669 0,0004 1 4E-04 8,340294 10,1 34,1 NS

Mold
Temp.

-0,00919 0,0007 1 7E-04 15,74159 10,1 34,1 S

Fiber bundle
size

-0,01139 0,001 1 0,001 24,18302 10,1 34,1 S

residual 0,0001 3 4E-05

Finally mold temperature and fiber bundle size have rather a negative effect on compression
strength after impact. Higher temperatures and fiber bundle size lead to a reduction of
compression strength of the material (Fig.4), and residual property also decreases faster with
impact energy . Different temperature and pressure conditions during injection influence the
mechanical property of the resin. It was proved that fiber bundle size, temperature and
pressure conditions have a statistically significant effect on compression strength after impact.
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These process parameters are supposed to act through modifying the resin’s capacity to
prevent fiber microbuckling and energy release rate (GIIc).

CONCLUSION

Experimental design made it possible to demonstrate the effect of some processing factors on
mechanical properties of RTM CFRP. We established the (limited) effect of temperature and
pressure conditions during injection on the final quality of composites. The initiation of
cracks is favoured by large fiber bundles and low injection temperature. The compression and
residual compression resistance are influenced by pressure, temperature and fiber bundle size.
The most significant effect found was fiber bundle size. Nevertheless, RTM can be considered
as tolerant to process condition variations.
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FREE VIBRATION OF DELAMINATED COMPOSITE
PLATES WITH CONTACT ANALYSIS

Meng-Kao Yeh and Ren-Cheng Lai

Department of Power Mechanical Engineering
National Tsing Hua University, Hsinchu 30043 Taiwan, ROC

SUMMARY:   The free vibration of composite laminated plates with through-the-width
delamination was investigated analytically and experimentally.  In analysis, Hamilton‘s
principle and the finite element method were extended to derive the free vibration equation
for the delaminated composite plates.  The transformation method, which reduced the degrees
of freedom of the plate, was applied to deal with the geometric compatibility between the
contact surfaces of upper and lower sublaminates in the delaminated region.  The free
vibration of the delaminated composite plate was treated as a two-dimensional plane-strain
eigenvalue problem.  In experiment, a shaker system was used to determine the natural
frequencies and the corresponding mode shapes for the delaminated plates.  The delamination
becomes significant to affect the natural frequencies as its size exceeds 50% of the laminate
length.  The natural frequencies of the delaminated plates decrease with increasing values of
fiber orientation and also decrease as the delaminated region located toward the center of the
composite plates.

KEYWORDS:  free vibration, natural frequency, composite plate, delamination

INTRODUCTION

Owing to high strength/weight ratio, composite materials have been widely used in the
aerospace, automobile, defense and civil industries.  However, there is occasionally some
defects in our daily used materials. Composite materials have defects as well.  Delamination
is one of the defects encountered in most composite laminated plates.  It results from low
velocity impact, fatigue loads and manufacturing defects.  Therefore, study of influence of
delamination on the composite laminates is rather important.

The dynamic characteristics of composite laminates were investigated by Rayleigh-Ritz
method [1], Galerkin Method [2, 3], and finite element method [4-10].  Among them,
Bhimaraddi [2] studied the effect of initial imperfection on the nonlinear dynamic response of
composite laminates;  Bicos and Springer [4] derived the free vibration equation of composite
laminates with damping by Hamilton‘s principle;  Dhanaraj and Palaninathan [5] and Ju et al.
[6] discussed the influence of initial stress on the dynamic characteristics of composite
laminates.  Shen and Grady [7], Tracy and Pardoen [8] and Ju et al. [9, 10] assessed the
dynamic characteristics of composite laminates with delamination.  Ju et al. [10] analyzed the
contact phenomenon at the delamination; however, they dealt with the case with node pairing
only.
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Among the methods related to contact mechanics, there are transformation matrix method
[11-13], penalty method [14, 15], Lagrangian multiplier [16, 17] and flexibility matrix method
[18].  The solution accuracy and stability of penalty method is determined by the magnitude
of penalty number and structural stiffness. The Lagrangian multiplier method needs additional
parameters.  When using the flexibility matrix method, the node pairing on both sides of
contacting surfaces is required.  The transformation matrix method satisfies the geometric
compatibility between the contacting surfaces and reduces the number of degrees of freedom
of the problem.  It deals with both sticking and sliding conditions on the contacting surfaces,
which was not discussed before for the composite laminates; therefore, it was used in this
study to obtain the dynamic response of the composite laminates.

In analysis, Hamilton‘s principle and the finite element method were used to derive the
system equation of the composite laminates.  The governing equation omitted the damping
due to its small effects on the composite laminates [19-21].  For the contact points, the
transformation matrix method was used and the contacting conditions were iterated.  The free
vibration of composite laminates was treated by a two-dimensional plane strain eigenvalue
problem to find the natural frequencies and mode shapes.  The material properties used in the
analysis were obtained from experiment.  In experiment, a shaker system was used to obtain
the dynamic characteristics of the composite laminates.  The size and the position of
delamination and the fiber orientation were varied and compared with results obtained from
analysis.

HAMILTON‘S PRINCIPLE

The contact effects on the free vibration response of composite laminates with through-the-
width delamination was investigated in this study.  Fig. 1 shows schematic of a cantilever
composite laminated plate with through-the-width delamination. Hamilton‘s principle is
expressed as [22]

δ δ( )T U dt W dtnct
t

t
t − + =∫∫

1

2

1

2 0                              (1)

where T is the total kinetic energy of the laminate system; U is the potential energy of the
system; δWncis the virtual work done by nonconservative forces; δ( )•  is a variation symbol;
t1 2,  t  are the times at which the system configuration is known.  Here

T= 1
2V

Tu udv∫ ρ� �                                      (2)

U= 1
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1
2V

T T
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dv E dv∫ ∫=τ ε ε ε[ ]                             (3)

W W Wnc F C= +                                    (4)

W u fdv u FdSF
T T

SV= + ∫∫                             (5)

W u F dA u F dAC A
T

CAS B
T

CBSc c
= +∫ ∫� �                       (6)

where u  is the displacement vector; �u  is the velocity; ρ  is the density; τ  is the stress; ε  is
the strain; [E] is the matrix of material constants; WF is the work done by the
nonconservative external force; WC is the work done by the contact force; f is the body force;
F is the surface tractions; FCA, FCB and uA, uB are the contact forces and displacements on the
surfaces above and below the delamination; V V VA B= +  and S S SA B= +  are the volume
and surface of the composite laminate; Sc is the contact area.
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The contact force �FC must be in equilibrium as � � �F F FC CA CB= = − .  Eqn 6 is expressed as

W u u F dAC A B
T

CSC
= −∫ ( ) �                                (7)

Transformation Matrix

The displacement aA of an arbitrary contact point p on the surface above delamination is
divided into three parts [11, 12] as: (i)gap displacement ap q→ , (ii)sticking displacement
aq r→ , (iii)relative sliding displacement ar s→ , as shown in Fig. 2.

a aA p s= → = ap q→ + aq r→ + ar s→ = [ ]N aB + t aS+ h =[ ]G a h+      (8)

where h is the gap displacement; [N] is the matrix of shape function; aB is the displacement
vector of point q below delamination; t  is the tangent vector of contact point below
delamination; aS is the magnitude of relative displacement.  Eqn 8 is the constraint condition
of the contact surface above delamination.  [G] includes [N] and t  and is called the
transformation matrix.  a is a combination of aB  and aS.  If point p doesn’t contact with
point on surface below delamination, [G] is a unity matrix, and a=aA , h=0.

Finite Element Method

The two-dimensional isoparametric quadratic element was used in analysis. The laminate is
divided into two parts; part A is above the delamination, part B includes regions below the
delamination and area without delamination (see Fig. 3).  In Eqn 7, u uA B−  is the relative
displacement of points above and below delamination; they can be expressed as
a ap s q r→ →− , as shown in Fig. 2.  After finite element discretization, the work done by the
contact force WC  is

WC= ( ) ( � )a a Rp s q r
T

C
j

J

→ →
=

−∑
1

= +
=
∑ (( � ) ( � ))t a h RT T

C
j

J

1
          (9)

where J is the element number above the delamination; [ ]R N F dAC CSc= ∫  is the contact
nodal force to be determined; �a  is the nodal displacement produced by contact force R C .
Both �a and R C  are to be determined.  The total kinetic energy, potential energy and work
done by nonconservative external force can be expressed in terms of [G] and a as
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= + +
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W G a h QF
T

A
j

JA
= +

=
∑ ([ ] ) ( )

1
+

=
∑ ( ) ( )a QT

B
j

JB

1
                  (12)

where JA  and JB  are the element numbers of part A and part B; [ ]M A  and [ ]M B  are mass
matrices; [ ]K A  and [ ]K B  are stiffness matrices; Q

A
 and Q

B
 are external forces.  Since

there is only contact force, no external force, on the contact surface, Q
A

= 0, Q
B

= 0, the
nodal contact force can be expressed by the nodal force equilibrium above the delamination as

[ ]� [ ]��R K a M aC A A A A= + .  The frictional force on the contact surface is expressed
according to Coulomb‘s law as
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t R sign n RT
C d

T
C

� �= ⋅ ⋅µ                                (13)

where µd  is the frictional coefficient; t  and n are the tangential and normal vectors on the
contact surface.  If a is replaced by global parameter a∗ , after substituting Eqns 9 to 13 into
Hamilton‘s principle and rearrangement for zero gap displacement at contact point h∗ = 0
and no external forces Q Q

A B
∗ ∗= = 0 .  The system governing equation can be obtained as
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Material Properties

The material property of each layer of the composite laminate is assumed as transversely
isotropic.  There are total of five material constants: Longitudinal modulus E1, transverse
modulus E2 , shear modulus G12 and Poison‘s ratios ν ν12 23 and , which result in the stress-
strain relation of each layer in the fiber principal direction. The material property in the
natural coordinate can be obtained by a transformation matrix between the fiber principal
direction and the natural coordinate.  For simplicity, assume that the composite laminate is
under plane strain condition. The stress-strain relation in Cartesian coordinate can be obtained
by a transformation matrix between the natural coordinate and Cartesian coordinate.

The Gaussian quadrature was used in numerical integration.  For composite laminate, each
layer may have different fiber orientation; therefore, the material properties are integrated
through layers in the thickness direction.  The elemental stiffness matrices [ ], [ ]K KA B  can
be obtained through the use of material property matrix in Cartesian coordinate and are
assembled to be the global stiffness matrices [ ], [ ]K KA B

∗ ∗  in Eqn 14.

Free Vibration of Laminated Plates

Assuming that a∗ has the following form.

a e i t∗ −= Φ ω                                                 (15)

where Φ  is the displacement vector which is not a function of time.  After substituting Eqn
15 into Eqn 14, forΦ  to have nontrivial solution, let
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ω2 )=0   (16)

Eqn 16 is the standard eigenvalue problem, in which the eigenvalue ω is the natural
frequency of the system.  The composite laminates studied have one end fixed and the other
end free.  The following boundary conditions were applied to the system.

ui = 0, vi = 0, dv dxi / = 0                          (17)

where ui , vi  are the displacements in the x- and y-direction at the fixed end, respectively.
From the solution obtained from Eqn 16, the eigenvector Φ  can be found to represent the
natural mode shapes of laminated plate.
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EXPERIMENT

In addition to the finite element analysis, the shaker vibration experiments were performed to
verify the analytical results.  The size and location of delamination and the fiber orientation
were varied to assess their effects on the dynamic response of the laminated plate.  The
composite specimens were made from graphite/epoxy prepregs (0.12mm thick per ply) with
required size and stacking sequence.  They were put in an aluminum mold on a temperature-
controlled hot press.  In the upper region of the aluminum mold air pressure was applied on
top of the specimen; while a vacuum pump was used to empty the gas produced during the
curing process. For the delaminated specimens, a Teflon piece (0.1 mm thick) was imbedded
to form an artificial delamination.

The material property of a single composite layer is assumed as transversely isotropic.  Five
material constantsE11, E22, G12, v12 , v23are needed, in which v23= v12 is assumed as
conventional [23, 24].  The rest four material constants were measured on a tensile testing
frame according to ASTM D3039 [25].  Each constant was obtained by the average of three
experiments as E11=147.27± 6.09 Gpa, E22=13.89± 1.04 Gpa, G12 = 4.87± 0.15 Gpa,
v12=0.320± 0.032.

Shaker Vibration Experiment

The specimens used in shaker vibration experiment had length 200 mm, width 40 mm and 8
layers.  One end of specimen was fixed for 50 mm, the test section had 150 mm long.  Before
the experiment, proper position for force sensor and sampling points for output signal were
layout on surface of the laminate specimen.  The specimens were then fixed on the test fixture
and shaker, amplifier, signal analyzer, force sensor, accelerometer connected as arranged in
Fig. 4.  The force sensor was glued on the specimen.  The accelerometer was used to measure
the dynamic response at each sampling point.  During the experiment, an excitation was
generated by the signal analyzer, amplified and connected to the shaker.  The shaker forced
the specimen to vibrate. The signals from force sensor and the accelerometer on the laminate
specimen were amplified and fed into the signal analyzer to obtain the frequency response
function by fast Fourier transform (FFT).  The response function was directed into a personal
computer in which the STAR Modal System was used to calculate the natural frequencies and
mode shapes.

RESULTS AND DISCUSSION

In this study, the free vibration of composite laminates with through-the-width delamination
was analyzed by the finite element method and was verified by shaker vibration experiment.
The position and size of delamination and the fiber orientation were varied to evaluate their
influence on the dynamic response of the laminated plates. Fig. 5 shows three-dimensional
mode shapes obtained from shaker vibration experiment for specimen (w=40 mm, L=150
mm, D=1.1 mm, a/L=2/3, d/D=1/8, [ ]0 8

$ ).  The first and third mode shapes are bending
types.  The second mode shape is a torsional one which can‘t be obtained from plane strain
analysis.  Fig. 6 shows the corresponding two-dimensional bending mode shapes from the
middle section.  Fig. 7 shows the corresponding natural modes obtained from the finite
element analysis.  The analytical first mode shows a bulge-up separation in the middle
delaminated region, while it is not shown in the experimental results due to counter effect of
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the weight of accelerometer on the weaker upper delaminated region.  The second bending
modes agree well in both analytical and experimental results.  Because of high noise and poor
signal acquisition at higher frequency, the third bending mode was unable to found in
experiment; however, the analytical third bending mode showed a contact point in the middle
of delamination.

Variation of Delamination Size

The size of delamination was varied for laminated specimens to find its influence on the
dynamic response of composite laminates.  The sizes of delamination were a/L=1/4, 1/2, 2/3
and 5/6.  The separate movement of the delaminated region occurs for delamination size
larger than 50% of laminate length.   Figs. 8 and 9 show the relation between the bending
natural frequencies and delamination size for laminated specimens (w=40 mm, L=150 mm,

D=1.1 mm, d/D=1/8, [ ]0 8
$ ).  In Fig. 8, the natural frequencies of the first bending mode

decrease with the delamination size.  Larger reduction can be seen for delamination size larger
than 2/3.  The trend of analytical results was consistent with the experimental ones.  In Fig. 9,
the natural frequency of the second bending mode for a/L= 1/2 and 2/3 were larger than those
of laminates without delamination, since separating movement occurred for the delaminated
region.  The bulge-up of delaminated region increases the bending rigidity of laminate which
results in higher natural frequency for a/L=1/2 and 2/3.  As the length of delamination
increases, the upper delaminated region becomes weaker; therefore, the additional rigidity
obtained from the bulge-up movement was smaller and natural frequencies decrease as also
observed in experiment.

Variation of Delamination Position

The position of the delamination in the thickness direction of specimens was varied to
evaluate its effect on the dynamic response of the laminate plates.  The positions of
delamination are d/D=1/8, 2/8 and 4/8.  Figs. 10 and 11 show the relation between the natural
frequencies and delamination position for laminated specimens (w=40 mm, L=150 mm,

D=1.1 mm, a/L=2/3,  [ ]0 8
$ ).  The natural frequencies of the first bending modes decrease as

the delamination position toward the center of specimen.  The experimental natural
frequencies for specimens with d/D=1/8 is lower than those of the specimens with d/D=2/8
due to the difficulty in manufacturing the former specimens.  The specimens with d/D=1/8
probably changed their local thickness at the delaminated region.  For the second bending
modes, the natural frequencies for specimens with d/D=1/8 and d/D=2/8 are higher than those
of specimens without delamination.  This can be explained from separating movement for
mode shapes of specimens at the delaminated region.  The bulge-up delamination gave extra
bending rigidity for the composite laminates.  For the case with delamination position at the
mid-thickness d/D=4/8, no separating movement found in the bending mode; thus, the
bending rigidity decrease and natural frequencies decrease as well.

Variation of Fiber Orientation

The delaminated plate specimens (w=40 mm, L=150 mm, D=1.1 mm, a/L=2/3, d/D=1/8)
were used with variation of fiber orientation θ to evaluate its effect for laminates with [ ]±θ 2S

stacking sequence.  The stacking sequences were [ ]0 8
$ , [ ]±30 2

$

S, [ ]±45 2
$

S, [ ]±60 2
$

S and
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[ ]±90 2
$

S.  Figs. 12 and 13 show bending natural frequencies for specimens with different
fiber orientation.  The bending natural frequencies decrease with fiber orientation for both
first and second bending modes.  The natural frequencies decrease more quickly for θ
between 0 45$ $ and .  The plane strain finite element method can only predict reasonable
results for cross-ply laminated plates which is symmetric about the middle section in the
longitudinal direction.

CONCLUSIONS

In this study, the free vibration of composite laminates with through-the-width delamination
was investigated analytically and experimentally.  The two-dimensional finite element
analysis was used to calculate the natural frequencies and mode shapes for the delaminated
composite plates.  The shaker vibration experiment was carried out to verify the analytical
results.  The following conclusions can be made:
(1) The natural frequencies of the delaminated plates decrease as delamination size

increases.  This effect is more significant for cases with delamination near upper
surface of specimen and size larger than a/L=2/3.

(2) For laminated plates with small delamination, no local separating movement at
delaminated region occurs and their natural frequencies are close to composite plates
without delamination.

(3) The natural frequencies of the delaminated plates usually are smaller than those of
laminated plates without delamination; however, for some cases e.g., a/L=2/3,
d/D=1/8, the local separating movement adds bending rigidity which increases the
natural frequencies to a higher value than those of laminates plates without
delamination.

(4) When the delamination position is at mid-thickness of the laminated plate, no local
separating movement occurs and the natural frequencies are much lower than those
laminated plates without delamination.

(5) The natural frequencies of the delaminated plates decrease as the fiber orientation
increases for laminates with stacking sequence [ ]±θ 2s.
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Fig. 1: Schematic of a cantilever composite plate with through-the-width delamination.

Fig. 2: Schematic of contact nodal displacement.

Fig. 3: Schematic of finite element mesh for delaminated plate.
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THE DYNAMIC RESPONSE OF INELASTIC,
DELAMINATED COMPOSITE PLATES

Todd O. Williams and Frank L. Addessio

T-3 Theoretical Division
Los Alamos National Laboratory

Los Alamos, New Mexico  87545, USA

SUMMARY:  The dynamic behavior of metal matrix composite (MMC) plates is considered.
In particular, the influence of inelastic deformations and  delamination at the interfaces of the
lamina on the macroscopic and local response of Al2O3/Al plates are studied. The work is
carried out using a recently developed plate theory which models both delamination and
localized history-dependent effects such as inelasticity. A linear debonding model for the
interface is employed for the current work. The theory models both the initiation and  growth
of delaminations without imposing any restrictions on the  location, size, or direction of
growth of the delamination. In the current work the response of the individual lamina in the
plate are modelled using the Method of Cells (MOC) micromechanical model. The inelastic
behavior in the matrix is modelled using the unified viscoplastic theory of Bodner and
Partom.

The behavior of a Al2O3/Al plate under dynamic cylindrical  bending subjected to a ramp and
hold type of loading is examined. For simplicity, the plate is assumed to be composed of a
cross-ply  layup. It is shown that both inelastic deformations and delamination have a strong
influence on dynamic plate behavior. The inelastic deformations have stronger effect on the
axial displacement while delamination has greater influence on the deflection.

KEYWORDS:  delaminated composite plates, interfacial constitutive laws, dynamic plate
behavior, micromechanics, method of cells, viscoplasticity

INTRODUCTION
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VIBRATION ANALYSIS OF THICK LAMINATED
TRAPEZOIDAL PLATES

C.C. Chen1, C.W. Lim1, S. Kitipornchai1, and K.M. Liew2

1 Department of Civil Engineering, The University of Queensland, Qld 4072, Australia
2 Division of Engineering Mechanics, School of Mechanical and Production Engineering,

Nanyang Technological University, Singapore 639798

SUMMARY:   To account for the effect of transverse shear deformation, the p-Ritz method
incorporating Reddy’s third-order shear deformation theory has been developed for the free
vibration analysis of thick, laminated, cantilever, trapezoidal plates. In the proposed p-Ritz
method, sets of uniquely defined polynomial functions are used as the admissible trial
displacement and rotation functions. The admissible function consists of the product of a two-
dimensional function and a basic function which is defined by multiplying the equations of
the plate’s prescribed boundary. The total energy is derived by using Reddy’s third-order
shear deformation theory which is able to predict the vibration characteristics of thick
laminates more accurately. A convergence study has been carried out to verify the accuracy of
the results. The results, wherever possible, are compared with published solutions to
demonstrate the versatility and  applicability of the proposed method.

KEYWORDS:  free vibration, laminate, plate, higher-order shear deformation theory, p-Ritz
method

INTRODUCTION

The characteristics of high tensile strength and light weight has made the laminated plates
gained their popularity in aerospace and marine engineering applications. Therefore, the
ability to accurately determine the structural behavior of these panels is of paramount
importance. The use of shear deformation theories for the analysis of thick laminated
composite plates has emerged because of the inadequacy of the classical laminated plate
theory [1] based on the Kirchhoff-Love hypothesis. The most popular shear deformation
theory is the first-order shear deformation theory [2] which was extended to laminates by
Yang et al.[3] In this theory, a shear correction factor is assumed a priori and it doesn’t
account for surfaces free of transverse shear strains. In an effort to circumvent the drawbacks
of the first order shear deformation, various second and higher-order shear deformation
theories have been proposed. The most common higher-order theory was pioneered by
Levinson [4] and Reddy [5,6] which assumes transverse inextensibility. The present method
adopts the simple higher-order theory based on the pioneering work of Reddy [5].

The need of wing-type structures has facilitated the development of trapezoidal laminates. Not
much research in this topic have been done so far. Lee and Lee [7] applied the finite element
method incorporating the first-order theory to investigate the vibration problem of moderately
thick, cantilevered, trapezoidal laminates. Kapania and Lovejoy [8] used Chebychev
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polynomials as displacement functions in the Rayleigh-Ritz method and utilizied the first-
order theory to study the free vibration of moderately thick, generally laminated, cantilevered,
quadrilateral plates. Liew and Lim [9] integrated the classical theory and p-Ritz method for
the problem of thin trapezoidal laminates. The p-Ritz method which developed by Liew [10]
avoids the difficulty of mesh generation and continuity conditions required in discretization
methods and is applicable to laminates with free, simply supported and clamped edge
conditions. In this study, the p-Ritz method incorporating Reddy’s third-order shear
deformation theory is proposed for the vibration analysis of cantilevered, thick, laminated,
trapezoidal plates. Convergence of frequency parameters has been carried out to ensure
adequate terms in the displacement and rotation functions. The effects of aspect ratio, taper
ratio, plate geometry and stacking angle on the thick, cantilevered, trapezoidal laminate are
also investigated. The results, wherever possible, are compared with published solutions to
evaluate the validity and to demonstrate the applicability of the proposed method.

MATHEMATICAL FORMULATIONS

Preliminary Definitions

Fig. 1 illustrates a thick, cantilever, laminated, trapezoidal plate composed of N orthotropic
laminae oriented at angle θk  with respect to the x-axis and with the geometric configuration
of
length-to-thickness ratio a/h,
aspect ratio a/b, taper ratio
c/b, skew angle γ, and total
thickness h. The reference
Cartesian coordinate system
is located at the mid-plane of
the laminated plate. The
angle γ  which measures
positive in the clockwise
direction, is the degree of
skewness of the trapezoidal
laminate. Another two
definitions of the skew
angles, α  and β , are also
used for the convenience of
comparison. The laminae are
cross-plied or stacked
symmetrically with respect to
the middle surface of the
laminated plate. The interior
angles of laminate geometries are assumed to be no larger than 90 degrees. The vibration
frequencies of the trapezoidal laminate subjected to a variety of skewness angles, aspect
ratios, taper ratios, and stacking angles are to be determined.

 γ

 β

 α

 a

 b

 c
 x

 y

Fig. 1: Laminated trapezoidal plate geometry

 b/4

 c/2
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Energy Expressions

For a thick trapezoidal laminate undergoing small-amplitude vibration, the spatial
displacement at a general point may be resolved into u, v (in-plane motion) and w (out-of-
plane motion) components, respectively. By using Reddy’s higher-order shear deformation
theory, the displacement field along the x-, y-, z-axis can be expressed in the following form:

u x y z t u x y t z x y t
z

h
x y t

w x y t

xx x( , , , ) ( , , ) ( , , ) ( , , )
( , , )

= + − +




0

3

2

4

3
φ φ

∂
∂

v x y z t v x y t z x y t
z

h
x y t

w x y t

yy y( , , , ) ( , , ) ( , , ) ( , , )
( , , )

= + − +






0

3

2

4

3
φ φ

∂
∂

w x y z t w x y t( , , , ) ( , , )= 0 (1)

where ( )u v w x y0 0 0, , , ,φ φ  are the displacement components of the mid-plane along the x-, y-,

and z-directions and rotations of the mid-plane about the y- and x-direction, respectively. For
free vibration problem, the deflection and rotation functions of the laminate mid-plane are
sinusoidal in time, that is

u x y t U x y t0 ( , , ) ( , ) sin= ω
v x y t V x y t0( , , ) ( , ) sin= ω
w x y t W x y t0( , , ) ( , ) sin= ω
φ ωx ux y t x y t( , , ) ( , ) sin= Θ
φ ωy vx y t x y t( , , ) ( , ) sin= Θ (2)

If the laminated plate is made of elastic materials, the strain energy for each ply is given by

U dVk k
T

k k= ∫
1

2
ε σ

9N

(3)

where Uk and Vk are the strain energy and the volume of the kth lamina, respectively.
Neglecting normal stressσ k , the total strain energy for the entire laminated plate is

U dz dAxh

h
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x y y xz xz yz yz xy xy k
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= + + + +
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Also, the total kinetic energy T associated with the vibration of laminated plate is

T
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∂
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(5)

in which ρ k  is the mass density of the kth lamina.

The energy components U and T can be further simplified by introducing the equivalent
modulus for a multidirectional lamina
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in which, ( )Qij k
are obtained by transforming the stacking angle θk  and the stiffness

constants, ( )Qij k
, which are related to the material properties, E E G G G1 2 12 21 12 13 23, , , , , ,ν ν , of

each ply. Eqns (4) and (5) can be further expanded in terms of ( )U V W u v, , , ,Θ Θ  by

substituting the strain-displacement relationship, stress-strain relationships and Eqn (2). As
the vibration is periodic in time, we are able to obtain the maximum strain energy Umax and
maximum kinetic energy Tmax in a vibratory cycle. Finally, the total energy functional Π  for
the free vibration of laminated plate is defined as

Π  = Umax - Tmax (7)

which is to be minimized by the Rayleigh-Ritz method to obtain the frequency.

p-Ritz Method

The displacement and rotation components, U(x,y), V(x,y), W(x,y), Θu(x,y), and Θv(x,y), can be
further simplified by using the non-dimensional expressions

ξ = x

a
,η = y

b
(8)

In the Rayleigh-Ritz method, the displacement and rotation functions should be expressed in
the form of a series containing unknown coefficients,
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where  ci
u ,ci

v ,ci
w ,ci

uθ ,ci
vθ  are the unknown coefficients.

Now, using the p-Ritz method, we assumed the p-Ritz shape functions, ϕ ϕ ϕ ϕ ϕθ θ
i
u

i
v

i
w

i i
u v, , , ,

to be the products of two-dimensional polynomial series and basic functions. The two-

dimensional polynomial series ( )f i ξ η,  are defined as
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where p is the highest degree of the set of two-dimensional polynomials.

To ensure automatic satisfaction of geometric boundary conditions, the basic functions are
assumed to be consist of products of boundary expressions of the laminated plate raised to
their associated basic powers. Thus, for the trapezoidal laminated plate shown in Fig. 1, the
basic functions can be structured as shown below
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where Ω s
κ  denotes the associated basic power. If the cantilevered plate clamped at ξ  = -1/2,

the basic powers Ω s
κ  are defined as follows,

Ω s
κ = 0, for κ θ θ= u v w u v, , , ,  and s = 2,3,4

Ω1 1κ = , for κ θ θ= u v w u v, , , ,

Ω1 2w = , (12)

The total energy functional Π derived in equation (7) are minimized with respect to the
unknown coefficients leading to the following governing equation,

1

0 0 0

0 0 0

0 0 0 0

0 0 0

0

0
0D

K K

K

K K K

sym K K

K

M

M

M M M

sym M

M

c

c

c

ac

bc

uu uv

vv

ww w w

uu

vv

ww w w

u

v

wu v

u u u v

v v

u v

u u

v v

u

v

θ θ

θ θ θ θ

θ θ

θ θ

θ θ

θ θ

θ

θ

λ
. .























−

















































=

(13)

with

( )D
Q h

0
11

3

12 2112 1
=

− ν ν
(14)

Details of the stiffness and mass matrices can be found in [11]. If the laminae are made of the
same material with mass density per unit volume ρ  and the same thickness h, the non-
dimensional eigenvalue λ  becomes

λ ω
ρ

= ab
h

D0

(15)

The vibration frequencies and mode shapes of trapezoidal laminates are obtained by solving
λ .
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NUMERICAL STUDIES AND DISCUSSION

Numerical computation has been carried out in double precision on a SGI PowerChallenge
computer. The results have been compared with available solutions of first-order shear
deformation theory. Excellent agreement exists between the present method and previous
solutions. In all examples, laminates have been assumed to be equal thickness and made of
non-dimensional material properties, E1/E2 = 25, G12/E2 = 0.5, G23/E2 = 0.2, G13 = G12, and ν
= 0.25.

Table 1: Convergence of frequency parameters λ  of 6-ply trapezoidal laminates with
a/b = 1.0, c/b = 0.3, stacking sequence [302/0]s, a/h = 5, and γ  = 0

Mode sequence number
p 1 2 3 4 5 6 7 8

8 2.3576 4.6118 7.1591 7.5668 9.7511 10.8658 13.4282 15.3492
10 2.3575 4.6110 7.1582 7.5668 9.7488 10.8596 13.4223 15.3365
11 2.3575 4.6108 7.1581 7.5667 9.7486 10.8584 13.4218 15.3344
12 2.3575 4.6108 7.1580 7.5667 9.7484 10.8578 13.4215 15.3337
13 2.3575 4.6107 7.1580 7.5667 9.7483 10.8573 13.4213 15.3332
14 2.3575 4.6107 7.1580 7.5667 9.7483 10.8571 13.4213 15.3330
15 2.3575 4.6107 7.1579 7.5667 9.7483 10.8569 13.4212 15.3328

The trapezoidal laminated plates with aspect ratio 1, taper ratio 0.3, length-to-thickness ratio
5, γ = 0, and stacking sequence [302/0]s were solved in the first example. Convergence
studies have been carried out to check the numerical accuracy of this method. The degree of
polynomial p was increased from 8 to 15 to study its effect on the non-dimensional frequency
parameters λ . As shown in Table 1, the difference between the results for p = 11 and p = 15
are less than 0.02%. Apparently, the degree of polynomial p = 15 is enough to ensure the
convergence of the results and it is used in all subsequent examples.

The effects of aspect ratio, taper ratio and stacking angle on the frequency parameters of
moderately thick symmetric laminates have been investigated in the second example. The
present method is further verified by comparing the results for frequency parameters with the
solutions from Kapania and Lovejoy[8] who applied Chebychev polynomials and first-order
shear deformation theory. As shown in Table 2, the results are in excellent agreement with
previous solutions. It is noted that the frequency parameter decreases with increasing aspect
ratio or taper ratio. The influence of aspect ratio indicates that cantilevered plates with higher
a/b are structurally weaker than those with lower a/b. As for the effect of taper ratio, the
authors believe that the reduction in mass for lower c/b leads to the increase of the frequency.

In the previous example, the increase in stacking angle caused different change in frequency
parameter. Therefore, a cursory examination of the influence of stacking angles and taper
ratios on the vibration of thick trapezoidal laminates is required. In the third example, the
laminates are assumed to be stacked symmetrically with stacking sequence [− θ θ/ ]s, a
length-to-thickness ratio of 5, and plate geometry β  = 0. By comparing the lowest four
frequency results λ , the effects of taper ratio and stacking angle for laminates with different
geometry have been shown in Fig.2. Again, it confirms that a lower taper ratio results in
higher frequency parameter. Also note that the fundamental frequencies decrease as stacking
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angle increases. For all modes except the fundamental mode, higher frequencies are likely to
occur with the stacking angle between 15 and 45 degrees.

Table 2: Effects of aspect ratio, taper ratio and stacking angle on the four lowest frequency

parameters, λ ω ρ1
2

2= a h E/ / , of laminated trapezoidal plates with α  = 0, stacking

sequence [− θ θ/ / 0 ] s and a/h = 10

Mode sequence number
a/b c/b θ 1 2 3 4

Ref. 8 Present Ref. 8 Present Ref. 8 Present Ref. 8 Present

1 0.25 0 6.85 6.904 11.9 12.029 14.9 14.901 22.5 23.091
30 5.21 5.224 16.4 16.431 19.5 19.704 32.4 32.141
45 3.7 3.704 14.9 14.826 17.3 17.402 32.8 32.319

0.50 0 6.20 6.252 9.05 9.136 13.5 13.451 18.7 18.896
30 4.59 4.603 12.7 12.681 18.3 18.402 27.1 26.967
45 3.20 3.206 13.2 13.160 14.3 14.227 29.2 28.816

1.00 0 5.58 5.628 6.10 6.153 9.53 9.592 11.6 11.574
30 4.01 4.023 8.21 8.218 14.2 14.250 19.4 19.481
45 2.75 2.759 8.45 8.444 13.1 13.116 20.1 20.026

2 0.25 0 2.05 2.052 4.93 4.945 7.14 7.131 8.67 8.761
30 1.34 1.343 5.85 5.829 8.24 8.259 12.1 12.091
45 0.885 0.884 4.04 4.021 8.65 8.634 10.0 10.886

0.50 0 1.80 1.803 3.53 3.536 6.41 6.399 8.32 8.408
30 1.16 1.155 5.58 5.557 6.19 6.209 10.9 10.895
45 0.755 0.754 3.86 3.849 6.50 6.489 9.87 9.852

1.00 0 1.55 1.547 2.10 2.106 5.46 5.455 6.93 6.935
30 0.987 0.987 3.85 3.852 5.35 5.345 9.49 9.470
45 0.640 0.639 3.72 3.712 4.08 4.072 8.73 8.709

5 0.25 0 0.361 0.361 1.46 1.461 1.75 1.753 2.24 2.176
30 0.201 0.201 0.957 0.955 2.18 2.119 2.46 2.442
45 0.128 0.128 0.621 0.619 1.61 1.597 1.92 1.853

0.50 0 0.308 0.308 1.05 1.050 1.63 1.633 2.03 1.969
30 0.170 0.170 0.910 0.908 1.98 1.933 2.39 2.387
45 0.108 0.108 0.588 0.586 1.60 1.589 1.75 1.694

1.00 0 0.255 0.255 0.614 0.614 1.54 1.544 1.73 1.713
30 0.143 0.143 0.877 0.876 1.47 1.467 1.78 1.760
45 0.0901 0.0900 0.566 0.564 1.57 1.548 1.58 1.576

Consideration is now given to the effect of taper ratios and plate geometry on the 8-ply anti-
symmetrically cross-plied trapezoids. Numerical results have been illustrated in Fig. 3. As
anticipated, an increase in taper ratio leads to a decrease in the frequency parameter. The
fundamental frequency parameter decreases as the plate geometry β  increases. However, for
the rest of the modes, the effect of plate geometry on the frequency parameter is significant.
From the numerical results of the third and fourth examples, we may conclude that an
increase in aspect ratio or taper ratio results in an decrease in frequency parameter. As for the
effect of stacking angle on the frequency parameters, no theoretical explanation is available,
to the authors’ knowledge. However, from the results of this study, we may conclude that: 1)
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for the bending modes, the frequency parameter decreases when stacking angle increases; 2)
for other modes except torsional modes, the frequency parameter decreases when stacking
angle approaches 0 or 75 and maximum frequency values are most likely to occur when
stacking angle is between 15 and 45; 3) for the torsional modes, the change of frequency
parameter is influenced by the plate geometry.
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Fig. 2:  Effects of taper ratio c/b and stacking angle θ  on the first four non-dimensional
frequency parameters λ  of laminated trapezoidal plates with

 stacking sequence[− θ θ/ ] s , β  = 0 and a/h = 5
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CONCLUSIONS

This paper presents an approximate method based on the Rayleigh-Ritz energy approach for
the vibration analysis of thick, cantilevered, stacked symmetrically or cross-plied trapezoidal
laminates. In this method, sets of two-dimensional p-Ritz shape functions are employed as the
admissible displacement and rotation functions. Since the boundary conditions have been
formulated as the intrinsic components of the p-Ritz functions, the boundary conditions are
automatically satisfied at the outset. Several examples have been verified and the results are in
close agreement with available published literature. It can be concluded that an increase in
aspect ratio or taper ratio results in a decrease in frequency parameter. In addition, both plate
geometry and stacking angle should be considered as their influence on the frequency
parameter are significant.
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DYNAMIC RESPONSES OF ORTHOTROPIC
ANNULAR COMPOSITE PLATES

C.L.D. Huang

Department of Mechanical Engineering, Durland Kansas State University Manhattan,
 Kansas 66506-5106 USA

SUMMARY:  Using Hamilton's principle, the nonlinear partial differential for large
oscillations and the associated boundary conditions, for thick circular composite plates, have
been derived. A high-order shear deformation thick plate theory rather than a first-order shear
deformation plate theory is implemented in the basic equations. The applications of the finite
element method to the dynamic problems rely on the use of a variational principle to derive
the necessary element properties and motion equations. The assembled equations for an
eigenvalue problem. A numerical technique of using an incremental and iterative scheme is
utilized for calculating frequency responses. The HSG-PRD-HSG and PRD-HSG-PRD
annular composite plate with free-clamped boundary conditions are studied as examples and
their dynamic responses are obtained.

KEYWORDS:   non-linear dynamic response, thick annular composite plates

INTRODUCTION

Composite plates are made of laminae, the plates can be layers of isotropic or anisotropic
materials which material properties may or may not depend on orientation.  The plates are
heterogeneous in thicknesswise because of difference material layers.  Also the thickness of
plates may be thick enough for which the "thin" plate theory might not be sufficient to
describe the physical models.  Thus, the equations of motion of a heterogeneous anisotropic
thick plate are needed.  Using Hamilton's principle, the nonlinear partial differential equations
for large oscillations and the associated boundary conditions have been derived.  A higher-
order shear deformation plate theory (the inplane displacements are expressed as a cubic
polynomial functions of thickness coordinate and the transverse deflection is assumed to be a
constant) rather than a first-order shear deformation plate theory is implemented in the basic
equations.  The applications of the finite element method to the dynamic problems rely on the
use of a variational principle to derive the necessary element properties and equations.  The
assembled finite-element equations for the plate are formed by summing each element
equation obtained in consideration of a single element.  Then, the boundary conditions are
imposed on the vector of nodal field variables, so that the appropriate boundary conditions are
satisfied.  The assembled equations form an eigenvalue problem.  The developed model is
then applied to study an axisymmetric large vibration of heterogeneous orthotropic annular
composite plate.  A numerical technique of using an incremental and iterative scheme is
utilized for calculating frequency responses.  The HSG-PRD-HSG (High-Strength-Graphite
epoxy sandwiched with two filaments of PRD-49-III developed by E.I. DuPont de Nemours
and Company, Inc.) and PRD-HSG-PRD annular composite plates with free-clamped
boundary conditions, are used as examples, and their dynamic responses are obtained.
The effects of thickness of plate which are due to the shear deformation, rotatory inertia,
inplane deformation and inplane inertia, are examined and discussed.
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EQUATIONS OF MOTION IN FINITE ELEMENT FORM
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as:
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With the boundary conditions, for linear vibrations, eqn (20) can be solved directly by
numerical computation to obtain the frequencies ω by using a standard algorithm.  For
nonlinear vibrations, the nonlinear part of element stiffness matrix [K](e)

NL contains the
unknown function f in eqn (17), and an iterative procedure (Raju and Rao, 1982) [3] must be
used to find their frequency responses.  A computer code is written for the purpose of
obtaining numerical results.

NUMERICAL RESULT AND DISCUSSION

In the numerical calculations, the total thickness of the plate h is chosen as 6.35 mm, and the
ratio of outer radius-thickness (r0/h) is taken as 10 and 25, as the thick and thin annular
sandwich plates, (see Figure 1) respectively.  Two interior hole sizes are used, i.e. R = r0/r0 =
0.1 and 0.3.  The material properties of HSG and PRD-49 III are listed below:

Material density ρ
kg/m3x103

E11

N/m2x1010
E22

N/m2x1010
E55

N/m2x1010
υ12 υ21

High-strength
graphite
epoxy (HSG)

1.558 12.40 1.03 0.55 0.27 0.0224

PRD-490 III
epoxy (PRD)

1.391 7.93 0.41 0.21 0.30 0.0155

With these material properties, the element matrices in equations (18) and (19) and the basic
equation (20), the frequency responses are obtained and plotted in Figures.

Figures 2 and 3 show the linear frequency, affected by the variation of sandwiched thickness
ratio of annular sandwich plates, comprised of PRD 49-III and HSG with r0/h=25 (thin plate)
and 10 (thick plate), respectively.  Both show that, for a given sandwiched thickness ratio
value of 2 hf/h, the linear frequency response of a HSG-PRD-HSG annular sandwich plate is
higher than that of a PRD-HSG-PRD annular sandwich plate.  The homogeneous HSG
annular plate (2hf(PRD)/h=0 or 2 hf(HSG)/h=1) has a higher frequency response than the
homogeneous PRD annular plate (2hf(HSG)/h=0 or 2hf(PRD)/h=1).  The frequency response of a
annular sandwich plate comprised of PRD core with HSG facings is higher than that of a
homogeneous PRD plate.  On the contrary, the frequency response of an annular sandwich
plate with HSG core and PRD facing is lower than that of a homogeneous HSG plate.  Figure
2 shows the frequency of HSG-PRD-HSG annular sandwich plates increases with an increase
of the sandwiched thickness ratio.  The maximum frequency occurs approximately at
2hf/h=0.8 for both hole sizes R=0.1 and 0.3.  The frequency decreases slightly when the ratio
2hf/h is greater than 0.8.  The frequency at 2hf/h=0 is the frequency of a homogeneous HSG
plate.  In Figure 3, the frequency of HSG-PRD-HSG annular sandwich plate increases
monotonically with an increase of the sandwiched thickness ratio, and reaches the maximum
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value, which is the frequency of the homogeneous plate made of HSG.  In comparison of
Figures 2 and 3, the characterics of frequency curves with respect to sandwiched thickness
ratio are similar with some variations.  This phenomena is due to the effects of shear
deformation and rotatory inertia which must be included in the thick plate theory.

Figure 4 shows the frequency ratio ωNL/ωL versus the sandwiched thickness ratio 2hf/h at the
finite amplitude of wmax/h=1.0.  The PRD-HSG-PRD annular sandwich plate has higher
frequency ratio than that of HSG-PRD-HSG annular sandwich plate for 0<2hf/h<0.7.  The
maximum frequency ratio ωNL/ωL occurs approximately at 2hf/h=0.4 for the annular sandwich
plate comprised of HSG core with PRD facings.  At the highest frequency ratio, the
frequencies of nonlinear vibrations are 5.2% and 1.81% higher than those of linear vibrations,
respectively.
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Figure 2: Linear Frequency Responses for Various Thickness Ratios of Thin Plates
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Figure 3. Linear Frequency Response for Vaious Sandwiched Thickness Ratio of Thick Plates
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Figure 4. Nonlinear Frequency Response for Various Thickness Ratio of Thin Plates
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VIBRATIONS OF A LAMINATED COMPOSITE BEAM
ELASTICALLY SUPPORTED AT ONE END AND

CARRYING A TIP MASS AT THE OTHER

T. Yokoyama and Z. M. Yang

Department of Mechanical Engineering
Okayama University of Science, 1-1 Ridai-Cho, Okayama 700, Japan

SUMMARY:  The present work deals with the free vibration analysis of a symmetrically
laminated composite beam with one end elastically supported and having a tip mass at the
other free end. The governing equations for free vibrations of the composite beam are derived
from Hamilton's principle accounting for the effects of  shear deformation and rotatory inertia.
The individual influences of ply orientation, beam end constraint, tip mass and distance
between the the tip mass centroid and the point of attachment on the natural frequencies of the
composite beam are examined and presented in three-dimensional graphs. It is shown that the
increase in the (tip mass)/(beam mass) ratio, the (radius of gyration of the tip mass)/(beam
length) ratio and the (distance between the tip mass centroid and the point of
attachment)/(beam length) ratio yields the decrease in the fundamental frequencies. The
validity of the analysis is verified by comparison with the frequency results available in the
literature.

KEYWORDS:   laminated composite beam, natural frequency, beam end constraint, tip mass,
ply orientation, coupling effect, timoshenko beam theory

INTRODUCTION

The increasing use of laminated composite beams as robot arms or rotating blades requires a
deeper understanding of vibration characteristics of these beam structures. A beam theory
based on the classical lamination theory  [1] is inadequate for accurate prediction of the
natural frequencies of laminated composite beams, because the effects of shear deformation
are pronounced for composites due to the high ratio of extensional modulus (in-plane
modulus) to transverse shear modulus. The bending-torsion coupled vibrations of generally
orthotropic  beams have been studied by several authors [2-5] including the effects of shear
deformation and rotatory inertia.  The same vibration problem of symmetrically laminated
composite beams was solved by Chen and Yang [6] using finite element approach. A similar
study of orthotropic beams was subsequently performed by Suresh et al. [7] including cross-
sectional warping effects, neglecting rotatory inertia and shear deformation effects. The free
bending vibrations of symmetrically laminated composite beams were discussed by
Chandrashekhara et al. [8] and Abramovich [9].  Later on, the influence of tip mass on the
natural frequencies of laminated composite beams was considered by Chandrashekhara and
Bangera [10].  Recently, the free vibrations of unsymmetrically laminated composite beams
were analyzed by Krishnaswamy et al. [11], Abramovich and Livshits [12] and Abramovich
et al. [13].
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The present paper is concerned with the free vibrations of a laminated composite beam
elastically supported at  one end and carrying a tip mass at the other free end as a basic model
for a single-joint flexible robot arm or a rotor blade. The governing equations for free
vibrations of the composite beam are derived from Hamilton's principle accounting for the
effects of  shear deformation and rotatory inertia. A parametric study is carried out to
elucidate the individual effects of ply orientation, beam end constraint, tip mass and distance
between the tip mass centroid and the point of attachment on the natural frequencies of the
composite beam.

FORMULATION OF PROBLEM

Laminate Analysis

A laminated composite beam is considered, referred to a system of Cartesian co-ordinates (
see Fig.1 ) with the origin on the midplane of the beam and the x-axis being coincident with
the beam axis. The length, width and height of the beam are denoted by L, b  and h,
respectively. In an effort to include the coupling effects among bending stiffness, twisting
stiffness and shearing stiffness of the composite beam, the linear elastic plate theory is applied
in this study. Neglecting the in-plane displacements compared with the flexure-induced
displacements, the displacement field for the composite beam can then be assumed as:

(1)

where  u, v   and w  are the displacement components in the x, y  and z  directions,
respectively,  is the lateral displacement of a point on the midplane, and  and  are the
rotations of the normals to the cross-sections. The strain-displacement relations are given by

(2)

The curvatures ( ) can be written as

 (3)

The laminate beam constitutive relations are derived based on the laminate plate theory as

(4)

(5)
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where ( )  are the moments, ( )  are the shear force resultants,  and
( ) are the transverse shear strains. The laminate stiffness coefficients in Eqs (4)  and (5)

are defined by

 ,     (6,7)

where k  is the shear correction factor dependent on the shape of the cross-section [14], and
 are the transformed material coefficients from the principal material coordinate system to

the x-y-z coordinate system. For the laminated composite beam under study, the couples
( ) and the resultant  can be assumed to be zero. However,  the curvatures ( )

and the shear strain  are assumed to be non-zero. Thus, Eqs (4) and (5) can be rewritten as

 ,    (8,9)

where

 (10)

 (11)

Note that  the D12 term denotes bending-bending stiffness, the D16 and D26 terms  refer to
bending-twisting stiffness, and the A45 term represents shearing-shearing stiffness of the
laminated composite beam.

Governing Equations

 The kinetic energy  T  of the laminated composite beam can be written as

(12)

where  and  are the translational and rotary inertia of the cross section of the composite
beam, defined by

(13)

and  being the mass density of the composite beam material. The strain energy  is given by
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 (14)

The governing equations for free vibrations of the composite beam can be derived from
Hamilton's principle, i.e.

 (15)

where t1 and t2 are two arbitrary time variables and δ denotes the first variation. Substituting
Eqs (12) and (14) into Eqn (15) and integrating by parts leads to

(16)

Solution Procedure

The harmonic solutions to Eqn (16) can be assumed in the form

  (17)

where W (x)  is the lateral vibration mode, ψ (x) is the rotational vibration mode and ω is the
circular frequency. Substitution of Eqs (17) into Eqs (16) yields

 (18)

where

 (19)

By  eliminating W (ξ)  and ψ(ξ) , Eqs (18) can be transformed into two uncoupled differential
equations as

 (20)

The solutions to Eqs (20) can be expressed as
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Case (I)  

 (21)

where

                                      (22)

Case (II)  

 (23)

where  . The constants are related by the coupled Eqs (18) as

 (24)

Boundary conditions and frequency equation

The associated boundary conditions for the composite beam under consideration may be
written as

at   (25a)

                                              (25b)

at   (25c)

 (25d)

where  and  are the rotational and translational spring stiffnesses, respectively. J  is the
rotational moment of inertia of the tip mass, M  is the tip mass, and d  is the distance between
the center of gravity of the tip mass  and the point of  attachment.  Using Eqs (17) and the
non-dimensional variable  , Eqs (25) may be rewritten as

at   (26a)

 (26b)



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 108

at   (26c)

 (26d)

With the help of relations of integration constants in Eqs (24), inserting the solutions Eqs (21)
into the boundary conditions Eqs (26) gives four homogeneous linear algebraic equations. In
order that the solution other than zero exists, the coefficients  (i  = 1,2 ...4 ) must be equal to
zero. This leads to the determinantal equation as

 (27)

The coefficients  in Eqn (27) are omitted because of space limitations. For a given beam,
the frequency coefficients  can be found by solving the frequency equation
(27), and the corresponding natural frequencies ωi  (i  = 1, 2, 3...) can then be calculated from
Eqs (19). The roots of Eqn (27) are obtained by applying the false position method [15] with a
tolerance of   .

NUMERICAL RESULTS AND DISCUSSION

In order to verify the validity of the present formulation, we analyze the free vibrations of a
laminated composite beam made of AS/3501-6 graphite-epoxy with the following material
properties [8] :

                           

The short-thick beam ( L/h   = 15 or r  = 0.019 ) is considered for the purpose of comparison
with the available exact solutions. The beam width b  is taken as unity for all the problems.
The shear correction factor k  is taken as 5/6  for the rectangular cross-section. The  frequency
results  are given in the non-dimensional form

                                                                                   (28)

For computational convenience, the following non-dimensional parameters are introduced :

                   (29)

where I  is the second moment of area of the beam cross-section, m  is  the mass of the beam
and R  is the radius of gyration, which is directly related to J  = MR 2.

Table 1 shows the first five natural frequencies of a cross-ply laminated composite beam with
different degrees of constraint at one end. It is seen that the natural frequencies of the
composite beam increase with increasing  and  and approach those of a cantilever
composite beam from Ref.[8]. Figure 3 displays the effect of ply orientation on the
fundamental frequency of the composite beam with a rotational and translational constraint at
one end. It is important to note that the fundamental frequency of the composite beam
becomes smallest at the ply orientation [49.4/-40.6]s. Although not shown here, the same
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tendency is observed for the higher mode frequencies. This may be due to the fact that the
shear deformation parameter s  in Eqs (19) for the composite beam has a minimum at this ply
orientation in the  region  0o <θ< 90o.

The influences of the various parameters are presented  in three-dimensional graphs of the
non-dimensional natural frequency.  Figure 4 shows  that  the tip mass M  reduces
significantly  the fundamental frequency of the composite beam more than the radius of
gyration of the tip mass R.  Figure 5 indicates the effects of the tip mass M  and  the distance d
between the tip mass centroid and the point of attachment  on the fundamental frequency. As
with Fig.4, the tip mass M  has a greater effect on the fundamental frequency than the distance
d.  Figure 6 represents the influences of R  and d  on the fundamental frequency of the
composite beam with a constant tip mass at the free end. Obviously the effect of d  on the
fundamental frequency is higher than that of R.

CONCLUSIONS

The natural frequencies of a symmetrically laminated composite beam with one end
elastically supported and carrying a tip mass at the other free end have been calculated and
plotted. A parametric study was conducted to examine the individual effects  of ply
orientation, beam end constraint, tip mass and  distance between the center of gravity of the
tip mass and the point of attachment  on the natural frequencies of the composite beam. The
accuracy of the numerical results was confirmed by comparison with the available frequency
results. The present results show that the increase in the (tip mass)/(beam mass) ratio, the
(radius of gyration of the tip mass)/(beam length) ratio and the (distance between the center of
gravity of the tip mass and the point of attachment )/(beam length) ratio yields the decrease in
the fundamental frequencies.
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Fig.1.  Coordinate system and dimensions of a laminated composite beam.

Fig. 2.  A laminated composite beam with a rotational and translational 
constraint at one end and carrying a tip mass at the other free end.
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Table 1. Non-dimensional natural frequencies of  a cross-ply laminated 
composite beam with different degrees of constraint at one end ( L/h = 15 ) 
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Fig.3.   Effect of ply orientation on fundamental frequency of a laminated  
composite beam with a rotational and translational constraint at one end.    
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Fig.5.  Non-dimensional fundamental frequency versus d and M for a 
cross-ply laminated composite beam with a rotational and translational 
constraint at one end.

Fig.6.  Non-dimensional fundamental frequency versus R and d for a cross-ply 
laminated composite beam with a rotational and translational constraint at one 
end  and having a constant tip mass at the other free end.     
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FATIGUE  BEHAVIOUR OF COMMINGLED CF/PEEK
COMPOSITES

Lin Ye, Xiaoxue Diao and Yiu-Wing Mai

Centre for Advanced Materials Technology, Department of Mechanical & Mechatronic
Engineering, The University of Sydney, NSW 2006, Australia

SUMMARY:  The static and fatigue properties of continuous AS4 carbon fibre (CF)
reinforced polyetheretherketone (PEEK) composite laminates made from commingled
unifabric prepreg were investigated under static tension and tension-tension fatigue loading.
Three different lay-ups were studied, namely [0]16, [90]16 and [02/902]2S. The results for static
stiffness and strength as well as fatigue life and residual strength under different fatigue stress
amplitudes were evaluated, and the damage and failure mechanisms of the composite
laminates were discussed. The wear-out model was applied to fit the S-N curves and estimate
residual strength of composite laminates, and good correlation was obtained. Compared to
composite laminates made from pre-impregnated tape prepreg (e.g. APC-2), the commingled
CF/PEEK composite laminates are more sensitive to fatigue loading because of imperfect
fibre bundle alignment.

KEYWORDS:  fatigue behaviour, CF/PEEK composites, commingled prepreg, tension-
tension fatigue, damage mechanisms

INTRODUCTION

Fatigue behaviour of a composite structure is an important property for engineering
applications. For many years the primary matrix materials used in polymer-based composites
have been thermosets. High performance thermoplastics have been introduced as matrix
materials in recent years, which have many advantages over their thermosetting counterparts.
In particular, thermoplastic matrices offer the potential for simpler, less time-consuming
manufacturing cycles [1,2]. Continuous carbon fibre (CF) reinforced polyether-ether-ketone
(PEEK) composites constitute one group of the most competitive materials in the aerospace
and defence industries. CF/PEEK prepreg is usually supplied in a form of pre-impregnated
tapes (e.g. APC-2). However, more recently CF/PEEK prepreg has been available in form of a
woven fabric, consisting of unidirectional and continuous carbon fibres mingled with
continuous PEEK fibres, which are interwoven with continuous PEEK fibres in the transverse
direction. This type of prepreg is particularly suitable for manufacturing components of
complex geometry. The fatigue behaviour of CF/PEEK composites produced from this type
of prepreg has not been studied comprehensively. The main objectives of this work are to
investigate the static and fatigue properties of commingled unifabric CF/PEEK composite
laminates under static tension and tension-tension fatigue loading and to compare them with
those of continuous CF/PEEK composite laminates made from the pre-impregnated tape
prepreg (e.g. APC-1, APC-2). The damage and failure mechanisms in the composite
laminates are discussed and the fatigue performance of the laminates is evaluated using the
wear-out model.
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MATERIAL PREPARATION AND EXPERIMENTAL PROCEDURE

The material used in this study was commingled continuous carbon fibre reinforced PEEK
unifabric (UD AS4 3K/PEEK) supplied by the Polymer Research Division, BASF. A diagram
of the commingled unifabric system is shown in Fig. 1. The diameter of PEEK fibres is
approximately 130 µm in the cross-weave and 30 µm in the longitudinal direction, where
PEEK fibres were mingled with carbon fibres. The global weight percentage of PEEK
polymer in the preform is 32%. With a density of 1.265 g/cm3 for non-crystallised PEEK [3],
the fibre volume fraction amounts to 55% in a fully consolidated composite.

Carbon Fibre PEEK Fibre

PEEK Weft

Commingled 
Warp

Fig. 1 Schematics of commingled CF/PEEK composite unifabric prepreg.
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Fig. 2 Processing cycle of CF/PEEK laminates from commingled unifabric prepreg.

Unidirectional prepreg layers were produced through “edge-welding” the unifabric with a
soldering iron into 199×199 mm sheets, with subsequent cutting. The prepreg layers were
then placed in a steel mould of a 200×200 mm square cavity in specified stacking sequences
and consolidated using a laboratory hot press. Two different lay-ups were chosen in
manufacturing the panels, i.e. unidirectional [0]16 and [02/902]2S. The 16 layers of prepreg
gave a subsequent panel thickness of approximate 2.2 mm after consolidation. Upilex
polyimide films (50 µm in thickness) coated with Frekote-FRP release agent were used
between the prepreg stack and the mould surface to ensure easy removal of the panels after
consolidation. The processing cycles of the composite laminates are outlined in Fig. 2.

Two different geometries of specimens were chosen, i.e. “straight-side” for static tests and
“dog-bone shape” for fatigue tests, shown in Fig. 3. The specimens were end-tabbed for
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testing, bonding aluminium tabs of 40 mm in length and 2 mm in thickness with a CIBA-
GEIGY Araldite superstrength adhesive.

200mm

W

2.2mm

120mm38mm 38mm

2mm

B

L

R

Lay-up W[mm] B[mm] L[mm] R[mm]
[0]16 14.0 14.0 120.0 -
[0]16 9.5 6.8 80.0 100.0
[90]16 22.0 22.0 12.0 -
[90]16 22.0 18.0 80.0 100.0

[02,902]2S 22.0 22.0 120.0 -
[02,902]2S 22.0 18.0 80.0 100.0

Fig. 3  Geometrical dimensions of coupon specimens.

The static tensile tests were performed using Instrons 1195 and 5567 respectively at a
constant cross-head rate of 1.0 mm/min. A clip gauge with a gauge length of 25 mm was
attached to the middle part of specimens during testing to measure the strain response and
consequently determine the stiffness. The fatigue tests were conducted on an Instron 8501
hydraulic serve machine under load control at a frequency of 8 Hz with a stress ratio of 0.1.
Some tests were continued until the specimen failed in order to establish S-N curves, the rest
tests were terminated at specified stages of fatigue life for measurements of residual-tensile
stiffness and strength as well as investigations of damage mechanisms.

RESULTS AND DISCUSSION

Static Properties

From the stress-strain response, the static strength and stiffness of laminates with three
different lay-ups are determined, listed in Table 1, which are compared with the
corresponding properties of XAS/PEEK (APC-1, Vf=55%) [4], AS4/PEEK (APC-2, Vf=60%)
[1] and AS4/Epoxy (Vf=68%) [5] laminates as well as those of a pure PEEK resin [3] in Fig.
4. The longitudinal tensile strength of the CF/PEEK commingled unidirectional composite
laminate is 17% higher than that of APC-1 composite which is of the same fibre volume
fraction as the former, but is clearly lower than those of APC-2 and AS4/Epoxy composites
because these are of higher fibre volume fractions. In principle, the longitudinal tensile
strength of the CF/PEEK commingled composite laminates should be lower than that of
composites of the same fibre volume fraction made from the pre-impregnated tape prepreg,
because in the former the fibres are not stretched out as in the latter so that the fibre
reinforcement is not as effective as in the latter. However, the reason why the CF/PEEK
commingled composite is of higher static tensile strength than APC-1 is probably due to the
fact that the strength of AS4 fibres is about 16% higher than that of XAS fibres [6]. The
longitudinal stiffness of the CF/PEEK commingled composite is about 10% lower than those
of APC-2 and AS4/Epoxy because of higher fibre volume fractions in both composites.
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The average transverse tensile strength of the CF/PEEK commingled composite is almost the
same to that of APC-2 [1] but is 28% higher than that of AS4/Epoxy composites, indicating
that the failure strength of unidirectional composites under transverse tension is controlled by
the matrix strength. The transverse strengths of all PEEK matrix composites are lower than
that of the pure PEEK resin as shown in Fig. 6. Unlike the longitudinal tensile strength which
is determined almost entirely by the fibre strength, the transverse tensile strength is governed
by many factors including properties of the fibre and matrix, the interface bond strength, the
presence and distribution of voids, the residual stress and interactions between these
mechanisms. The transverse stiffnesses of CF/PEEK, APC-2 and AS4/Epoxy are quite close
to each other, and they are all much higher than that of the pure PEEK resin.
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Fig. 4.  Static strength (a) and stiffness (b) of CF/PEEK commingled
     laminates in comparison with those of other composite materials.

Table 1 Properties of commingled CF/PEEK composite laminates

Lay-up Strength σo Stiffness Eo Ultimate Strain

Mean [MPa] CV[%] Mean [MPa] CV[%] Mean [MPa] CV[%]

[0]16 1507.05 7.20 124.57 3.43 1.17 17.20

[90]16 88.61 9.58 9.03 1.56 1.31 7.57

[02/902]2S 744.17 8.87 68..27 4.73 1.18 6.15

The static uniaxial strength of the CF/PEEK [02/902]2S cross-ply laminate is very close to that
of APC-1 [7] laminate with 11 plies (six in the axial direction and five in the transverse
direction) because of the higher strength of AS4 fibres although a [02/902]2S laminate contains
a less percentage of 0o plies. The uniaxial stiffness of CF/PEEK [02/902]2S laminate is 7%
lower than APC-2 and 13% lower than AS4/Epoxy, but about 10% higher than APC-1.

Fatigue Properties

The experimental S-N data for the CF/PEEK composites with three different lay-ups are
shown in Figs. 5-7 with comparison with those of unidirectional and cross-ply APC-1 [4] as
well as the best fit curve of the pure PEEK resin [3], respectively. Compared with  APC-1,
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the  S-N  data  of  the  unidirectional  CF/PEEK  commingled composite exhibit quicker
degradation in Fig. 4, indicating that this material is more fatigue sensitive.
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Fig. 5  S-N curve of unidirectional [0]16 CF/PEEK laminate (◊: static data, �: fatigue data) in
comparison with APC-1 (1).
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Fig. 6  S-N curve of unidirectional [90]16 CF/PEEK laminate (◊: static data, �: fatigue data)
in comparison with PEEK resin.
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Fig. 7  S-N curve of cross-ply [02/902] 2S CF/PEEK laminate (◊: static data, �: fatigue data) in
comparison with APC-1 (1).
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The data of cross-ply laminates shown in Fig. 5 exhibit the same trend, and the experimental
results of APC-1 cross-ply laminates are almost always above those of CF/PEEK laminates
because of a higher percentage of 0o plies. The data of the CF/PEEK [90]16 laminates are
much more scattered. The best fit curve  of  S-N  data  for the pure PEEK resin is above all
the data of the CF/PEEK laminates shown in Fig. 6.

Performance Degradation

A series of tests for measurements of residual-tensile stiffness and strength were  conducted
on the unidirectional [0]16 and cross-ply [02,902]2S CF/PEEK composite laminates which had
been fatigued for some specified cycles. The residual strength degradation with cycle number
for the CF/PEEK [0]16 and [02,902]2S composite laminates subjected to different fatigue stress
levels is plotted in Fig. 8, which exhibit large scatter in experimental data. There is globally
little degradation in residual strength during most part of fatigue life for both laminates until
the final stage of fatigue damage which causes dramatic degradation in residual strength
followed by catastrophic failure of the laminates.
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Fig. 8  Residual strength for [0]16 unidirectional laminate (a) σa=50%σo, (b) σa=60%σo

and [02/902] 2S cross-ply laminate (c) σa=60%σo, (d) σa=70%σo,   wear-out model,
o: experimental data.
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Failure Mechanisms

Under both static and fatigue loading, fibre breakage is the main micro-damage mode for the
unidirectional laminate, which occurs either individually or in the form of bundles as shown
in Fig. 9. In the areas where fibres are stretched out, fibres usually break or fragment
randomly, while in the areas where fibre bundles are misaligned, fibre bundles fracture occurs
because of local stress concentration (Fig. 9b). With the increase of fatigue cycle the fibre
bundle fracture occurs continuously. This probably is the reason why the CF/PEEK
commingled laminates is much more fatigue sensitive than APC-1. The fibre/matrix
interfacial adhesion appeared to be quite good because the isolated and broken fibres are
almost never striped but always coated with the PEEK matrix, shown by the scanning electron
micrography (Fig. 9c).

The [02/902]2S cross-ply laminate exhibits multiple damage modes including transverse matrix
cracking in the 90o plies in the first stage of damage development and delamination growth
along the interfaces between 0o and 90o plies originated from the tips of transverse matrix
cracks at the late stage of damage development, and final fibre breakage in 0o plies. Fig. 10
shows the polished edge of a failed specimen under static loading, illustrating transverse
matrix cracks and extensive delamination. When the laminate is subjected to fatigue loading,
damage usually starts in 90o plies in the form of matrix cracking, which multiplies in number
and extends in length with the increase of fatigue cycle. Delamination then initiates at the tips
of transverse matrix cracks and propagates through the 0/90 interface (Fig. 11), causing the
continuous load transfer from 90o plies to 0 o plies until the massive fibre breakage occurs in
0o plies, which results in the catastrophic failure of the specimen. However, although
numerous transverse matrix cracks and large delaminations are observed in the post-failed
specimens, the damage in the CF/PEEK composite laminates appears fairly late at the present
fatigue stress levels. This phenomenon is different from that of carbon/epoxy laminates [5], in
which transverse matrix cracks appear quickly because of brittle characteristics of epoxy
resins. In the CF/PEEK composite laminates the tough characteristics of PEEK matrix delay
the damage initiation to a late stage of the fatigue life.

Bundle Fracture

Fiber BundleMatrix Pool

(a)

          
 (b)                                                                      (c)

Fig. 9  Schematic of misaligned fibre bundle (a), SEM photography
   of fracture of misaligned bundles (b) and fibre/matrix adhesion (c).
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Fig. 10  Photography of the polished edge of
a failed [02/902] 2S specimen under static

loading.

Fig. 11 Photography illustrating micro-
fracture modes in [02/902] 2S laminate

subjected to cyclic stress σa=60%σo for
N=684,000cycles

WEAR-OUT MODEL ANALYSIS

To evaluate the fatigue behaviour of the CF/PEEK laminates of different lay-ups, the wear-
out model of residual strength proposed by Halpin et al. [8] is applied. The degradation of
residual strength of composites under fatigue loading is assumed to be in the form of

σ σ σγ γ γ
r aA N= − −0 1( )                                                   (1)

where σr, σo, σa  are the residual strength, the static strength and the maximum applied cyclic
stress, respectively, γ and A are material constants to be determined. This equation means that
the strength of a composite laminate decreases from the initial value σo to σr after N cycles of
fatigue loading with the maximum cyclic stress σa. When the residual strength equals to the
maximum applied stress, i.e. σr=σa, Eq. (1) is reduced to the S-N relation of the laminate,

σ σ
γe a

SA N S= + − =[ ( )] ,1 1
1

                                          (2)

where σe is the equivalent static strength. The formulation of the wear-out model is completed
assuming that the equivalent static strength obeys a two-parameter Weibull distribution, and
the probability of the static strength higher than σe, or the reliability, is given by

P e
e( ) expσ

σ
β

α

= −
















                                                   (3)

where α and β are the Weibull shape and scale parameters, respectively. To evaluate fatigue
behaviour of composite laminates, these four parameters γ , A, α and β can be determined,
fitting the wear-out model to the experimental data.

The model parameters, calculated with the maximum likelihood method [9, 10], are obtained
for the CF/PEEK laminates of three different lay-ups, listed in Table 2. The S-N curve of each
composite laminate calculated from Eq. (2), with the equivalent static strength determined by
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σe=βΓ(1+1/α), is shown as a solid line in Figs. 5-7, respectively. The dashed lines denote the
95% confidence level. It can be seen that the wear-out model provides a good estimation to
the experimental data.

Table 2. Parameters of fatigue model for CF/PEEK commingled composite laminates.

Lay-up S A α β [MPa]

[0]16 0.0630 0.1117 21.80 1549.25

[90]16 0.0237 0.0629 8.78 88.19

[02/902]2S 0.0604 0.0409 17.69 769.66

The residual strength degradation behaviour is simulated for both unidirectional [0]16 and
cross-ply laminates [02/902]2S at different fatigue stress levels using the model parameters in
Table 2, which is shown as a solid line in Fig. 8. The difference between the wear-out model
and experimental data for the [0]16 laminate at a fatigue stress level of 50% static strength is
clearly visible. While for other stress levels, the wear-out model is correlated with the
experimental data very well for both [0]16 and [02/902]2S laminates.

CONCLUSIONS

Based on the present study, the following points can be highlighted:

1. The static properties of the CF/PEEK composite laminates made from commingled
unifabric prepreg are higher than those of APC-1 because of the higher tensile strength of
AS4 fibres, but are clearly lower than those of APC-2 due to a lower fibre volume
fraction.

2. The composite laminates exhibit higher fatigue sensitivity under tension-tension fatigue
loading than APC-1 because of fibre bundle breakage at the locations where fibre bundles
are misaligned.

3. The matrix cracking in transverse plies and extensive delaminations between 0o and 90o

plies initiated from the tips of transverse matrix cracks are two main damage mechanisms
in the cross-ply laminate. Compared with carbon/epoxy composite laminates, the damage
in the CF/PEEK laminates appears relatively late, because the tough characteristics of the
matrix delay the initiation of damage.

4. The wear-out model shows good correlation with the experimental data for both S-N
curve and residual strength.
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EFFECT OF LOAD FREQUENCY ON THE TENSILE
FATIGUE BEHAVIOUR OF ANGLE-PLY AS4/PEEK

X. R. Xiao, I. Al-Hmouz

Concordia Center For Composites, Concordia University, Dept. of Mechanical Engineering
1455 de Maisonneuve Blvd. W., Montreal, Quebec  H3G 1M8

SUMMARY:  This paper presents the results of a study aimed at understanding the load
frequency effect on fatigue life of thermoplastic composites. The tensile fatigue behaviour
(R=0.13) of straight sided angle-ply [±45]4s AS4/PEEK was investigated at three frequencies.
The cyclic stress-strain data and temperature variation during fatigue tests were recorded. A
model correlating the thermal effect to the load frequency on the fatigue life of the
thermoplastic composite was proposed.

KEYWORDS:  fatigue, load frequency, thermoplastic, hysteresis loop, thermal effect

INTRODUCTION

The load frequency is known to have a substantial effect on fatigue performance of polymer
composites, especially on laminates dominated by the matrix properties [1-8]. Literature data
indicate that the load frequency has a two-fold effect on fatigue of polymer composites: the
creep effect and the thermal effect. Due to the viscoelastic nature of polymeric matrices,
matrix dominated laminates tend to creep during low frequency fatigue testing and, hence,
decreasing load frequency tends to reduce the fatigue strength of the material. On the other
hand, the viscoelastic dissipation under cyclic loading leads to autoheating of the matrix
material. The friction at damaged sites also generates heat. Since the heat generation is
proportional to load frequency, increasing frequency would increase the temperature rise and,
thus, result in softening of the material. Depending on the material system, the level and wave
form of cyclic stress, increasing load frequency may either increase or decrease the fatigue
life determined by the balance between the creep and thermal effects.

Fatigue failures associated with large-scale hysteretic heating have been observed in polymers
[9,10] and in glass fiber reinforced epoxy [1] where fatigue life decreased as load frequency
increased. The effect of hysteretic heating was less substantial in graphite/epoxy and
consequently fatigue life increased as load frequency increased [3]. The same trend was
observed in Boron/epoxy [6].

Several studies on fatigue of thermoplastic composite AS4/PEEK have shown that hysteretic
heating in AS4/PEEK is much more pronounced as compared to that in thermoset composites
[4,5,11] and the fatigue life decreases remarkably with increasing load frequency [4,5].  Dan-
Jumbo et al [5] have developed a model to account for the load frequency effect on fatigue
life. Their study, however, was conducted with notched specimens where the thermal effect is
restricted as compared to that in smooth specimens because the heat generated at notch areas
can dissipate into a much larger surrounding materials at lower stresses.
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The present work is aimed at understanding the thermal effect associated with load frequency
on fatigue life of thermoplastic composite AS4/PEEK. To emphasize the thermal effect,
straight sided angle-ply [±45]4s specimens were used. Tensile-tensile fatigue tests were
conducted at three frequencies. The cyclic stress-strain data and temperature variation during
fatigue tests were recorded. A model correlating the thermal effect to the load frequency on
the fatigue life of the thermoplastic composite was proposed.

EXPERIMENTAL

Specimens

AS4/PEEK [0/90]4s panels of 12x12 inches were made from prepreg using a WABASH hot
press following ICI's procedure. The straight sided [±45]4s specimens were then cut from the
laminates. The nominal dimensions of the specimens were 200x18x2 mm with 38 mm long
aluminum end tabs, which follows the specification of ASTM D3479. The ultimate tensile
strength of the [±45]4s laminates was measured to be 338 MPa, which was very close to the
value reported in literature. Fig.1 shows the typical stress-strain curve obtained by static
tensile tests.

Fatigue Test

The tensile-tensile fatigue tests were carried out using a MTS machine under load controlled
mode with sinusoidal load wave form. The stress ratio in fatigue was R=0.13. Three load
frequencies were investigated: 1 Hz, 5 Hz and 10 Hz. At each frequency, fatigue tests were
conducted at three stress levels: 60%, 70% and 80% of the ultimate tensile strength. To
complete the S-N curve, few more fatigue tests were conducted at other stress levels.

During fatigue tests, the load level was monitored from the signal of the load cell while the
axial strain was measured using an extensormeter. The cyclic stress-strain data were collected
at selected cycles. The temperatures were measured during the test using thermocouples
attached to the center region of the specimen surface and recorded by a computer data
acquisition system.

RESULTS AND DISCUSSION

S-N Data

The data on fatigue strength - number of cycle to failure (S-N) obtained are presented in Table
1. The values of the equilibrium or the maximum temperature recorded during fatigue tests
are also listed in Table 1. The S-N curves for three frequencies are plotted in Fig.2, where
symbols are the test data. It is evident that increasing frequency reduced the fatigue life and
this life reduction effect appeared to be larger at lower stress levels.
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Hysteresis Loop

Fig.3 shows the typical hysteresis loops recorded during fatigue tests at 60% stress level  for
the three load frequencies. As seen the shape of the hysteresis loops changed gradually during
fatigue and the way of its change depended upon load frequency. Initially the hysteresis loop
had a shape of slim ellipse and was symmetric to its center, which may be approximated by
two triangles placed base to base as observed by other researchers [1]. With increasing the
number of cycle, the loop nearly collapsed in Fig. 3a and Fig. 3b (1 Hz and 5 Hz,
respectively) but expanded in Fig 3c (10 Hz).

At other stress levels, the evolution of hysteresis loop also appeared to depend upon
frequency. To compare the effect of frequency and stress level on the evolution of hysteresis
loop, the area of hysteresis loop is plotted versus the normalized number of cycle N/Nf in
Fig.4, where Nf is the fatigue life. At 1 Hz (Fig.4a), the area of hysteresis loop  decreased as
the number of cycles increased whereas at 5 Hz and 10 Hz (Fig.4b and Fig.4c) the trend
reversed and this trend became stronger at higher stress levels.

The evolution of hysteresis loop correlated well with the damage extent observed on specimen
surfaces. The main type of damage observed on fatigue failed specimens was matrix cracking.
It was found that, with increasing load frequency and stress level, the intensity of the matrix
cracks increased. The additional energy dissipation as reflected by the expanded hysteresis
loops is likely due to friction at these damaged sites.

Another noticeable point in Fig.4 is the accumulation of creep strain. Regardless of the load
frequency and stress level used,  all specimens failed by fatigue exhibited a total maximum
strain in the range of 18-20%, which is in the range of failure strain obtained by static tests.

Temperature Rise

The typical temperature variations during fatigue tests are shown in Fig.5 for the three load
frequencies at three stress levels. At 1 Hz, temperature rise reached the equilibrium for fatigue
tests conducted at all stress levels and the equilibrium temperature increased with stress
levels. At 5 Hz, a peak in temperature rise curve, which is similar to that reported by [4], was
observed at tests conducted at 60% level. At higher stress levels, monotonic  temperature rises
were recorded. At 10 Hz, continuously rising temperatures were measured at all stress levels.
The values of the equilibrium or the maximum temperature recorded during fatigue tests have
been given in Table 1.

It should be noticed that the temperature measured at specimen surfaces for samples tested at
10 Hz sometimes exhibited a lower value than those tested at 5 Hz at the same stress level.
This is believed due to the delay in thermal conduction. During fatigue tests at higher load
frequencies and higher stress levels, the temperature differences between the center and the
surfaces of the specimens are much higher and the specimens may fail before the temperature
rises are reflected at their surfaces. Indeed, continuous temperature rises were recorded on
specimens tested at 10 Hz even after the fatigue test had been halted upon failure .

Taking this factor into consideration, we may conclude that the decrease in fatigue life of
AS4/PEEK [±45]4s laminates with increasing load frequency is directly related to the
temperature rise associated with hysteretic heating. This is to say that the effect of load
frequency on fatigue life is mainly thermal nature.
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Table 1 Results of fatigue tests for [±45]4s APC2/AS-4 samples

Sample# Frequency
(Hz)

Load level
%σult

Number of
cycles

Temperature
(°C)

2-B-3 1 60 1,400,000* 34 E
4-B-93 1 60 1,200,000* 32 E
2-C-4 1 65 50700 
1-A-3 1 70 20650 43 E
1-B-1 1 70 16000 40 E
1-B-8 1 70 21000 45 E

1-B-6 1 70 18800 46 E
3-C-4 1 80 2900 45 E
3-C-22 1 80 3000 45 E

-C-32 1 80 3850 
1-L-6 1 80 3570 45 E
2-C-2 1 93 1500 
2-B-2 5 60 100,000 84 F

1-A-4 5 60 186,000 84 F
3-B3 5 70 2200 127 F
3-B-1 5 70 1500 
1-K-2 5 70 1100 135 F
1-S-5 5 70 2600 152 F
1-A-9 5 70 2620 127 F

1-K-3 5 75 350 100 F
4-B-8 5 80 200 110 F
4-B-7 5 80 220 97 F

1-B-4 5 80 200 108 F
2-D-5 10 60 540 152 F
1-S-1 10 60 575 140 F
1-K-7 10 60 1040 
1-S-2 10 60 580 
1-S-8 10 70 450 136 F
1-S-9 10 70 260 95 F

1-K-1 10 70 280 
1-L-2 10 70 470 119 F
2-D-4 10 75 450 80 F
2-D-2 10 80 200 110 F

2-D-3 10 80 180 102 F
1-S-6 10 80 315 135 F
1-S-7 10 80 120 
1-A-7 10 80 100 90 F

Sample did not fail after this number of cycles.
E : equilibrium temperature.
F : failure temperature.
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A MODEL FOR THERMAL EFFECT ON FATIGUE LIFE

Literature data and our experimental results have shown that thermal degradation associated
with hysteretic heating is the dominant frequency effect on fatigue life of thermoplastic
composite AS4/PEEK.

For viscoelastic materials, the rate of hysteretic heating is determined by the hysteretic energy
dissipated under fatigue loading [9].

w = πfD"(f,T)σ2 (1)

where w =energy dissipated, f = frequency, D" = the loss compliance, σ = the peak stress.

The hysteretic heating can  also be measured directly from the area of hysteretic loop. Hanh
and Kim [2] have shown that the hysteretic energy can be approximated by

w = C(1-R)2σ(σ-σt) (2)

where C is a parameter related to the mid-width of the hysteretic loop, R is the stress ratio of
the fatigue test and σt is the threshold stress below which no hysteretic heating is measured.
The hysteretic heating rate is given by

q = C(1-R)2σ(σ-σt)f (3)

From heat transfer analysis, the equilibrium temperature is found to be proportional to q and
hence may be predicted by

T = T0+ η'[(1-R)2σ(σ-σt)f]β (4)

where η' and β are parameters, T0 is the environment temperature.

An observation of S-N curves suggests that these curves may be described by the following
function

Log(N)(σ-σ0')=C (5)

where σ0' is the fatigue limit, C is a parameter. The strength of viscoelastic materials is
sensitive to temperature, so is the fatigue limit. Assuming that the effect of temperature on
fatigue limit σ0' follows an exponential function

σ0' = σ0exp[-η"(T-T0)] (6)

With Eq.4, Eq.6 becomes

σ0' = σ0exp{-η[(1-R)2σ(σ-σt)f]β} (7)



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 133

Substitute Eq.7 into Eq.5 and introduce stress parameters p=σ/σult, p0=σ0/σult and pt=σt/σult
we obtain the mathematics model for thermal effect on fatigue life of materials

Log(N){p-p0exp[-η((1-R)2p(p-pt)f)β]}=C (8)

Eq.8 is actually a variation of the model presented by Dan-Jumbo et al [5] but, instead of
employing the temperature rise data, here the thermal effect is directly related to the stress
level and load frequency. In addition, the model in [5] is based on crack growth in viscoelastic
media, whereas Eq.8 is based on the assumption of a general strength degradation of the
material and hence it is suitable for smooth composite samples.

By curve fitting the data given in Table 1 and with p0=0.55, pt=0 and R=0.13,  the values of

the parameters in Eq.8 were determined as follows: C=1.7, η =1 and β=0.5.  The S-N curves
predicted by Eq.8 are presented in Fig.2 by dashed lines to compare with the test data. In
general, the model predicted the trend of load frequency effect except for 5 Hz at 60% stress
level.

CONCLUSIONS

Tensile fatigue tests of [45]4s AS4/PEEK laminates were carried out at three frequencies: 1
Hz, 5 Hz and 10 Hz. Substantial temperature rises were recorded during fatigue tests,
especially  at higher frequencies and stress levels. Fatigue life reduced significantly as load
frequency increased. The results clearly indicate that the effect of load frequency on fatigue
life was dominated by thermal effect. A model correlating thermal effect with load frequency
and stress level was proposed. The prediction by the model agreed reasonably well with the
test data.
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RESIDUAL STRENGTH OF GRP AT HIGH CYCLE
FATIGUE

J. Andersons1, J. Korsgaard2
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SUMMARY:  Residual strength degradation of glass-fiber reinforced polyester composite of
a lay-up typical for wind rotor blade material is studied at low-cycle fatigue. Gradual
reduction of remaining strength is observed as expected for GRP, accompanied by increasing
scatter. Residual strength model based on strength-life equal rank assumption yields accurate
approximation of experimental data. Strength reduction at stress level corresponding to high-
cycle fatigue (N>106 cycles) appears to correlate well with higher stress level test results
indicating that strength degradation at design stress level can be evaluated using low-cycle
tests. Assuming that strength degradation model parameters do not depend on applied stress
level, residual strength data obtained at low stress level tests of comparatively short duration
can be used to estimate the average fatigue life at the same stress thus considerably reducing
total test time.

KEYWORDS:  fatigue, residual strength, glass/polyester composite

INTRODUCTION

Fail-safe strength design of engineering composite structures has to ensure that appropriate
residual static strength level is maintained during design life. The latter is typically too long to
allow conventional fatigue and residual strength tests to be performed at the desired low
design stress level. Hence fatigue test data are usually extrapolated to low stress levels of
interest. In order to improve the accuracy of remaining strength and life estimates, a model of
composite fatigue behavior during high-cycle fatigue verified by experimental data is
necessary.

Residual strength models have been developed for prediction of residual strength and life
distribution under constant amplitude, block [1], and spectrum loading [2]. Modifications
taking into account mean stress effect [3], competing failure modes [4], degradation
mechanism change [5] have been proposed. In [6] residual strength model is used to
extrapolate experimentally derived S-N curves. The model predictions satisfactorily agree
with experimental data in the stress range covered, which in most investigations is limited by
that corresponding to fatigue life of about 106 cycles. Less research is dedicated to strength
degradation at lower cyclic stress levels which are of primary significance for long-term
applications.
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With this aim residual strength degradation at a range of stress levels has been studied
experimentally, and a method of fatigue life estimation based on limited amount of residual
strength tests at the stress level of interest is proposed.

MATERIAL  AND TESTS

Glass fiber reinforced polyester used as a blade material for wind turbines was tested. The
material was produced by hand lay-up, and comprised chopped strand mat, unidirectionally
reinforced, and fabric layers in the following sequence: /CSM, fabric,(CSM, UD)2/ S. The
resin used was an orthophthalic polyester (Norpol 410M910). The average fiber volume
fraction was 41 %. Longitudinal modulus and tensile strength were correspondingly E= 30 ±
2 GPa and S= 672 ± 21 MPa.

Dog-bone shape specimens were used for tensile static strength and fatigue tests. Static
strength distribution is shown in Fig. 1, and fatigue diagram - in Fig. 2. Fatigue tests were run
at ambient conditions. Loading frequency was 17 Hz, stress ratio r = 0.1. Residual tensile
strength degradation was studied at a number of stress levels. The results are shown in Table
1.

Table 1: Residual strength

Maximum
stress, MPa

Duration of
loading,
cycles

Duration of
loading,

fraction  of
nominal life*

Number of
specimens

tested

Average
residual
strength,

MPa

Standard
deviation of

residual
strength, MPa

284 2.5 ⋅ 104 .17 7 604 27
5 ⋅ 104 .33 9 555 35
1 ⋅ 105 .66 7 507 53

1.24 ⋅ 105 .82 8 493 82
235 2 ⋅ 105 .15 6 628 27

4 ⋅ 105 .30 7 598 30
221 4 ⋅ 105 .16 5 628 31
206 4 ⋅ 105 .08 5 634 28
186 8 ⋅ 105 .07 7 635 35
167 1.6 ⋅ 106 .06 5 617 3

*life fraction reported in the Table is calculated with respect to linear approximation of lgN vs.
σ diagram

MODELING OF RESIDUAL STRENGTH DEGRADATION

Majority of residual strength R degradation models can be derived from the following rate
equation:

( ) ( )dR

dn
f r S g R h n= ( , , )σ        (1)



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 137

supplemented by initial condition ( )R S0 =  and failure criterion ( )R N = σ , where R -

residual strength, S- static strength, N- fatigue life at cyclic stress with maximum value σ, n -
current number of loading cycles. Non-linearity of strength reduction is accounted for by
appropriate choice of functions g and h. Models derived assuming that strength degradation
rate does not explicitly depend on either n (i.e. h=1) or R are commonly used. Since there is
little physical background for favoring any of these approaches, both of them are considered
below.

Statistical Model

Taking g R h= ≡− +1
11

ν
ν ,  andf

S

S Nc c
= −

−
− ∗

ν νσ
σ

1
,  residual strength model [7] is recovered,

and residual strength R of a specimen with initial static strength value S after fatigue loading
of n cycles at a constant maximum stress level σ  is:

R S
S

S

n

Nc c
ν ν

ν νσ
σ

= −
−
− ∗     (2)

Residual strength distribution is derived in [7] assuming Weibull distribution function for
static strength S:

( )F S SS = − −1 exp[ ]α (3)

and fatigue life (at constant maximum stress level σ):

( )F n
n

NN
c

c

= − − +

















∗1 exp
/

σ
α

(4)

All variables with stress dimension are normalized by Weibull scale parameter β of static
strength distribution; N ∗ - characteristic fatigue life at stress level σ. It follows from (4) that it
is related to the mean life N :

N N
c c= +





+∗Γ 1
α

σ (5)

Residual strength distribution is given by Eqn 6:

( ) ( )F R S S RR = − −1 0exp[ ]α α (6)

where by S(R) is denoted the static strength value corresponding to residual strength R and
obtained solving (2) for S.  Parameter S0  accounts for the fact that residual strength can be
determined only for the specimens that have survived fatigue loading, i.e. for which

( )R n > σ . Therefore S0  is calculated from (2) replacing R by σ.
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The model described comprises five material parameters. They were estimated by maximum
likelihood method as corresponding distribution function parameters in the following order.
First, strength distribution scale and shape parameters β and α were evaluated fitting (3) to
static strength test results (see Fig. 1), then parameter c characterizing fatigue life scatter and
characteristic S-N curve lgN A B∗ = − σ  parameters A and B were determined
approximating constant amplitude fatigue data (Fig. 2) by (4), and the remaining residual
strength degradation rate parameter ν - fitting (6) to residual strength data at σ = 284 MPa
(Fig. 3). Parameter values are shown in Table 2.

Table 2: Model parameter values

αα ββ, MPa c A B, MPa-1 νν
35.1 683 10.8 10.7 .019 2.45

Deterministic Model

If ( )h n n= ⋅ −γ γ 1 and ( )g R ≡ 1 are taken in Eqn 1, it follows that residual strength degrades
under constant amplitude cyclic loading according to relation (7):

( )R S S
n

N
= − − 





σ
γ (7)

Although the model allows statistical treatment, strength and fatigue life in Eqn 7 are
normally substituted by their average values therefore making model deterministic (see e.g.
[8]).

Deterministic model, unlike the statistical one, cannot account for apparent slowing down of
strength reduction at n approaching mean fatigue life N (and caused by failure of weaker
specimens during cycling). Therefore average residual strength values at σ = 284 MPa
obtained at loading duration up to .66N only were used for parameter γ determination,
resulting in γ = 1.33 (see Fig. 4).

RESULTS AND DISCUSSION

Residual strength data apparently form a mastercurve (Fig. 5), when plotted as a function of
nominal life fraction spent under cyclic load. It makes it possible to roughly estimate residual
strength reduction at low cyclic stress level using high stress level data. Variation of
remaining strength for small to medium loading duration in terms of life fraction (n/N<.35) is
very close to that of static strength with the exception of the lowest stress level considered σ =
167 MPa. Standard deviation of residual strength for the latter was almost an order of
magnitude less then that of static strength.

In order to check whether strength degradation model parameters are stress dependent, they
were determined from two residual strength data sets obtained at σ = 284 MPa (corresponding
fatigue life N=1.9 ⋅ 105) and σ = 235 MPa (N=1.7 ⋅ 106). Stress levels were chosen so that they
lay within the stress range at which fatigue tests were performed, so that reliable estimate of
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corresponding fatigue lives was available. Model parameters for data generated at σ = 284
MPa are listed above, while for σ = 235 MPa they are ν = 2.36 (statistical model) and γ = 1.28
(deterministic model). The difference in parameter values determined at different stress levels
is negligible for both models, therefore they can be considered material parameters. Prediction
of residual strength distribution at σ = 235 MPa by statistical model (Fig. 6, 7) and mean
strength degradation by deterministic model (Fig. 4) using model parameters determined at σ
= 284 MPa show very good agreement with test data.

Assuming that further reduction of cyclic stress level will not influence model parameters,
low stress residual strength data can be used for estimation of the corresponding fatigue life.
For deterministic model, relation for mean life estimate at stress σ follows from Eqn 7:

N n
S

S R
= −

−






σ γ1/ (8)

For statistical model, maximum likelihood method was used for determining the value of N*

in Eqn 2 that yields the best fit of distribution function (6) to residual strength data obtained at
the corresponding maximum cyclic stress σ. Theoretical residual strength distributions are
plotted in Fig. 8-10. This method allows to calculate also standard deviation of N, thus
allowing to evaluate the accuracy of prediction. For the lowest cyclic stress value considered
estimated variation of N was of the same order as N clearly indicating that statistical model is
not applicable in this case.

Predicted fatigue life at low stress is shown in Fig. 2. Fatigue life estimates by both residual
strength models are very close to each other, and slightly below extrapolation line of
experimental S-N data.

CONCLUSIONS

Residual strength data vs. life fraction of GRP under load form a mastercurve, from which a
rough estimate of strength reduction at the cyclic stress level of interest can be obtained.

Strength degradation model parameters appear not to depend on cyclic stress level. It permits
to estimate fatigue life of composite at a given stress level from a limited amount of residual
strength test results at the same test level.
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A STOCHASTIC CUMULATIVE DAMAGE MODEL
FOR THE FATIGUE RESPONSE OF LAMINATED

COMPOSITES
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Concordia University, Montreal, Quebec, Canada.

SUMMARY:  Polymer-matrix fibre-reinforced laminated composites display considerable
variability in their fatigue response. Existing works on the quantification of fatigue response of
composite laminates have deployed statistical and probabilistic approaches. These approaches
are however inadequate for the prediction of the fatigue response as well as its probabilistic
characteristics, and for the determination of reliability for use in design. In the present paper, a
new cumulative damage model is developed based on a stochastic approach. The damage
evolution in the composite laminate is quantified through the compliance increase in the laminate
based on the embedded Markov process theory. The prediction of increase in compliance and the
associated probabilistic characteristics is carried out based on this model. The fatigue response of
a graphite epoxy composite laminate is then analyzed based on the new model using the test
data. The composite material considered is AS 4/3501-6 graphite epoxy cross ply lay up [0/90]4s.

KEYWORDS:  fibre-reinforced polymer-matrix laminated composites, fatigue behaviour,
stochastic process modelling and analysis, markov chains

INTRODUCTION

Laminated composites are known for the high degree of variability in their mechanical
properties. In particular, the behaviour and engineering properties of polymer-matrix laminated
composite materials are significantly affected by the technological process defects, design errors
at both material and structural level, and environmental effects which are random in nature.
However, for quantifying the fatigue behaviour of composite laminates, so far only a
deterministic approach has in most cases been deployed. This deterministic approach has
resulted in disagreement between theory and practice.

Weibull [1] introduced into fatigue failure studies a probability distribution function in order to
account for the variations in the life data of mechanical components made of metallic materials.
Reliability analyses have been developed for metallic structures based on this distribution
function. The Weibull distribution function has also been used to model the fatigue life data of
composites [2-4].

The Weibull distribution function frequently provides a reasonable fit to the probability
distributions of life times that have been obtained from fatigue tests or service operation. Some
aspects of variability in life time can be assessed and accounted for. However, (i) the probability
distribution function of life times has not been related to the fatigue damage process, (ii) it is not
possible to separate and account for the major sources of variability in material response, (iii) the
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correlation characteristics of test data are not accounted for, and (iv) the nature of physical
process is not reflected. Further, there are only two limiting states of the material in the Weibull
distribution based fatigue model, that are (i) satisfactory (no damage) and (ii) failure (completely
damaged). This imposes severe limitations on the validity and applications of this model. For
instance, one can not incorporate the initial damage distribution (for a composite, this refers to
the fluctuations in the initial elastic modulus) nor it is possible to trace the damage accumulation
during service using the Non-Destructive Testing (NDT) techniques. A rigorous stochastic
approach can take into account all sources of variability in material response and lead to a
reliable prediction of material response.

Fundamental to the design of composite structures is a model that can be deployed for the
prediction of fatigue damage accumulation. The development of a cumulative damage model
based on a rigorous stochastic approach and the associated prediction scheme is the objective of
the present work.

MARKOV PROCESS MODELLING OF COMPLIANCE

The model developed here considers the "Cumulative Damage (CD)" due to fatigue, which is the
irreversible accumulation of fatigue damage in the composite material. A "Stochastic
Phenomenological Model" is developed, since the experimental data display considerable
randomness. The central idea is that in a suitably defined "Duty Cycle (DC)" a random amount
of fatigue damage is accumulated in the composite laminate. This fatigue damage in turn results
in the reduction of the elastic modulus of the laminate.

It is quite natural and reasonable to assume that the increment of damage at the end of a DC
depends in a probabilistic manner on the amount of damage present at the start of the DC, on that
DC itself, and is independent, in the probabilistic sense, of how (i.e. the damage development
path) the damage was accumulated up to the start of that DC. This corresponds to the Markov
assumption in the stochastic process theory.

It may be noted here that the Markov assumption is consistent with the system theory concepts
that are well established. The laminate specimen can be viewed as a dynamic system. At any
instant of time (or equivalently the load cycles), the compliance of the laminate is analogous to a
variable system parameter. The input to the system, i.e. the excitation, is the loading during a
DC. The increase in the compliance of the sample (i.e. damage increment) can be viewed as an
output (i.e. response). The Markov assumption then simply implies that the response of the
system (which is the increase in compliance at the end of a DC) is a function of the system
parameter (i..e. the fatigue damage that has been present in the laminate before the DC was
applied which is indicated by the laminate compliance at the start of the DC), and the excitation,
and is independent of the way with which the value of the system parameter (i.e. the fatigue
damage in the laminate at the start of DC) has been arrived at.

It is well known that (i) unlike the metals in a composite laminate various damage mechanisms
become simultaneously active, and (ii) the viscoelastic response of the laminate is path-
dependent. However, the fatigue damage in a laminate is not quantified in terms of the length of
the fatigue crack or any other physically-observable variables (for which the path dependency is
an important consideration) as in the case of metals. Rather, a material parameter such as
compliance that is sensitive to, reflective of and representative of whatever forms of fatigue
damage is deployed as a "system descriptor" or "damage development indicator". Also, this
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parameter is determined from the instantaneous response of the laminate and not from the
transient response.

Test data regarding the elastic modulus are collected using nominally-identical composite
specimens that are subjected to fatigue loading. The compliance, which is the reciprocal of
elastic modulus, increases as the fatigue damage sets in. The compliance is denoted here by C
and the number of load cycles is denoted by n. The values of the stress ratio and the stress
amplitude of the fatigue loading are denoted by R and S respectively.

For each test specimen, the C - n curve can be plotted. Due to the inherent variability associated
with the accumulated damage, this curve varies from specimen to specimen. Typical sample
realizations are depicted in Figure 1. The stochastic process modelling the compliance is denoted
as {C(n, S, R), n ∈ N, S ∈ A, R ∈ B}, where N, A and B are the respective sample spaces of the
number of load cycles, the stress amplitude and the stress ratio. The sets N, A and B are the
index sets of the stochastic process {C(n, S, R)}.

The discrete set of damage states is determined based on the following procedure. The entire
range of compliance values is calculated from the sample test data. This range is then divided
into m number of equal or non-equal intervals, (C2 - C1), (C3 - C2), ........., (Ci+1 - Ci), ......, (Cm+1 -
Cm), where Cm+1 is the maximum value of the compliance.

Finite Markov Chain

The compliance process is viewed as a Markov process. The compliance process is non-
homogeneous because the compliance is a continuous function of the number of load cycles. The
index set N of this non-homogenous Markov process is (n0 , n1 , n2 ,......, nj-1 , nj, .........nmax ) and
the state space is  (1, 2, 3, ......, j-1, j, .......m). Both these index sets are discrete. A Markov
process that has discrete index sets is called as Markov Chain (MC). Since the index sets are
finite, the compliance becomes a Finite Markov Chain.

Transition Probability Function (TPF)

 As a result of the Markovian property and non-homogeneity of the stochastic process,

pij (nk-1 , nk )  =  P [C(nj) = j | C(nj-1) = i ];  nk � nk-1 (1)        

where pij (nk-1 , nk ) is the Transition Probability Function (TPF), which is the probability of the
composite specimen entering a new damage state j at loading cycle nk, given that it is currently in
damage state i at loading cycle nk-1 . Based on the definition of the conditional probability
density function, joint probability density function and Bayes' theorem [5] this equation can be
recast into

pij (nk-1 , nk ) = P{[Cj � C(nk ) � Cj+1 ] ∩ [Ci � C(nk ) � Ci+1 ]}/P[Ci � C(nk ) � Ci+1 ]         (2)

The individual probability density functions of random variables Ck-1 and Ck are denoted by fCk-1

(ck-1) and fCk (ck ) respectively. The joint probability density function corresponding to these two
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correlated random variables is denoted by fCk-1 Ck ( ck-1 , ck ). The TPF between damage states i
and j, can be determined according to

pij (nk-1, nk ) = ,Cj
Cj+1 ,Ci

Ci+1 fCk-1 Ck (ck-1 , ck) dck-1 dck /{,Ci
Ci+1 fCk-1 (ck-1)dck-1 }        (3)

Transition Probability Matrix (TPM)

Generalizing Eq. (2) for all possible damage states included in the state space, the Transition
Probability Matrix (TPM) of the composite specimen, denoted by [-(nk-1 , nk)], when the load
cycle is increased from nk-1 to nk, can be obtained. Since all damage states are mutually exclusive
and collectively exhaustive, the sum of the probabilities in any row of the TPM that has non-zero
probabilities is equal to unity. When the load cycle is nk-1 , the compliance is C(nk-1) = i. Now, if
the load cycle is increased to nk , the compliance is C(nk) = j. It is also possible that C(nk) = C(nk-

1) so that j = i. However, the system can not make a transition form a higher state to a lower state,
i.e. C(nk) � C(nk-1) so that j � i. The final state m is the "absorbing state" and so pmm (nk-1 , nk) = 1.

M-Step Transition Probability Matrix

The transition probability matrix of the composite specimen corresponding to any initial load
cycle n0 and any final load cycle nm can be determined in terms of the transition probability
matrices, based on the stochastic process theory. The resulting matrix of order m x m is called as
the "M-Step Transition Probability Matrix (M-Step TPM)" and is denoted by [- (n0 , nm)]. In
order to determine this matrix, use is made of the Chapman-Kolmogorov Theorem [5]. The
product equation for the M-Step TPM is obtained as

[- (n0 , nm)]  =  [- (n0 , n1)] x [- (n1 , n2)]  x  [- (n2 , n3)] x......x [- (nm-1 , nm)]   (4)
    
In order to determine the unconditional probabilities of the damage states of the specimen, given
the initial damage state distribution, when the load cycle is increased from n0 to nm, the following
equation is derived.

{-U(n0 , nm)}  =  {- (0)} x [- (n0 , n1)]  x [- (n1 , n2)] x......x [- (nm-1 , nm)]                     (5)

In this equation, {- (0)} denotes the initial damage state (row) vector of the specimen which
consists of the probabilities of the specimen in different damage states at load cycle n0.

Prediction of Damage States at any Load Cycle

The initial and final values of load cycles that have been included in the test program are first
considered. This duty cycle is expressed in terms of m number of smaller duty cycles. For each
smaller duty cycle, the transition probability matrix is determined according the procedure given
in the foregoing. This way, m number of transition matrices will be available. For each entry in
the transition probability matrix, m number of values will be available. For instance, consider
any transition probability pij. If 10 steps (smaller duty cycles) are considered, ten values of this
transition probability viz., 1pij , 2pij , 3pij , ..........., 10pij will be available. These ten values are
considered as constituting a random variable. Further, it is assumed here that this random
variable, denoted by pij has a Gaussian distribution.
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The ten sample values are used as a basis for predicting the value of transition probability pij that
corresponds to the duty cycle defined by the final load cycle value of the 10-the (smaller) duty
cycle and the value of the load cycle at which the prediction is to be made. The relevant rationale
and procedure are outlined in the following.

(i) For the random variable pij, a Gaussian probability density function is fitted using the ten
sample values available. The parameters of this Gaussian density function, µij  and σij  , can be
determined following the standard parameter estimation techniques [6]. A suitable statistical
analysis program is available in the MATLAB software, and this program was used in the
present work.

(ii) A standardized random variable zij is defined according to the relationship
zij = (pij-µij)/σij . This standardized random variable will also have Gaussian distribution because
the Gaussian nature of probability distribution does not change when a linear transformation of
normal random variable is performed.

(iii) Now, the concepts of reliability theory and failure probabilities [7] are deployed. It can be
proved using the probability theory and system reliability theory that a value of pij that
corresponds to a reliability R (say 90%) can be obtained by first determining the value of z90

such that the area bounded by the density function curve of zij between the range -∞ to z90 is 0.9,
and then calculating the value of pij according to the relationship (z90 σij  ) + µij  . For instance,
when the reliability is 90%, the value of z90 is approximately equal to 1.3. Now consider a
transition probability, say p33. By fitting a Gaussian distribution, the parameters of Gaussian
density function for p33 can be obtained and say, they are equal to, 0.4819 and 0.2843 (it is
worthwhile to note the magnitude of randomness in the values of p33, which is approximately
60% in the above example). The value of p33 which will have a reliability of 90% (i.e. the
probability that this value will be exceeded in actual test results is 10%) is {[1.3 (0.2843)] +
0.4819} which is equal to 0.8515. This is the predicted value of p33. This procedure is followed
to determine the predicted values of all the transition probabilities. This way, the complete
transition probability matrix is determined.

Now, the (10+1) - step duty cycle defined by the initial value of the load cycle in the test
program and the value of the duty cycle at which the prediction is to be made, is considered. Ten
transition probability matrices can be determined from test data and the eleventh transition
probability matrix is predicted. The unconditional probabilities of damage states corresponding
to the load cycle at which prediction is to be made can be determined using Eqs. (4) and (5). The
value of m is equal to 11. These unconditional probabilities define the histogram of damage
states corresponding to the load cycle where prediction is to be made.

Analytical Probability Density Functions

The probability density function of the compliance at load cycle nk-1 , which is denoted as fCk-1

(ck-1) is determined based on the Maximum Entropy Method [7]. Based on this method, the
analytical form of the probability density function fCk-1 (ck-1) is taken to be

                                                                                p
fCk-1 (ck-1) = exp [λ0 + Σ     λi ck-1

i ]      (6)
                                                    i = 1
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The values of the parameters λi , i = 0, 1, 2,..., p are determined such that the entropy of the
random variable ck-1 given by

S  =  -  ,  fCk-1 (ck-1) ln [  fCk-1 (ck-1) ] dck-1                    (7)
                                                   R

where R denotes the range of the random variable ck-1 , is maximum, subject to the following
constraints: (i) the total probability is unity, i.e.

,  fCk-1 (ck-1) dck-1 = 1       (8)
                                                           R

and (ii) the probabilistic moments of the random variable ck-1 defined in terms of the probability
density function fCk-1 (ck-1) are equal to the corresponding statistical moments obtained from the
compliance data, i.e.

                      ,  ck-1
i  fCk-1 (ck-1) dck-1 = Mi  , i = 1, 2, ..., q (9)

                             R

where Mi is the i-th statistical moment about the origin of the compliance values ck-1 .

Further details regarding the Maximum Entropy Method can be found in Ref. 7. The above
problem should be solved based on the techniques of optimization. The optimization technique
that is best suited to this problem is the Nonlinear Programming Technique proposed by
Jacobson and Oksman [8].

Joint Probability Density Functions

The joint probability density function is determined based on the relative frequency approach [6],
in the form of a three-dimensional histogram.

EXPERIMENTAL INVESTIGATION

The composite material considered is AS 4/3501-6 Graphite Epoxy cross ply lay up [0/90]4s.
Plates made up of this material and of dimensions 280 mm x 250 mm x 1 mm were
manufactured. The manufacturing conditions are as follows: Each plate is first heated for 1 hour
at a temperature of 116o C and at a pressure of 586 kPa (full vacuum), then it is heated for 2
hours at a temperature of 176o C and at a pressure of 655 kPa (full vacuum). Each plate was then
used to produce 10 specimens each of dimensions 280 mm x 25 mm x 1 mm. Aluminium plates
30 mm x 30 mm x 0.2 mm were attached to the gripping regions of the specimens, using the
ASTM D 3039/D 3039-93 test procedure. The effects of relaxation stresses induced during
manufacturing usually disappear about six months after fabrication, as described in [9]. In order
to minimize the effects of stress relaxation, all the tests for a batch of specimens were carried out
at a fixed time, that is one month after conditioning, after which 90% of the recovery has taken
place.

The environmental conditions can seriously affect the damage properties of composites. In
particular, the internal stress caused by machining and the moisture induced during machining
can change the value of the damage measure, and so the specimens must be conditioned before
testing. The method previously used in Ref. 9 has been employed in the present work, in this
regard. It consists of (i) heating the specimens at 100o C in an oven for 2 hours, (ii) raising the
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temperature to 170o C and holding it for two hours, and (iii) leaving the specimen at room
temperature for at least one week before testing. All the plates were tested for defects using C-
scanning technique and using microscopic inspection for voids, and only those plates that met
the required quality were chosen for static and fatigue tests.

Static Testing

In the experimental investigation, considerable attention has been paid to ensure the quality of
the composite specimens and test procedures. Two specimens were chosen from each plate to be
tested for static properties and strength, and those specimens were chosen from a random
position in the plate. The specimens were tested for their tensile properties in accordance with the
ASTM D 3039/D 3039-93 standard test method for tensile properties of polymer matrix
composite materials. Only those plates with specimens having tensile strength and modulus
within 10% variation of the average tensile strength and average modulus of all tested
specimens, were accepted. All other specimens were rejected. The (statistical) average tensile
strength of the tested specimens was 614 MPa with a standard deviation of 49.5 MPa. The
(statistical) average Young's modulus of the tested specimens has been 61.151 GPa with a
standard deviation of 2.27 GPa.

Fatigue Testing

Tests were conducted at room temperature on an MTS hydraulic machine. Specimens were
clamped to the machine grips using Al tabs as outlined in the ASTM D 3039/D 3039-93 test
procedure. An on-axis T-T fatigue load at 5 Hz frequency and with a load ratio R of 0.1 was
applied. The maximum load is chosen to be that required to induce gradual failure to the
specimens. The value chosen corresponds to 70% of the average specimen strength. This value
represents a realistic value used in the design of composite structures. The fatigue/static strength
ratio for uniaxial CFRP is widely quoted [10] as being about 70% for endurance of about 107

cycles. The stress level selected is at a middle level between the higher applied stress levels
resulting in higher stiffness at failure and shorter fatigue lives, and the lower stress levels which
induce more total damage than higher stress levels (as evident by the greater amount of stiffness
reduction at failure). The fatigue modulus was obtained by dividing the maximum applied stress
by the corresponding strain. The values were monitored continuously during load cycling. The
values of fatigue compliance at different number of load cycles were plotted in Figure 1.

NUMERICAL RESULTS FOR THE MARKOV CHAIN

Step 1:Determination of the damage states: The largest value in the state space i.e. the largest
value of the compliances of all test specimens, is 1.7831 x 10-11 Pa-1 and the lowest value is
1.6114 x 10-11 Pa-1, as can be seen from Figure 1. This range of compliance values is then
divided into seventeen damage states of same size.

Step 2:Generate Probability Density Functions for Each Compliance Value Set  C(nk-1): The first
four statistical moments, i.e. M1, M2, M3 and M4, of each compliance value set C(nk-1) are
determined and are used as constraints in the determination of  fC k-1 . The maximum entropy
method yields the values of the five parameters viz., λi, i=0, 1, 2, ..., 4, for each
fC k-1. The values of these parameters are listed in Table 1.
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Table 1:  List of the values of λi  at five load cycles

λ0 λ1 λ2 λ3 λ4

0     cycle
101 cycles
151 cycles
201cycles
251 cycles

-59.75927
-52.95307
-10.20866
11.63882
-1.021048

12.11768
4.758957
0.032665
-1.913443
-0.437083

-0.976104
-0.163753
0.0168172
0.0765457
0.0163917

0.0350279
0.0024078
-0.000467
-0.001223
-0.000210

-0.000468
-0.000013
0.0000034
0.0000067
0.0000008

Step 3:Determination of Joint Probability Density Functions: Five three-dimensional histograms
that correspond to five smaller duty cycles (0, 101), (101, 151), (151, 201), (201, 251) and (251,
301) are determined.

Step 4:Evaluation of Transition Probability Matrices: The transition probability matrices can
now be evaluated using Eq. (3). The single-variable integration is performed using a subroutine
available in MATLAB software. At this stage, the sum of the non-zero transition probabilities in
each row of the transition probability matrix is calculated. Theoretically, the sum must be equal
to unity. However, for practical purposes, a tolerance margin of � 10% is used in the present
work. If the sum of the transition probabilities is more than 1.1 or less than 0.9, suitable
modifications have to be made as to the bounding compliance values of the damage states Ci , i =
1, 2, ..., 18 and/or the bounds used for the single-variable distributions. An iterative procedure is
hence called for. The five transition probability matrices each of order 17x17 corresponding to
the five duty cycles (0, 101), (101, 151), (151, 201), (201, 251) and (251, 301) are obtained using
the above procedure. The matrices [Π(0, 101)] and [Π(101, 151)] are considered for illustrative
purposes and those parts of the rows and columns of these matrices that have non-zero entries are
given below:

[Π(n0, n1)] = [Π(0, 101)]:
Row 1 0.0 0.4369 0.2496 0.1872 0.1248 0.0 0.0
Row 2 0.0 0.2003 0.5342 0.1335 0.0668 0.0668 0.0

[Π(n1, n2)] = [Π(101, 151)] :
Row 2 0.0 0.3064 0.7149 0.0 0.0 0.0 0.0
Row 3 0.0 0.0 0.5243 0.5243 0.0 0.0 0.0
Row 4 0.0 0.0 0.0 0.3935 0.5902 0.0 0.0
Row 5 0.0 0.0 0.0 0.0 0.2792 0.5583 0.0
Row 6 0.0 0.0 0.0 0.0 0.0 0.9089 0.0

Step 5:Calculation of  m-step Transition Probability Matrices: The 5-step transition probability
matrix [Π(n0, n5 )], which is [Π(0, 301)] can be determined using Eq. (4). The entries in the first
two rows and first six columns of the transition probability matrices have non-zero values and
they are given below:

[Π(n0, n5)] = [Π(0, 301)] =
Row 1 0.0 0.4369 0.2496 0.1872 0.1248 0.0
Row 2 0.0 0.2003 0.5342 0.1335 0.0668 0.0668
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Step 6:Calculation of  the Unconditional Probabilities of Compliances at Load Cycle 301: This
step is carried out using Eq. (5) to determine the probability density function of compliances at
the end of duty cycle (0, 301). The row vector {Π(0)} consists of the probability distribution of
initial damage states of the specimens and is determined from the distribution of C(0). For the
present case the row vector {Π(0)} is given by: {Π(0)} = {0.516129,  0.483871,  0,  0,  0,  0,  0,
0,  0,  0,  0,  0,  0,  0,  0,  0,  0}. The unconditional probabilities of the compliances at n5=301 is
given below:

{ ΠU(0, 301)} = {0.0  0.0967  0.0967  0.3870  0.2580  0.1290  0.0322  0........0}

Prediction of Damage State Probabilities at Load Cycle 351

Now, the duty cycle (301, 351) is considered. Using the transition probability matrices [Π(0,
101)], [Π(101, 151)], [Π(151,201)], [Π(201, 251)], and [Π(251, 301)], the transition probability
matrix [Π(301, 351)] is predicted with a reliability of 90%. All the non-zero transition
probabilities are located within the first six rows and six columns of predicted matrix [Π(251,
301)]:

[Π(301, 351)] :
Row 1 0.0 0.3414 0.1950 0.1463 0.0975 0.0
Row 2 0.0 1.1415 0.7022 0.1043 0.0522 0.0522
Row 3 0.0 0.0 0.8515 0.6060 0.0 0.0
Row 4 0.0 0.0 0.0 1.0259 0.5545 0.0
Row 5 0.0 0.0 0.0 0.0 1.2590 0.4752
Row 6 0.0 0.0 0.0 0.0 0.0 1.2924

The unconditional probability matrix is given by {ΠU(0, 351)}: {0.0  0.0709  0.0965  0.2989
0.3494  0.0899  0.0944  0  0........ 0}, and the corresponding histogram is plotted in Figure 2.
From the test data, the histogram of compliances at load cycle 351 is determined (Figure 3).
They are: {0.0  0.0968  0.0968  0.3548  0.2581  0.0968  0.0968  0  0......... 0 }. A reasonable
agreement can be observed.

CONCLUSIONS

The fatigue behaviour of laminated composites is considered and a stochastic approach to model
and analyze this behaviour is developed. The following major sources of variability in
cumulative damage process are incorporated in the stochastic model: (i) Initial damage state, (ii)
Severity and order of both the load cycles as well as the material damage, (iii) State of damage at
the failure of the test specimen. The severity of load cycle and the material damage (including
the changes in the material properties) is specified in the model in terms of the probability
transition matrix. The variations in the severity of repetitive load cycles and the material damage
are incorporated through the non-homogeneous nature of the damage evolution process. The
randomness in the initial damage due to manufacturing errors, technological process defects,
design errors etc., is specified by the initial damage state vector. The stochastic model developed
in the present work possesses the capability of prediction.
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SUMMARY:  In this research, a deterministic model for predicting the behaviour of
laminated composite pinned/bolted connections under fatigue loading is described.  A
phenomenological modeling technique, called progressive fatigue damage modeling, is
established which is capable of predicting the residual strength, residual stiffness, and fatigue
life of composite laminates.  Stress analysis, failure analysis, and material property
degradation rules are the three major components of the model.  A three dimensional,
nonlinear, finite element technique is proposed for the stress analysis.  Based on the state of
stress, different failure modes are detected by a set of fatigue failure criteria.  To remove the
requirement of the large experimental data base for the failure analysis a normalization
technique is established.  By using this technique the restriction of the application of the
failure criteria to limited states of stresses is overcome.  Material properties of each element
are degraded by using sudden and gradual material property degradation rules.  For this
purpose an analytical technique is established to predict the degradation of material properties
of a unidirectional ply under multiaxial fatigue loading.  Based on the model, a computer code
is developed that simulates cycle by cycle behaviour of composite laminates under fatigue
loading.

KEYWORDS : fatigue, pin, bolt, progressive modeling, failure criteria

INTRODUCTION

One of the earliest papers in fatigue of composite laminates with stress concentrations was
published by Owen and Bishop [1].  Today, there are several experimental [2-5] and
analytical [6-8] research papers in this field.  However, the present state of knowledge is still
in the stage of development and improvement.  Among the existing models, the semi-
empirical model of Kulkarni et al. [6], the critical element model of Reifsnider et al. [7], and
the damage growth model of Spearing et al. [8] are all systematic and methodological,
therefore they are worthwhile for discussion.  The semi-empirical model of Kulkarni et al. [6]
was developed based on a mechanistic wearout [9] framework.  The wearout philosophy
treats fatigue damage as the growth of pre-existing flaws or discontinuities in a material.  By
growing the flaws, the strength of the material decreases and reaches to the level of the state
of stress and finally, catastrophic fatigue failure occurs.  The semi-empirical model was
evaluated by experimental techniques, but little correlation between the theory and
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experiments was found. Although the semi-empirical model of Kulkarni et al. [6] never
showed a correlation with experimental results, there are however many interesting points and
valuable information in their work.  The critical element model of Reifsnider et al. [7] was
developed based on a mechanistic approach.  Their mechanistic approach is based on
micromechanical representations of strength.  Sendeckyj [10] listed some of the weaknesses
of this model.  In the critical model, it is assumed that failure occurs suddenly and everywhere
in the lamina, which is not consistent with the experimental observations.  Also in the model,
the dependence of lamina failure stresses on the lamina thickness in laminates is not properly
considered.  Moreover, the model does not properly account for delamination between the
laminae in the laminate.  The damage growth model of Spearing et al. [8] is based on
quantification of notch tip damage by the extent of the individual failure processes, such as
splitting in the 0o plies and delamination between the 0o ply and off-axis plies.  There are
some limitations in the damage growth model which are listed here.  The model is laminate
geometry dependent, i.e., by changing the lay-up of the laminate, the model must be modified.
Moreover, the existence of transverse ply cracks, which is an important failure mode, is
ignored in their model.  Furthermore, they assume that the damage pattern is similar in all
plies and delamination shape is the same at all interfaces which is not a general assumption.
Also, the shape of the notch is pre-defined.  In addition, their model is only capable of
considering cyclic tensile loading.  Thus all existing models for fatigue analysis of composites
have limitations which make them unsuitable for general use.

PROBLEM STATEMENT

Consider a composite plate with a hole under fatigue pin/bolt loading.  The coordinate axes,
dimensions, and variables are shown in Fig. 1.  At the start of cyclic loading, the strength of
the material is greater than the stress state, therefore there is no static mode of failure
anywhere on the plate.  By increasing the number of cycles from zero, based on the stress
states at each point of the plate, material properties at those points are degraded as a function
of number of cycles. By increasing number of cycles with more degradation of the material
properties and redistribution of stresses, failure begins in regions where the strength of the
material is less than the stress state at that point.  After failure initiation, stresses are
redistributed around failed regions.  By further increasing the number of cycles, failure
propagates in different directions.  Finally after a certain number of cycles the laminate cannot
tolerate additional cycles.  At this point the maximum number of cycles is reached and the
laminate has failed completely.
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Fig. 1:  Composite plate under pin/bolt load

COMPONENTS OF THE MODEL

Progressive fatigue damage model is an integration of three major components.  These are
stress analysis, failure analysis, and material property degradation rules.  There are some
similarities between static and fatigue progressive damage modeling.  However, there are
many features in fatigue progressive damage modeling that make this technique quite
different from static progressive damage modeling.  Details of these differences will be more
clear in the next sections.  In the following, after a brief explanation of each component, the
model is established by the integration of the three components.

Stress Analysis

By considering edge effects, delamination, out-of-plane buckling, and stacking sequence
effects that are fully three dimensional phenomena, and because of material nonlinearity, a
three dimensional nonlinear finite element technique is used for the stress analysis.  Assuming
symmetric geometry, loading, and ply lay-up, suitable boundary conditions are used (Fig.  2).
Radial fixed displacement boundary conditions have been applied on nodes around the hole at
the load region to simulate the pin load.  To simulate a fully tightened bolt, a uniform pressure
is applied on the washer region.  Moreover, to simulate friction between the washer and the
plate, fixed displacement boundary conditions in radial and tangential directions are applied
on nodes on the surface of the composite plate and under the washer region.  The material
properties of a unidirectional ply are assumed to be transversely isotropic.  By this
assumption, in three dimensions, the number of material parameters (strengths, stiffnesses,
and Poisson's ratios) is reduced from eighteen to eleven.  To achieve high accuracy, the
isoparametric quadratic 20-node brick element was used.  Also by using a large number of
elements near the edge of the hole and at layer interfaces, stress singularities have been
considered.
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Fig. 2:  Finite element model

Failure Analysis

Despite the existence of an extensive amount of research on biaxial/multiaxial fatigue of
metals [11], research in the same field on composite materials [12,13] is less complete.
Literature reviews on multiaxial and biaxial fatigue loading of composite materials presented
by Found [12], and Chen and Matthews [13] state that further research in this field is needed.

In this research, seven different failure modes for the unidirectional ply under multiaxial state
of stress are considered which are: fiber tension, fiber compression, fiber-matrix shearing,
matrix tension, matrix compression, normal tension and normal compression failure modes.
Suitable stress-based failure criteria for detecting these modes of failure under static and
fatigue loading conditions are derived.  The effect of material nonlinearity on the
mathematical form of the failure criteria is also considered.  Difficulties and limitations of
application of such failure criteria, in traditional forms, for unidirectional plies under
multiaxial fatigue loading conditions for general stress state and stress ratios are discussed.
Under fatigue loading conditions, the material is loaded by a stress state which is less than the
maximum strength of the material, therefore there is no static mode of failure.  However, by
increasing the number of cycles, the material properties degrade and eventually lower to the
level of the stress state and, at this point, catastrophic failure occurs.  The idea of using
polynomial failure criteria to predict the life of a composite ply under multiaxial fatigue
loading has been utilized by many investigators [14-16].  They used the fatigue strength, as a
function of number of cycles, in the denominators of failure criteria instead of the static
strength of the material.  This strategy is potentially beneficial, however in practice, the
application of their models are restricted to very specific conditions.

To show the restriction of application of fatigue failure criteria in traditional forms, consider
the following fatigue failure criterion introduced by Hashin [15] for fiber tension fatigue
failure mode of a unidirectional ply under a two-dimensional state of stress (biaxial fatigue),
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2 (if gf+ > 1, then failure) (1)

where X t(n,σ,κ) is the residual longitudinal tensile strength of a unidirectional ply under
uniaxial fatigue loading, and Sxy(n,σ,κ)  is the residual in-plane shear strength of a

unidirectional ply under uniaxial shear fatigue loading conditions.  Both Xt and Sxy are
functions of n, σ and κ, which are number of cycles, stress state and stress ratio, respectively.
In practice, designers must deal with a wide range of states of stress, varying from low to
high.  Therefore, in order to apply Eq. 1, the residual longitudinal tensile fatigue strength and
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residual in-plane shear fatigue strength of a unidirectional ply (X t(n,σ,κ) and Sxy(n,σ,κ)) must be

fully characterized under different stress levels and stress ratios.  This requires a large
quantity of experiments just to predict the fiber in tension fatigue failure mode of a
unidirectional ply under simple biaxial fatigue loading conditions.  By considering the other
modes of failure and the multiaxial states of stress which are encountered in the real fatigue
design of composite structures, the proposed method is faced with severe difficulties.

To overcome the difficulties arising from the large quantity of experiments required at
different stress states and stress ratios to characterize the material, many investigators [14-16]
restricted their models to specific stress ratios.  This assumption is too restrictive for general
cases.  For example, in the analysis of a pin/bolt fatigue loaded composite laminate, using a
constant stress ratio leads to incorrect results.  Clearly, for this problem there are different
states of stress at different points in the material.  Also, after applying fatigue load on a
notched composite laminate, failure initiates near the stress concentrations and the material
property degrades, therefore the stress ratio and the state of stress are not constant at different
points.  This means that in practice, stresses redistribute during the fatigue loading.  By
considering the different behaviour of a unidirectional ply for each combination of the stress
state and stress ratio, an infinite number of experiments would be required in order to fully
characterize the residual properties of a unidirectional ply under arbitrary state of stress and
stress ratio.  To eliminate the aforementioned obstacle of using the quadratic polynomial
failure criteria for a wide range of stress state and stress ratio, a novel technique (generalized
residual material property degradation model) which has been explained in detail in other
articles [17,18] published by authors.  The fatigue failure criteria for different modes of
failure are similar to static failure criteria, except that the material properties are not constants
but functions of number of cycles, stress state, and stress ratios.  It should be added that the
effects of material nonlinearity on the fatigue failure criteria are also considered.  A list of
different fatigue failure criteria suitable for detecting various modes of failure is explained
elsewhere [19] and for brevity is not repeated in this paper.

Material Property Degradation

As failure occurs in a ply of a laminate, material properties of that failed ply are changed by
the material property degradation rules.  For each mode of failure, there exists an appropriate
sudden material property degradation rule.  Some of the failure criteria are catastrophic and
some of them are not.  Thus for each failure mode a suitable rule exists.  For instance, after
detecting fiber tension failure mode, which is a catastrophic mode, all of the stiffnesses and
Poisson's ratios of the failed ply are reduced abruptly to zero.  As another example, for matrix
tension failure mode, only the transverse stiffness and Poisson's ratios are changed to zero.
Moreover in fatigue loading, after each number of cycles, material properties of each ply
(strengths, stiffnesses, and Poisson's ratios) are degraded, even though failure is not detected
by any of the above mentioned failure criteria.  For this purpose an analytical technique is
established to predict the gradual degradation of material properties of a unidirectional ply
under multiaxial fatigue loading.

The residual strength of a unidirectional ply under arbitrary uniaxial state of stress and stress
ratio is calculated using the following equation:
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where, R(n,σ,κ) = residual strength, Rs = static strength, n = number of applied cycles, σ =
magnitude of applied maximum stress, Nf = fatigue life at σ, κ = stress ratio, and α and β =
experimental curve fitting parameters.  The residual stiffness of a unidirectional ply under
arbitrary uniaxial state of stress and stress ratio is calculated using the following equation:
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where, E(n,σ,κ) = residual stiffness, Es = static stiffness, εf = average strain to failure, and γ
and λ = experimental curve fitting parameters.  The normalized fatigue life of a unidirectional
ply under arbitrary uniaxial state of stress and stress ratio is calculated using the following
equation:

u =
ln a f( )

ln 1− q( ) c + q( )[ ]= A + BlogNf           (4)

where, f  and u = curve fitting parameters, σa = (σmax - σmin)/2 = alternating stress, σm =
(σmax + σmin)/2 = mean stress, q = σm/σt, a = σa/σt, c = σc/σt, σt = tensile strength, σc =
compressive strength. For the shear loading condition Eq. 4 must be modified.  For a
unidirectional ply under shear, the definitions of tensile strength and compression strength are
meaningless, i.e., there is no difference between positive and negative shear.  Therefore, the
word strength is used instead.  By considering this, the parameter “c” in Eq. 4 is equal to one
(c=1) for shear fatigue conditions.  Also, the experimental results for unidirectional plies
under in-plane shear loading conditions show that a better curve fitting is achieved by adding
a “log10” to the left-hand side of Eq. 4.  Therefore, Eq. 4 is changed to the following form for
the simulation of fatigue life of the unidirectional ply under shear loading conditions.  The
left-hand side of Eq. 5 is still denoted by “u” for brevity.

u = log10(
ln a f( )

ln 1− q( ) 1+ q( )[ ]) = A + BlogNf             (5)

PROGRESSIVE FATIGUE DAMAGE MODEL

The model is explained by means of a flowchart shown in Fig. 3.  As shown in this figure, the
finite element model must first be prepared.  In this step, material properties, geometry,
boundary conditions, maximum and minimum fatigue load, maximum number of cycles,
incremental number of cycles, etc., are defined.  Then the stress analysis, based on the
maximum and minimum fatigue load, is performed.  Consequently, the maximum and
minimum induced on-axis stresses of all elements are calculated.  It should be emphasized
that on-axis stresses for each ply of each laminate of each element at Gauss points are
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calculated and averaged.  Therefore, the stress ratio (κ = σmin/σmax) for each element is
determined.  In the next step, failure analysis is performed and the maximum stresses are
examined by the set of fatigue failure criteria.  If there is a sudden mode of failure, then the
material properties of the failed plies are changed according to appropriate sudden material
property degradation rules.  The stiffness matrix of the finite element model is rebuilt and the
stress analysis is performed again.  New stresses are examined by the set of fatigue failure
criteria.  In this step, if there is no sudden mode of failure, an incremental number of cycles
are applied (e.g., δn = 100).  If the number of cycles is greater than a preset total number of
cycles, then the computer program stops.  Otherwise, material properties of all plies of all
elements are changed according to gradual material property degradation rules using the
generalized material property degradation technique.  Then stress analysis is performed again
and the above loop is repeated until catastrophic failure occurs, or the maximum number of
cycles (pre-defined by the user) is reached.  If catastrophic failure is reached, then fatigue life
and the mechanisms of failure due to fatigue loading have been achieved.  It should be noted
that if the maximum number of cycles is selected as a large number, such as 109, then the
fatigue life of the problem can be obtained by the algorithm.  If the computer program stops
because the user-chosen maximum number of cycles is reached, then the mechanisms of
failure due to fatigue loading are found by examining the final state of damage.  Furthermore,
in the latter case, residual strength of the composite laminate is obtainable by performing a
progressive static damage modeling on the final results of progressive fatigue damage model.

Fig. 3:  Flowchart of progressive fatigue damage model

In order to verify the fatigue progressive damage model, a complete knowledge of material
properties (stiffness, strength, and fatigue life) of a unidirectional ply under static and fatigue
loading conditions is required.  Hence, to run the computer program developed for
progressive fatigue modeling of laminated composites, the mechanical behaviour of a
unidirectional ply under uniaxial static and fatigue loading conditions must be fully
characterized.  For this purpose, the material properties of a unidirectional composite laminate
in static and fatigue loading conditions; in the fiber and matrix directions; under tensile,
compressive, in-plane-shear and out-of-plane-shear loading are required.
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RESULTS

To verify the fatigue simulation capability of the model, fatigue life and residual strength tests
are performed for different ply configurations and load levels.  To show the generality of the
model, simulated results for fatigue life of the pin/bolt-loaded composite laminates are also
compared with independent experimental results available in the literature.  Also, the residual
fatigue life of the pin-loaded composite laminates under two consecutive load levels (low and
high) is measured experimentally and the results are compared with simulated results by the
model.  In the following some of the typical results obtained are presented.  Additional results
are published by the authors elsewhere [17-19].  The results of the fatigue life of pin-loaded
[04/904]s and [904/04]s cross-ply laminates made of AS4/3501-6, are shown in Fig. 4.  As
shown, similar to the static strength behaviour, the pin-loaded [904/04]s laminate shows a
higher fatigue life than the [04/904]scross-ply laminate for the same fatigue loading
conditions.  The main reason for this behaviour is explained by the lower singular stress state
for the [904/04]s cross-ply laminate near the edge of the hole.

To evaluate the progressive fatigue damage model by independent experimental data, the
fatigue life of a pin-loaded quasi-isotropic [0/90/±45]s laminate made of AS4/3501-6 is
simulated and compared with the experimental results of Herrington and Sabbaghian [20].
The fatigue life of the pin-loaded quasi-isotropic laminate is simulated by the progressive
fatigue damage model and compared with the experimental results (Fig. 5).

Fig. 4:  Fatigue life curves of pin-loaded [04/904]s and [904/04]s laminates
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Fig. 5:  Fatigue life of pin-loaded quasi-isotropic [0/±45/90]s laminates (simulation by the
model and experiments by Herrington and Sabbaghian [20])

The progression of damage in a pin-loaded angle-ply [+454/-454]s laminate at different
number of cycles is shown in Fig. 6.  The simulated number of cycles to failure is 25000
cycles, while the experiments show a range of 15000 to 26900 cycles.  As shown, an excellent
agreement between the simulated and experimental results is achieved for mode of failure.

simulated by the model after 0, 18000 and 25000 fatigue loading cycles

experiment at final failure

Fig. 6:  Progression of damage in a pin-loaded angle-ply [+454/-454]s laminate
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SUMMARY

The present research establishes a new modeling approach to simulate the behaviour of
composite laminates under general fatigue loading conditions.  Using the idea of the
traditional progressive damage model which is capable of simulating of static behaviour of
composite laminates, the progressive fatigue damage model is developed.  The model consists
of three major components: stress analysis, failure analysis and material property degradation
rules.  The model determines the state of damage at any load level and number of cycles, from
failure initiation and propagation to catastrophic failure.  The model is able to predict the
residual strength, residual life, final failure mechanisms and final fatigue life of composite
laminates under general fatigue loading conditions.  Based on the model, a computer code is
developed which simulates the cycle-by-cycle behaviour of composite laminates under fatigue
loading conditions.  The capabilities of the model are examined by simulation of a pin/bolt-
loaded composite laminates as a complicated example.
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FATIGUE  BEHAVIOR OF THE CABON/EPOXY AND
THE CARBON/PEEK COMPOSITES SUBJECTED TO

LOW-ENERGY IMPACT

Nyan-Hwa Tai1, Ming-Chuen Yip1,2, Chih-Ming Tseng2 and Hui-Chia Yu2

1 Materials Science Center and 2 Department of Power Mechanical Engineering
National Tsing- Hua University, Taiwan, R.O.C.

SUMMARY:  Fatigue behaviors of carbon fiber reinforced thermosetting and thermoplastic
composites with and without subjecting low-energy impact were investigated. The [0/45/90/-
45]2S T300/976 carbon/epoxy and AS-4/PEEK laminates were used in this study. The impact
response of these two laminates shows a linear force-deformation relationship in the initial
penetration impact loading, which implies an elastic behavior of these two composites; the
following zigzag peaks indicate fracture initiation and arrest. The fatigue tests were performed
at various stress levels under tension-tension loadings with a fatigue frequency of 3 and stress
ratio of 0.1. The median rank method and Weibull distribution were applied to predict the
fatigue probabilities of the specimen under static and fatigue tests. The S-N curves for the
undamaged and low-energy impact damaged laminates are compared.

KEYWORDS:  low-energy impact, fatigue behavior, T300/976 carbon/epoxy, AS-4/PEEK,
Weibull distribution, S-N curve

INTRODUCTION

Although fiber reinforced composite shows many remarkable features such as lower specific
strength and modulus, better corrosion resistance, and precise tailoring, the inherent
anisotropic property of fiber reinforced composites results in much more complicated fracture
mode than that of the conventional materials. During the past two decades, carbon/epoxy
composites have been adopted in many applications, and numerous studies on the fatigue
properties of the laminates have been reported[1,5]. On the other hand, carbon fiber
reinforced thermoplastic composite such as Gr/PEEK laminate is a relatively new material;
only a few studies were performed on the topic of fatigue behavior for Gr/PEEK laminates[6-
8].  Besides fatigue behavior, impact behavior is also a very important property for
composites in engineering applications[9]. On the applications of composites in transportation
vehicles, the damages can be introduced during maintenance such as dropped tool and during
service such as debris rebound; all these damages result in reduction of performance.
However, very few articles were published to investigate the effects of the combined loading,
fatigue and impact, on the performance of the Gr/epoxy and Gr/PEEK composites. The
purposes of this work are to study the fatigue behavior of the low-energy impacted
composites and to compare the performance of the quasi-isotropic thermosetting (Gr/epoxy)
and thermoplastic (Gr/PEEK) composites.
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EXPERIMENTAL

P3051F Gr/epoxy and AS-4/PEEK prepregs were supplied by Toray in Japan and Imperial
Chemical Industry (I.C.I.) in U.K., respectively. The Gr/epoxy and Gr/PEEK laminates were
fabricated in autoclave and hot press, respectively. Specimens were cut from fabricated panels
through a water-cooled diamond table saw. The dimensions of the test coupons are 227mm x
19.1 mm x 2mm with a gage length of 127 mm. Non-tapered glass/epoxy end tabs with
dimensions of 50 mm x 19.1 mm x 1.6 mm were used.

The cross-section area of the test specimens for penetration impact was 100 mm x 100 mm.
The impact procedure was conducted using a steel impactor of cylindrical shape with a
hemispherical nose 19.0 mm in diameter and 17.01 kg in weight. The diameter of the support
ring is 76 mm.

Low-velocity impact tests were conducted using a Dynatup/GRC drop weight impact tester.
The specimens were firmly fixed between flat circular rings with a support ring 18 mm in
diameter. The impact machine is equipped with a hemispherical nose 12.7 mm in diameter
and a rebound apparatus to prevent multiple impacts. Various energies for low-energy impact
tests were employed by changing the hammer height.

THEORETICAL ANALYSIS

The two-parameter Weibull distribution function, which is shown in Eq. (1), was adopted to
analyze strength, residual strength after impact, and fatigue life.
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The median rank is employed in Eq. (2) for failure probability, R(Xi) at Xi, 1<i<m,
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where Xi denotes the test strength of fatigue life of the ith specimen.

Based upon the data of fatigue cycles to failure under various stress levels, the S-N curves
were plotted using linear regression method.

RESULTS AND DISCUSSION

Figures 1a and 1b show the relationship among force, deformation, and energy during
penetration impact loading for both Gr/epoxy and Gr/PEEK laminates, respectively. Although
the differences in energies required to penetrate these two laminates are not obvious, the
responses during impact loading of these two composites are different. A linear relation
between force and deformation for these two laminates can be observed during the initial
penetration process, which implies an elastic behavior of the composites. After the linear
region, a force relaxation which indicates the formation of a fracture surface is detected for
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Gr/epoxy laminates only. On the other hand, no obvious peak can be detected before reaching
the peak load for Gr/PEEK laminates. As compared the deformation at which the peak load is
reached of these two laminates, Gr/PEEK composites show greater deformation than
Gr/epoxy composites, which implies better damage tolerance of the Gr/PEEK laminates.
Further verification can be made by comparing the response of the composites after peak
load; a sharp drop in force is detected, which indicates the formation of a large fracture
surface in Gr/epoxy composites. However, only slightly reduction in force can be observed
for Gr/PEEK laminates, which implies less force relaxation and fracture surface formation.
The total energy to penetrate the laminate is denoted as Ei.

Figure 2 shows the strengths of the unimpacted specimens and the impact-damaged
specimens loaded under various impact energies. The strength is reduced with  increasing
impact energy for both composites. Moreover, the rate of decrease in tensile strength for
Gr/PEEK is higher than that of the Gr/epoxy laminates. After impact loading, a wider
distribution in tensile strength is also detected.

The failure probabilities of the unimpacted and the 25% Ei impacted Gr/epoxy laminates were
compared in Figure 3a; a slight difference in failure probability can be observed; and the
impact damage results in a broader distribution in strength is also detected. However, nearly
no difference in failure probability predicted by Weibull function can be observed for
Gr/PEEK laminates (Figure 3b), although some experimental data have a significant deviation
from theoretical prediction.

Figure 4a shows the S-N curves of unimpacted and impacted Gr/epoxy composites. A linear
stress-fatigue life relationship is obtained. The shift of the curve implies that low-energy
impact results in lower fatigue life, however, no significant variation in slope is observed,
which indicates both composites (unimpacted and impacted) having similar fatigue
sensitivity. Figure 4b shows the S-N curves of the unimpacted and 25%Ei impacted Gr/PEEK
composites, and it reveals that low-energy impact loading results in the reduction of fatigue
life for Gr/PEEK composites. A linear S-N curves were obtained using linear regression
analysis. In our previous study, the Gr/PEEK composite shows two-segment S-N curves[6];
the difference between these two results may be due to different testing conditions and
analytical methods. Furthermore, it is also observed that fatigue life distribution becomes less
spread at lower stress level when the Gr/PEEK composites were subjected to a low-energy
impact.

CONCLUSIONS

Penetration impact loadings were applied to Gr/epoxy and Gr/PEEK laminates; Gr/epoxy
shows a brittle fracture behavior, whereas Gr/PEEK shows a plastic fracture mode. The
tensile strength reduces with increasing impact energy for both Gr/epoxy and Gr/PEEK
laminates. A good correlation between experimental data and theoretical analysis for failure
prediction in tensile strength is achieved. The data of fatigue life to failure indicate that the
fatigue life is reduced when the specimens were subjected to a low-energy impact, and the
distribution becomes less spread for both Gr/epoxy and Gr/PEEK composites.
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Fig. 1: Relationship among deformation, force, and energy during penetration impact
loadings for (a) Gr/epoxy and (b) Gr/PEEK laminates
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Fig. 2: Residual strength of the specimens after being subjected to various impact energies
for (a) Gr/epoxy and (b) Gr/PEEEK laminates
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Fig. 3: Weibull distribution of the composites without and with subjected to 25% Ei impact
loading for (a) Gr/epoxy and (b) Gr/PEEK laminates
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Fig. 4: S-N curves of the composites without and with subjected to 25% Ei impact loading for
(a) Gr/epoxy and (b) Gr/PEEK laminates
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INITIATION OF FREE-EDGE DELAMINATION IN A
COMPOSITE LAMINATE UNDER FATIGUE

LOADING

Ran Y. Kim and Allan S. Crasto

University of Dayton Research Institute, Dayton, OH 45469, USA

SUMMARY :  This paper is concerned with the onset of free-edge delamination in composite
laminates subjected to fatigue loading.  The material system investigated was a carbon fiber-
reinforced toughened bismaleimide (IM7/5250-4). A quasi-isotropic laminate with a
[902/±30]s lay-up was employed and the onset of free-edge delamination determined under
static loading and compression-compression fatigue loading.  The interlaminar stresses in the
free-edge region were calculated using an analytical model, taking into consideration residual
curing stresses.  The stress for the onset of delamination under static compression and the
cycles for the onset of delamination under fatigue loading at various fatigue stress levels were
experimentally determined.  Delamination occurred at the 30/-30 interface for all specimens
under both static and fatigue loadings.  The critical component of the interlaminar stresses
was found to be the interlaminar shear stress τxz at the 30/-30 interface due to mechanical
loading and curing residual stresses.  This stress τxz was therefore used to predict the onset of
delamination in conjunction with the S-N relationship for in-plane shear, which was obtained
from the fatigue testing of [±45]2s specimens.  The experimental data for both static and
fatigue loadings compare well with the analytical prediction.

   KEYWORDS:  delamination onset, interlaminar shear stress, fatigue, bismaleimide.

INTRODUCTION

Free-edge delamination of composite laminates under in-plane static loading has been
extensively studied since the early 1970’s [1-5].  From the results of these studies, for
example [2, 4, 5], the nature of the interlaminar stress components is well understood and the
onset of delamination under static loading is reasonably well predicted.  However, little work
has been reported on the onset of delamination under fatigue loading.  The objective of this
study was to develop the capability to predict the onset of free-edge delamination in
composite laminates subjected to fatigue loading. The material system investigated was a
carbon fiber-reinforced toughened bismaleimide (IM7/5250-4).  A quasi-isotropic laminate
with a [902/±30]s lay-up was employed and the onset of delamination determined under
compression-compression fatigue loading.  Applied compressive loading was chosen, to
eliminate the interaction of transverse cracks which usually occurs prior to delamination
under applied tension.  A laminate was designed to produce an interlaminar normal tensile
stress under applied uniaxial compression.  When this laminate is subjected to an axial
compressive stress, delamination occurs due to interlaminar stresses in the free-edge region
prior to the formation of transverse cracks.  The interlaminar stresses at the free-edge region
were calculated using an analytical model [4], taking into consideration curing residual
stresses.  The maximum-stress failure theory was applied to predict the initiation of
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delamination.  Because of the presence of a severe stress gradient along the free edge of the
specimen, the concept of an effective stress, the average stress over a distance from the free
edge equivalent to the thickness of one ply, was utilized.  The thermomechanical properties
required for the analytical calculations were determined experimentally in a complementary
study.  The stress-free temperature was also determined from the deflection of an
unsymmetric laminate strip as a function of temperature to calculate the residual interlaminar
stresses due to curing.  The stress for the onset of delamination under static compression and
the cycles for the onset of delamination under fatigue loading at various fatigue stress levels
were experimentally  determined.  Acoustic emission was employed to detect the onset of
delamination, and the result was confirmed visually using a microscope.  Delamination
occurred at the 30/-30 interface for all specimens under both static and fatigue loadings.  The
critical component of the interlaminar stresses was found to be the interlaminar shear stress
τxz at the 30/-30 interface due to mechanical loading and curing residual stresses.  This stress,
τxz, was therefore used to predict the onset of delamination in conjunction with the S-N
relation for in-plane shear which was obtained from fatigue testing of [±45]2s specimens.  The
experimental data for both static and fatigue loadings compare well with analytical
predictions.

EXPERIMENTAL

The material system selected for this study was a graphite/bismaleimide, IM7/5250-4,
obtained in the form of unidirectional prepreg tape.  A laminate with a stacking sequence of
[902/±30]S was fabricated according to the manufacturer's recommended cure cycle and
postcured at 227°C for five hours.  The panel was cut into rectangular specimens 15 cm long
and 2 cm wide using a diamond-impregnated saw blade.  Glass/epoxy end-tabs, 5 cm long,
were bonded at each end leaving a gage section of 5 cm, and the specimen edges were
polished to enhance microscopic detection of delamination.  Unidirectional laminates were
also fabricated to determine the necessary thermoelastic properties for calculation of the
interlaminar stresses in the free-edge region and to measure  the appropriate strengths required
for the prediction of the onset of delamination.  The average fiber content was determined to
be 64 percent by volume.  The Poisson's ratio νyz was determined from the tensile loading of
a [90]16T specimen with strains measured in y- and z-directions and utilized to calculate Gyz.

A device was designed and built to provide side support to the specimen and thereby prevent
premature failure due to specimen buckling under compressive load.  This side support has a
central opening to accommodate an acoustic emission transducer to detect the onset of
delamination under static as well as fatigue loading.  An acoustic emission transducer was
mounted on the flat face of the specimen using high-temperature vacuum grease to monitor
the onset of delamination.  A brittle white coating was applied to one of the free edges for the
visual observation of the onset of delamination during loading.  At the first indication of
delamination, the specimen was unloaded and the delamination confirmed by microscopic
examination of the specimen edge.

Of all the interlaminar stress components, the interlaminar shear stress τxz, was found to be
responsible for the free-edge delamination under applied compressive loading.  Therefore, to
predict the onset of delamination under fatigue loading, an S-N curve must be generated for
interlaminar shear loading.  Fatigue strength for in-plane shear loading was assumed to be
equivalent to fatigue strength for interlaminar shear loading, and fatigue life data were
generated from the uniaxial tension-tension fatigue of the [±45]2s specimens.  Five stress
levels were chosen with a minimum of five replicates at each stress level.  All specimens were
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fatigued to final failure on an MTS test machine in the displacement-control mode.  The
fatigue tests were conducted at a frequency of 10 Hz and a stress ratio of R= 0.1.

Fatigue life data were reduced by employing a statistical procedure which allows the
generation of S-N curves with some statistical value without resorting to an extremely large
data base.  The details of this procedure can be found in [6].  The outline of this procedure is
as follows:

(a) The fatigue life data at each stress level are fitted to a two-parameter Weibull distribution

X(n) =  exp[-(n/N)a] (1)

where a is the shape parameter and N is the scale parameter (characteristic fatigue life).
These parameters are estimated using a maximum-likelihood method.

(b) All the fatigue life data for each stress level are normalized with respect to the
characteristic life estimated in step (a).  Then the common shape parameter is determined
by pooling the normalized data for all stress levels, and the characteristic life for each
stress level is re-estimated using the common shape parameter.

(c) The estimated characteristic lives are fitted to a classical power law of the S-N
relationship

S(n) =  aNb  (2)

where a and b are material constants which are determined by least-square regression
analysis.  N is the characteristic fatigue life estimated in step (b).

The fatigue cycles at the onset of delamination were determined under compression-
compression fatigue with a frequency of 5 Hz and R= 1, using a [902/±30]S specimen with the
same dimensions as those used in the static tests.  Specimens were fatigued until the onset of
delamination and unloaded to confirm the delamination under a microscope.  A total of 12
specimens were tested at six different stress levels with 1 to 3 replicates at each stress level.
The location of the interface where delamination occurred was identified for each specimen
under a microscope.

RESULTS AND DISCUSSION

The thermomechanical properties of the material system determined for calculation of
interlaminar stresses and prediction of the onset of free-edge delamination are listed in Table
1.

Interlaminar Stresses in the Free-Edge Region

Interlaminar stresses at each interface in the free-edge region were calculated using the
variational model developed by Pagano [4].  The distribution of interlaminar stresses, σz, τyz,
and τxz, at the 30/-30 interface and the midplane due to an applied compression of 1 MPa and
due to thermal loading alone (from curing residual stresses) are shown in Figures 1-4.  There
is only an interlaminar normal tensile stress present at the midplane under either mechanical
loading or thermal loading due to curing residual stresses. All three interlaminar stress
components exist at the 30/-30 interface.  Interlaminar stresses at the other ply interfaces were
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found to be insignificant compared to those at the midplane and the 30/-30 interface.  There is
a large gradient in the interlaminar stress components in the vicinity of the free edge.  At both
the midplane and the 30/-30 interface, the interlaminar normal stress is tensile due to
mechanical loading, whereas it is compressive due to residual curing stresses. This
compressive interlaminar normal stress increases the applied stress for the onset of
delamination at these interfaces.  A large interlaminar shear stress τxz exists at the 30/-30
interface and is negative for both applied mechanical loading and curing residual stresses.

Table 1:  Thermomechanical properties of IM7/5250-4 under ambient conditions

Longitudinal modulus, Ex, GPa 165
Transverse modulus, Ey=Ez, GPa 10.3

Shear modulus, Gxy=Gxz, GPa 5.8
Transverse shear modulus, Gyz, GPa 3.3

Major Poisson’s ratio, νxy= νxz 0.31
Minor Poisson’s ratio, νyz 0.56

Coefficient of thermal expansion 10-6/°C
Longitudinal, αx 0.45

Transverse, αy=αz 24.7
Stress-free temperature, °C 177

Fiber volume,Vf, % 64
Cured ply thickness, mm 0.127

Shear strength, MPa 122
Transverse strength, MPa 61.3

The subscript x refers to the fiber direction and y and z refer to directions perpendicular to the
fiber direction.
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Fig. 4:  Interlaminar stress distributions at the 30/-30 interface due to curing residual stress

Prediction of the Onset of Delamination Under Static Loading

The results of the interlaminar stress analysis were applied to the prediction of the onset of
delamination in conjunction with a failure theory [7].  The average value of each stress
component at the free edge, instead of the maximum value, was assumed to be the effective
stress level, i.e. that stress which is responsible for failure.  The effective stress is obtained by
averaging the interlaminar stress components over a fixed distance  ho from the free edge
along the width of the laminate at the interface in question and is given by        

σI(z) = 1
ho

σI(y,z)dy
0

ho

(3)

The fixed distance ho was taken as a thickness of one ply in all cases.

For prediction of the stress level at the onset of delamination and its location (interface), the
maximum stress criterion was applied.  Failure via delamination was assumed to occur when
any of the effective stresses, σI(z), at each interface first reached the corresponding strength.
By comparison of all interlaminar stresses with the corresponding strengths at the 30/-30
interface and the midplane for the laminate used in this study, the critical effective stress
component was found to be the interlaminar shear stress, τxz, at the 30/-30 interface.  Thus,
the onset of delamination was predicted when this effective stress reached the interlaminar
shear  strength.  The interlaminar shear strength of the laminate was assumed to be equal to
the in-plane shear strength of the material system.  Results from [8] demonstrate that the
difference between the interlaminar shear strength and in-plane shear strength is less than two
percent for the graphite/epoxy AS4/3501-6 composite system.

The predicted stress for the onset of delamination compares fairly well with the experimental
value as shown in Table 2.  The experimental value is an average of four specimens with a
coefficient of variation, (Cv), of 4.5 percent.
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Table 2:  Comparison of prediction and experiment for onset of delamination under static
loading

Onset stress, MPa Delaminated interface
Prediction Experiment Prediction Experiment

[902/±30]s 346 312 30/-30 30/-30

Cv,% - 4.5 - -

Delamination occurred at the 30/-30 interfaces for all specimens, as shown in Figure 5. The
exact location of the delamination with respect to the ply interface could also be identified
from these micrographs.  No transverse crack was found to occur prior to delamination.

Fig. 5:  Micrograph showing the onset of delamination for the [902/±30] s specimen

This is consistent with the analytical prediction of the stress to first-ply failure being greater
than the stress for the onset of delamination under these conditions.

Onset of Delamination Under Fatigue Loading

Since τxz is responsible for the free-edge delamination, the inplane shear S-N relationship and
the calculated τxz under a given load (including curing residual stress) were utilized to predict
the onset of delamination under fatigue loading.  Fatigue failure was assumed to occur when
the fatigue interlaminar shear stress, τxz, reached the fatigue shear strength of the material
system.  Figure 6 shows the shear S-N relationship determined under tension-tension fatigue
from the [±45]2s laminate.
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[±45] 2s laminate; open  circle: fatigue data from [±45]2s laminate; and solid circle:  fatigue
data from [902/±30] s laminate

The open circles are the fatigue data obtained from experiment, and the solid line represents
the regression line which was fitted to Eqn 2 using the data reduction scheme described
previously.  The material constants a and b in Eqn 2 determined from the regression analysis
are 135.7 and  -0.065 , respectively.  For a given interlaminar shear stress the number of
cycles for the onset of delamination  can then be predicted from Eqn 2.  The interlaminar
shear stress generated in the fatigue loading of any laminate can be calculated using the
global-local model.  The fatigue data at the onset of delamination for the [902/±30]s specimen
under compression-compression fatigue are plotted (solid circle) in Figure 6.  The shear
stresses in the ordinate are obtained from the applied fatigue stress on the [902/±30]s laminate
using the global-local model.  The experimental data appear to fit the predicted S-N relation
reasonably well with a little higher trend.  This higher trend may be partially attributed to the
difficulty in determining the exact number of cycles for the onset of delamination under cyclic
loading.  It may also be due to the inability of the acoustic emission system to capture a very
small signal from the initiation of delamination.  Further work  is needed to refine the
technique.

CONCLUSIONS

An investigation was conducted to determine the initiation of free-edge delamination in
IM7/5250-4 graphite/epoxy laminates under static and fatigue loading.  Predictions regarding
stress level and location (interface) for the onset of delamination agree very well with
experimental results under static loading.  The approach used in this work appears to be
promising for prediction of onset of delamination under fatigue loading.  In both static and
fatigue loading no transverse ply failure was observed prior to free-edge delamination for this
laminate. The absence of any damage prior to delamination might be helpful for prediction of
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the delamination. The onset of delamination in this laminate can be accurately determined
experimentally by monitoring strains in the axial and thickness directions and the use of
acoustic emission.  Further study is required to obtain confidence in this approach using a
variety of laminates and different loading conditions.
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SUMMARY:   The purpose of this study is to investigate the fatigue crack growth behavior of
a random fiber sheet molding compound (SMC-R) composite and to examine the applicability
of a new fatigue crack growth rate model to this material.  In this study, the fatigue crack
growth rate of SMC-R was measured using a compliance approach.  The new fatigue crack
growth rate model is based on a power law equation and takes into account not only the effect
of the stress intensity factor range, but also the effect of crack growth at various stages of
loading using a weight average stress intensity factor.  It was observed that this new model
can represent the fatigue crack growth rate of this  SMC-R at three different load ratios in a
single unifying curve.

KEYWORDS:   random fiber composites, sheet molding compounds, fatigue crack growth,
compliance, power law equation

INTRODUCTION

Randomly oriented short fiber reinforced sheet molding compound (SMC-R) composites are
finding increasing use in many structural applications, including automotive structures and
bridge structures.  Many of these structures experience repeated loading in service and fatigue
failure must be considered as one of the critical failure modes in their design.  Use of SMC in
these structures requires that a better understanding of the fatigue failure process and a
suitable fatigue life prediction technique be developed for  this class of composite materials.

There is a now a significant number of publications on the fatigue behavior of continuous
fiber reinforced laminated composites; however, publications on the fatigue behavior of
random fiber  composites are extremely limited.  In an earlier work [1], we proposed a new
empirical model to characterize the fatigue crack growth behavior of random fiber
composites.  In the present work, we have studied the fatigue crack growth rate of a random
fiber SMC composite at three different load ratios and extended the application of our model
to the fatigue life prediction of this material.
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PROPOSED MODEL

An understanding of fatigue behavior is important for any material that experiences repeated
loading during service.  There are basically two approaches for generating information and
knowledge of the fatigue behavior of materials: (1) the  S-N curve or the ε -N curve  approach,
and (2) the fracture mechanics approach.  The fracture mechanics approach assumes the
presence of inherent cracks or flaws in the material and attempts to predict its life using
empirical models of fatigue crack growth rate.   The most commonly used  Mode I fatigue
crack growth rate model is based on the Paris power law equation [2]

( ) 
da

dN
A K m = ∆ 

                    (1)

where, da/dN =  fatigue crack growth rate
∆K =  difference in the maximum and minimum Mode I stress intensity factors
A, m =  curve-fitted power law constants for the material

Eqn. (1) has been used extensively for metals and to some extent, with composite materials as
well.  Wang et. al. [3] employed Eqn. (1) to establish  fatigue crack growth rate in an SMC.
They found the value of A and m to be 7.58x10-8  and 9.65, respectively.  Similar attempts
have also been made to fit Eqn. (1) to fatigue crack growth rate of other random fiber
composites, such as injection molded thermoplastic composites [4].

The Paris model, given by Eqn. (1),  assumes that  the  fatigue crack  growth rate depends
only on the stress intensity factor range, _K.  For a fatigue test with zero load ratio, K = Kmax ,
and  thus, according to Eqn. (1), the fatigue crack growth rate depends only on Kmax. regardless
of the mean load imposed during cycling. Furthermore, for  any given value of stress intensity
factor range ,  the fatigue crack growth rate is independent of other values of K within this
range.  For many composites, it is observed that crack growth occurs at stress levels that are
lower than the maximum stress imposed in the fatigue cycle and, therefore,  stress intensity
factors  lower than the Kmax will also have some effect on the fatigue crack growth rate of such
composites.   In each cycle,  the crack may grow in a very slow and progressive manner as
the stress increases from the minimum to the maximum value; however,  the extent of damage
growth may not be equal at each stress level.  It is expected that the crack growth rate will be
slower at low stress levels and will be faster as the stress increases toward the maximum
value.  Based on this assumption, we have proposed a modified power law model which takes
into account this progressive crack propagation  process  by including  a weight average value
of K in addition to the stress intensity range that is already present in the Paris model.
According to this modified model, the fatigue crack growth rate can be expressed as
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In the present work, we have used the proposed model for a random fiber sheet molding
compound  composite.  However, unlike the  carbon fiber reinforced PEEK,  the fatigue
failure does not occur by the enlargement of a single visible crack. In the first few fatigue
tests performed with SMC specimens, it was observed that the fatigue crack in this material
does not follow a well defined path.  As the fatigue loading is continued, a number of small
cracks appear in the vicinity of  the original notch tip.  These cracks are oriented at different
angles with the notch plane.  With a traveling microscope focused on the specimen surfaces,
the opening and closing of these cracks can be clearly seen; however it was difficult to judge
whether these cracks are only at the surfaces or also extend deep into the thickness of the
specimen.  Eventually one of these cracks extends in length, but stops after a slight extension.
With continued cycling, multiple small cracks appear in the vicinity of the extended crack and
the whole process of stop-and-go crack growth process is repeated.  Another point to note is
that the crack extension occurs in SMC in a zigzag manner, often deviating from the plane of
the original  notch.  This created a problem in that the crack length could not be accurately
measured during the fatigue test.  This has led us to use the increase in specimen compliance
as an indirect measure of the fatigue crack growth in SMC. The compliance measurement
technique is described in the next section.
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EXPERIMENTAL PROCEDURE

The material used in this study is a sheet molding compound (SMC) composite containing 25
mm long chopped E-glass fibers randomly oriented in a thermosetting polyester resin.  The
fiber weight fraction is estimated to be 30 percent.  In addition to the randomly oriented fibers
and the matrix, the other major ingredient in the material is a calcium carbonate filler which is
randomly dispersed in the matrix.  The nominal thickness of compression molded SMC plate
was 3.6 mm.

The fatigue experiments were conducted in an MTS servohydraulic testing machine using a
18 kN load cell cartridge.   Compact tension specimens with the dimensions shown in Fig. 2
were used in all fatigue tests.  The crack opening displacement during the fatigue tests were
measured using a clip gauge, which was inserted at the notch mouth in the beginning of each
test.  Fatigue cycling was  performed in a load-controlled mode at room temperature using a
frequency of 2 Hz.  Three different load ratios, Pmin/ Pmax. , were used, namely 0.1, 0.3 and 0.5.

Fig. 2: Compact tension specimen

In order to use the compliance measurement as an indirect measure of fatigue crack growth,
we had to first establish a compliance calibration equation which relates the specimen
compliance to an equivalent crack length.  The calibration curve was obtained using 10
specimens with different initial notch lengths, varying in length from 12 to 20 mm.  Each of
these specimens was cycled once between 0.67 kN and 1.33 kN at 0.1 Hz. The specimen
compliance, defined as the ratio of crack opening displacement (COD) to load, is determined
from the loading portion of the load vs. COD diagram obtained during this test.

The specimen compliance during the fatigue test was measured at regular intervals.  Instead of
applying the full load in the first cycle, the load was increased in steps. After reaching the end
of each load step, the specimen was allowed to fatigue for a few cycles at 2 Hz. before
recording  the hysteresis loop depicting the load vs. the crack opening displacement at 0.1 Hz.
The load was then increased to the next step.  This process was continued until the full load
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was reached and the specimen was subsequently allowed to cycle between the maximum and
minimum loads for the duration of its life.  The specimen compliance was  calculated from the
digital data of load and crack opening displacement using the Excel software. A function
called ‘linest’ in the Excel software was used in to calculating the slope of the loading portion
of the hysteresis loop.

RESULTS

The compliance calibration diagram for the SMC material considered is shown in Fig. 3.
Following equation was obtained relating the compliance to the crack length :

C = 5.903 x 10-7  a 1.276 (3)

The stress intensity factor for the compact tension specimen was calculated using the
following equation [5]:

  )K = 
P

B W
f

a
W

(
(4)

where, P = applied load on the specimen, B = specimen thickness,
W = width of the specimen from the center of the loading point,
a = crack length measured from the center of the loading point, and
for a compact tension specimen,
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Fig. 4 shows the fatigue crack growth rate vs. ∆K for three different load ratios considered in
this study.   This figure shows that the fatigue crack growth rate of the SMC increases with
increasing load ratio.   If the Paris equation is used to model the fatigue crack growth rate,
there will be different constants for different load ratios. Similar observation can be made if
the fatigue crack growth rate is plotted as a function of Kaverage  (Fig. 5); however, the
distinction between the load ratios is much narrower in this figure.  Next, the effects of K and
Kaverage  are combined using different values of  α and β for the powers of these two parameters,
and as shown in Fig. 6, the fatigue crack growth data for all three load ratios fall in a very
narrow band for  α= 0.15 and β= 0.85.  This indicates that Eqn. (2) can be used to unify the
load ratio effect in the SMC.  The best fit line drawn through the data points for all three load
ratios has the equation given by

  

da

dN
= 2 . 06x 10− 20 ∆ K 0 . 15K average 

0 . 85( ) 
11. 2 

(5)

The experimental fatigue crack growth rate for each load ratio was compared with the fatigue
crack growth rate predicted by Eqn. (5).  One such comparison is shown in Fig. 7 for load
ratio R=0.1.  As can be seen in Fig. 7, there is a close agreement between the experimentally
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determined values and predicted values.  Similar agreement was also observed for the other
two load ratios.
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CONCLUSIONS

1. The compliance measurement approach was shown to be an effective method for
monitoring the fatigue crack growth in random fiber SMC composites.

2. The proposed model is capable of unifying the fatigue crack growth rate at three load
ratios considered into a single power law equation:

  

da

dN
= 2 . 06 x 10− 20 ∆ K 0 . 15K average 

0 . 85( ) 
11. 2 

3. Good agreement was found between predicted fatigue crack growth rate using the
proposed model and the experimentally measured fatigue crack growth rate in a random
fiber SMC composite.
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SUMMARY:  Fiber reinforced composites are usually notch insensitive. Damage in
composite, under static loading is usually due to serveral concurrent fracture modes as fiber
failure, matrix cracking, fiber-matrix debonding, fibre pull-out and delamination. These
mechanisms  reduce the material load carrying capability. In fatigue this situation can be even
more complicated. In brittle composite systems where all constituents have brittle behavior
with no dissipation processes other than the creation of new fracture surfaces - they exhibit a
strong connection between the first damaging fatigue cycle and the subsequent damage
evolution. In addition,  damage produced during the first cycle can be directly related to the
one produced due to monotonic loading. In the present paper a fatigue damage model for
brittle composites is presented. The effect of complex damage state was examined in terms of
stiffness loss as a function of the accumulated strain during cycling. The model, developed on
phenomenological basis, has been verified on several composite systems such as
unidirectional ceramic matrix and cross-ply polymeric composites.

KEYWORDS:  fatigue life model, brittle composite, stiffness loss, damage

INTRODUCTION

Prediction of fatigue life in brittle composites where only microcracks dominate the overall
dissipation characteristics remains an important challenge as growth laws based on fracture
mechanics for single cracks are inadequate. Due to the complex damage modes that occur  in
a composite material under static or cycling loading, it is appropriate to address the complex
damage states where several basic fracture types such as matrix cracks, fibre breaks,
delamination, and fibre-matrix disbonds and their mutual interactions are accounted for,
particularly, in developing life models. The best way to investigate fatigue effects on
composite materials is to assess the degradation of the material properties such as elastic
moduli as a function of the number of cycles [1-3]. A direct consequence of distributed
microcrack-type damage is tensorial stiffness property change in composites.

There is an important connection between the first cycle damage and subsequent damage
evolution in fatigue in laminated composites. The damage that occurs in the first cycle is no
different than  that which occurs during monotonic response. In order to clearly understand
the implication of this initial damage, it is important to develop the link between monotonic
damage and fatigue damage to develop proper fatigue life models. Monotonic response of
unidirectional CMCs have been studied extensively by a number of researchers [4-12].
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Proportional limit of unidirectional CMCs have been associated with matrix cracking and
subsequent nonlinear behavior has been identified to be due to progressive fiber failure [9,10].
Matrix cracking in CMCs has been the subject of in-depth investigation by researchers as well
[12,13].  Continuum damage mechanics models can be used to predict the stiffness loss in
these composites due to the presence of damage which are typically microcrack entities such
as matrix cracks, fiber matrix disbonds and fiber cracks [3]. Monotonic damage evolution and
subsequent modeling of the stiffness changes using continuum approaches were investigated
for the hybrid composite [14]. Cyclic damage has been characterized by a number of
researchers for glass matrix composites which confirm that a combination of damage such as
matrix cracking, fiber-matrix debonding and fiber fracture depending on the lay-up of the
composite [15]. Polymeric composites (PMCs) brittle matrices such as epoxy also can be
categorized as brittle composites because of the nature of dissipation characteristics due to
distributed matrix cracks. Other PMCs also show brittle characteristics as plastic deformation
is suppressed at the microstructural level as much of the load is carried by carbon fibers.
Microcracking in toughened epoxies and in thermoplastic matrices are also dominant
dissipation mechanisms precluding plastic deformation  that occurs readily in bulk matrices.
As far as distributed microcracking is concerned in PMCs during fatigue, they can be
categorized as brittle where energy dissipation is primarily controlled by free surface creation.

MODELING ASPECTS

Fig. 1 shows the data scatter for several fatigue tests performed with ceramic matrix
composites [16] at room temperature with the same R-ratio and frequency and  σmax . In order
to arrange experimental data in a more meaningful way, the number of cycles has been
normalized by Nf. This representation  allows one to separate the scatter relative to Nf and to
underline the main feature of the fatigue damage evolution law. In this case, it is possible to
identify a lower bound for the degradation of the moduli.

The fact that brittle composites are very sensitive, in terms of accumulated damage, to the
very first cycle is indicative of a high sensitivity to the applied strain. It has been seen that it is
more appropriate to approach composites in terms of strain instead of stress, since due to the
non-homogeneity of the micro-structure, strains have to be the same while stresses are
different in matrix and in the fiber.

If the strains applied in the first few cycles are high enough to introduce damage in the
microstructure, this will lead to stiffness loss. The subsequent cycles will see a progressive
evolution of the initiated damage state  that will develop more gradually up to the moment of
final fracture. It is very difficult to develop an accurate model, defined on micro-mechanical
basis that is able to predict the physical evolution of complex damage states. The main
features can be obtained from the fatigue tests in terms of the shape of the stiffness reduction
trend. Many authors pointed out that brittle materials such as glass or glass-ceramic materials
show practically no range of fatigue behavior that results in a crack of the order of an existing
flaw size growing instantaneously. A number of authors [15,17] suggested that fatigue cycling
does not lead to new damage modes in the composites.

If fatigue cycling does not introduce additional damage modes other than the growth of the
already existing complex damage state, it follows that the evolution features related to the
fatigue process are all contained in the shape of the distribution of the fatigue data.
Furthermore, cyclic damage measurements taken at different cycles should fall on the same
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static damage curve shown in Fig.2.  The last observation has been verified by plotting
damage measurements taken at different number of cycles versus the total strain applied
during the cycling. When a specimen is cycled in stress control, due to creation of new
surfaces, the true applied strain increases with the number of cycles as shown in Fig. 3. The
progressive material damage is illustrated in  Fig. 4. The applied strain is partially recovered
elastically in the cycle but there is a contribution that accumulates as ratchetting, due to
incomplete closure of  cracked surfaces during unloading.

The relation that describes the damage evolution via modulus reduction in the applied loading
direction, ED /E0, as a function of the number of cycles, have to be bounded between 0 and 1
for a number of cycles comprised between 1 and Nf.  The following relation :
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seem to be appropriate to describe the experimental data trend. When the number of cycle
reaches Nf, i.e. the number of cylces at fracture, the ratio ED /E0  goes to zero. E with
subscripts D and 0 represent current and initial stiffnesses, respectively. Note that D= 1-
ED/E0 .  When N=1, then the amount of damage at the first cycle is determined by the imposed
strain field in the material. In fact only if the strain level is high enough to produce damage in
the first place, then further damage will develop during cycling.

To determine the amplitude constant B, it is sufficient to observe that the first cycle, if the
strain rate is not extremely high, is similar to a static load ramp up to the imposed maximum
strain. For this reason, the amount of damage produced in the first cycle have to be related to
the static damage curve as suggested by the authors [14]:
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In addition to CMCs, the model can be applied to PMCs as the fatigue damage process in
these materials is dominated by matrix cracking which manifests as stiffness loss as a function
of fatigue cycles. As in the case of CMCs, the damage in PMCs in terms of matrix cracks
and/or fiber cracks are the energy dissipation events that are completely controlled by creation
of new surfaces only. Consequently, based on damge processes at work in fatigue, both types
of composites exhibit brittle behavior. Working with data from literature [18-19] and
analyzing them using the approach discussed earlier, the proposed fatigue damage model can
predict the trend in damage evolution as shown in Figures  5-6.
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CONCLUSIONS

Damage in CMCs as well as PMCs are strain controlled. More particularly, magnitude of
damage as manifested by stiffness loss is dependent on the strain experienced by the
composite as described by  Eqn. 3. The fatigue life model presented requires the evaluation of
a number of parameters such as ε th  , ε cr   and m  which can be obtained through a static test.
Only two parameters, exponent β  and the number of cycle at fracture Nf, have to be

determined using fatigue data. Anyway, only few tests performed at two or three different
stress levels will be sufficient to identify the parameters in a proper way.  The nature of
damage evolution  as dictated by stiffness loss during fatigue can be cast in a functional form
that captures the essence of strain  controlled damage. Fatigue life for a given reduction in
stiffness can be estimated from the functional form if nominal final life is known from limited
experimental data. This approach seems to work well for both CMCs and PMCs. Hence, this
basic life prediction model for fatigue that captures the essence of the trend in fatigue data in
brittle composites shows significant promise.
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FATIGUE DAMAGE IN NICALON SIC( F)/AL
COMPOSITE WIRES

Yue Zhuo, Hong Wan, Jin Pan and Deming Yang
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Changsha, Hunan, 410073, China .

SUMMARY:   To understand the fatigue damage mechanism in Nicalon SiC(f)/Al composite,
the wires of SiC(f)/Al were fabricated by ultrasonic liquid infiltration method. Tensile --
tensile fatigue test on the composite wires was carried out at stress ratio R=0.1 at room
temperature and at 573 K . Tests show that the dominant damage model in the wire is
progressive fiber fracture and the progressive fiber fracture is due to the deorientation of fiber
to the stress axis. Test at 573 K shows no evident differences in the fatigue property between
room temperature and 573 K . The wires after exposure at 873 K for 30 minutes, through the
interface bonding force has been increased by interface raction, are of lower fatigue property
than those unexposured.

KEY WORDS:   metal-matrix composite, silicon carbide fiber, fatigue damage

 INTRODUCTION

Despite its evident importance in numerous engineering application, few published
investigation exist on the fatigue properties and damage of SiC multifilaments reinforced
Aluminum composite. The specimens used in this paper are composite wires with the fibers
uniaxially oriented in the loading direction. Its fatigue failure mode is different from the
fatigue crack growth mode in short fibers reinforced aluminum composite[1]. The fatigue
failure mode in continuous fiber reinforced metal matrix composites (MMC) is controlled by
the following three constituents of the system: fiber, matrix, and fiber/matrix interface.
W.S.Jonson basing on the relative strain to fatigue failure grouped possible failure modes of
MMC into three categories[2]--- matrix dominated, fiber dominated and self-similar damage
growth. The purpose of this paper is to find the failure mode and damage process in this
composite wires. The experiment results also provide a method to improve the fatigue
properties of SiC fiber/Al composite.

 EXPERIMENTAL MATERIALS & METHODS

The composite wire used here is reinforced by a bind of 500 Nicalon SiC fibers produced by
NIPPON Carbon Co. Ltd. The matrix is industrial pure Al 1100 infiltrated by ultrasonic liquid
infiltration method. Total wire length of a batch is 200 to 500 meters and the fibers are
oriented in the length direction. Specimen cut from the same batch of wire are 50 mm and
have the same mechanical properties. The main properties of the fiber and composite wire are

listed in table 1. Tension-tension fatigue tests were conducted in load control on a 1 x 103N
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EHF FB01-4LA material test machine with a stress ratio R=0.1. A sinusoidal waveform with
a frequency of 20 Hz was used. The fatigue fractograph is observed by a S-360 scanning
electron microscope.

Table 1: The main properties of the fiber and composite wire

materials diameter density (g/cm3) UTS   (MPa) E   (GPa) Vf    %
SiCf 10-15 µm 2.55 2500-3000 180-200 -
wire 0.52 mm 2.60 1100-1200 110-120 40-45

Load/elongation curve was detected by a punctuation extensometer and recorded by means of
an X-Y recorder. If the specimens fractured near the grips its date would not be count in.
Specimens tested at 573 K were heated by a tube stove and the gips were not in the stove.

Fig. 1: S-N curve of NICALON SiCf /Al composite wire
                  ---- at room temperature

•---- at 573 K

 RESULTS AND DISCUSSION

Figure 1 is the S--N curve of the composite wires. From the curve it can be known that the
fatigue stress to failure is decreased quickly with the increase of cycle numbers. When the
cycle index is 106 its fatigue strength is 440 MPa, less than one half of its static tensile
strength. For fibers in the wire is ceramic material and its fatigue stress to failure generally
has no relationship with the numbers of stress cycle. The fatigue strength of the Al matrix is
more than 90% of its static tension stress while the fatigue cycle number is 106 [3]. Why does
the fatigue stress of the composite wire decrease so rapidly?

To find the reason, a fatigue test at 573 K was taken on the wires. At this temperature the
mechanical properties of fiber can not be influenced, but the properties of Al matrix can be
changed. Test result is shown in fig. 1. The composite wire at 573 K is of the same fatigue
property with its room temperature. Treated the wire at 873 K for 30 min. than test its fatigue
property at Smax=700 MPa at room temperature. The cycle index to failue is 5 x 102—5 x 103

and much lower than that of untreated specimen. Nicalon SiC fibers can react with Al at 873--
913 K and form Al2O3 and Al4C3. This interface reaction can increase the bonding force
between fibers and matrix and can decrease the mechanical properties of the fibers in the
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specimens. So the fatigue damage in this composite wire must be mainly dominated by the
fibers.

    

 N

¦
Ò

Fig. 2: The relation of static tensile strength with fatigue cycle number
 x---- Smax=700 MPa            o ---- Smax= 450 MPa

Fig. 3:  The photomicrograph of the composite wire   x 100

Fig 4:  The SEM fatigue fractograph of the composite wire

To find the fatigue damage process in the wire, a specimen after 106 cycles on Smax=450 MPa
and a specimen fractured by static tensile test have been extracted by NaOH solution. The two
specimens are of the same length (50 mm) before extracted. The fiber in the fatigue specimen
become short about 5 mm, but the fiber in static test specimen is about 50 mm same with the
length of fibers in untested specimen. To confirm this fiber frcture process during fatigue test,
several specimens stressed on Smax=700MPa and Smax=450MPa were tested to different cycle
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numbers and then tested their static tensile strength. The relation between cycle numbers and
static tensile strength are shown in Fig. 2. The tensile strength is decline with the increase of
fatigue cycle index. So the fibers fracture must be progressive as the fatigue test going. This
fiber length after fatigue test at certain conditions can also give us some information about the
bonding force between fiber and matrix.

What made the fibers in fatigue specimen fractured one by one? For the composite wire was
fabricated by ultrasonic liquid infiltration method and exists the deorientation in the length
direction, as shown in photomicrograph (Fig. 3). The deorientation resulted in the stress
difference among the fibers during fatigue test. The Al matrix displayed a good special fatigue
ductility and cooperated with the rotation of fibers while one  fiber of hard orientation
fractured after another. A SEM fatigue fractograph as Fig. 4 shows that the Al matrix in a
specimen after 106  cycles is still appeared as a ductility fractograph characteristic. Electric
conductivity of the fatigue specimen before and after fatigue test is unchanged too. The
specimen elongation during the fatigue process was detected and the result is shown on Fig. 5.
This specimen elongation may be caused by improving its fiber deorientation and that is the
reason of the fiber fractured one by one.

εx10-4

Fig. 5:  The specimen elongation during the fatigue test

CONCLUSION

1. The progressive fiber fracture is the dominant damage model in this composite wire.
2. The deorientation of the fibers to the stress axis resulted in the fibers fracture one by
    one and this fatigue process is with the cooperation of  matrix fatigue ductility.
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IMPROVED INTERLAMINAR FRACTURE
TOUGHNESS FOR VINYL ESTER RESIN - FIBRE

GLASS COMPOSITES

Peter J. Burchill and Gary J. Simpson

Ship Structures and Materials Division,
Aeronautical and Maritime Research Laboratory, DSTO,

PO Box 4331, Melbourne, Victoria 3001, Australia.

SUMMARY:   Toughening the matrix using modified acrylonitrile - butadiene copolymers
improves the delamination resistance of vinyl ester resin - glass woven roving composites.
Analysis of the largest (or smallest) measurements of toughness by extreme value theory
shows that the improvement to the matrix resin is fully to transferred to the composite.  The
glass content of the composite does not appear to determine the delamination resistance for
contents of 38 - 70 vol%.  For the composites used in this study the contribution to
interlaminar fracture toughness by the reinforcement ranges from 0 to 1400 Jm-2.

KEYWORDS:  delamination resistance, extreme value theory, vinyl ester resins, acrylonitrile
/ butadiene copolymers, woven glass roving reinforcement

INTRODUCTION

Fracture  in cloth - resin composites occurs most easily parallel to the reinforcement between
the layers of cloth resulting in delamination of the composite and a large reduction in
compressive strength.  Generally tensile loading produces this delamination, and the cracks
grow at the fibre-matrix interface or through failure of the matrix resin, or a combination of
both.  Improvement of the fracture toughness of composite structures will require the
suppression of this crack growth.  Most studies of fracture in composites have looked at
unidirectional fibre - epoxy resin based materials [1], but vinyl ester resin composites are just
as prone to delamination which is governed by the brittle nature of the matrix and the fibre -
matrix bond.  From previous studies, two energy absorbing mechanisms can be identified
contributing to the delamination resistance;  energy is absorbed by deformation of the resin or
by the effects of fibres bridging the crack [2-6].  Bridging fibres absorb energy through their
being pull out of the matrix and through fracture.  Another mechanism by which the fracture
energy may be increased is by crack deflection which may arise due to imperfections in the
composite or through local changes in fibre orientation, that will be experienced with cloth -
based composites.

Vinyl ester resins (VE) are  typically a mixture of methacrylate esters produced from epoxy
resins diluted with other monomers such as styrene and are generally cured at room
temperature to give materials with a much higher resistance than polyester resins to moisture
and corrosive chemicals.  A commonplace VE resin is made from the diglycidylether of
bisphenol A and is the work horse of the vinyl ester resin market.  A feature which gives these
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resins a strong advantage over epoxy resins apart from price is that they can be formulated to
provide almost any desired pot-life.  Studies of the properties of bulk castings show them to
be brittle, however recent work on toughening has shown that large improvements in
toughness can be gained by the addition of suitable reactive liquid polymers (RLP) which
yield a separated elastomeric phase upon cure [7,8].  This study will examine how well the
improvement in resin bulk properties transfer to VE resin / glass fibre composites.

The hand lay-up and vacuum bagging method of composite fabrication was suspected of not
being very reproducible in terms of glass to resin ratio, in addition, toughened resins have a
higher viscosity which will affect resin wet-out and flow in the preparation of the composite.
Hence, no attempt was made to control the glass content, but rather allow deliberate variation
in the process to give a glass to resin ratio which was as wide as practicable between
composites.  In this way, a more confident comparison was expected of the influence different
resins have on composite toughness.  This approach was hoped would also provide data on
the fibre bridging and weave effects of the reinforcement which were suspected of being
influenced by resin content.

EXPERIMENTAL

Materials

Two vinyl ester resins used were: Derakane ® 411 (Der 411) a standard bisphenol A epoxy
based vinyl ester resin, and Derakane® 8084 (Der 8084) a toughened version of Der 411
internally modified with a reactive acrylonitrile - butadiene copolymer during manufacture.
The additives were: a vinyl terminated acrylonitrile - butadiene copolymer (BF Goodrich
VTBN X33) and a BF Goodrich carboxy terminated acrylonitrile - butadiene copolymer pre-
reacted with an aliphatic oligomeric epoxide (S22) [9].  The reinforcement was a woven
roving - AR106, Colan Products Pty. Ltd., nominal areal density 630 g/m2 - with a vinyl ester
resin compatible finish.  The structure of the cloth was warp 29.5 yarns per 10cm, 1200 tex.,
and weft 15.8 yarns per 10cm, 1800 tex.  All other materials were commercial chemicals used
as received.

Resin Cure and Composite Fabrication

The resins and their blends with the additives were cured at room temperature using the
catalyst system cobalt octoate (0.3 pph, of a 41% wt/vol solution in white spirit) and
methylethylketone peroxide (1.5 pph, of a 40% dimethyl phthalate solution), and the gel time
was adjusted with dimethylaniline (accelerator) and 2,4-pentanedione (retarder).   Curing of
all resin systems was completed overnight at room temperature then for 90 minutes at 90oC.
The test methods used for evaluating bulk properties were, Heat Distortion Temperature
(ASTM D648), T-Peel (ASTM D1876) and fracture toughness from double torsion geometry
[10].

Various techniques were used to alter the glass : resin ratio in the hand lay-up/vacuum
bagging method, involving timed application of vacuum,  and pot formulations to change gel
times.  The composite panels were assembled with 16 plies of cloth (300mm x 500mm) cut
with the warp direction measuring 300mm.  A thin Teflon® film was placed as a de-bond zone
between the 8th and 9th plies to give an initial crack of about 50mm in the test specimens.
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Fracture Resistance

Double Cantilever Beam (DCB) specimens (25 x 190mm) with the long axis parallel to the
warp direction were cut from the composite panels with the de-bond layer at one end.  To load
the specimen, tabs were attached to the de-bond end; and one side of the specimen was
painted with whitener to aid observation of the crack and marking its length.  The specimen
was carefully put under a tensile load to open the de-bonded zone and pre-cracked to about 52
mm from the beginning.  The specimen was then unloaded to its original position, and the
Instron Testing Machine (Model 4502) set at a crosshead speed of 2 mm/min.  When a pre-
determined crosshead displacement was reached, the specimen was unloaded by about 5% of
the displacement before marking the crack length.  The first measurement was generally
between 60 to 75 mm from the open end of the beam.  The corresponding load and
displacement before the unloading were recorded automatically by the computer.  Further
measurements were taken until 12 measurements (excluding the initial crack length) were
recorded.  After the test, the specimen was unloaded and crack lengths were measured using a
travelling microscope with all measurements taken from the tab-end.

Load (P), displacement (d) and crack length (a) data were analysed by two methods, one due
to Hashemi, Kinloch and Williams [11] and another due to Rosensaft [12].  Both methods of
data reduction gave essentially the same values for fracture toughness and the values reported
here are from analysis using equations given by Hashemi et al.

Compliance (C = P/d) is related to specimen dimensions and material properties by:

( )
C N

a h

Bh E
=

+
8

3

3
11

.
χ

(1)

N is a correction factor which accounts for the stiffening effects of the attachments required to
load the specimen and corrections due to large displacements and attachment tilting, other
symbols are: thickness 2h, width B, modulus E11.  The term χh, adjusts the measured crack
length for compliance of the un-cracked part of the specimen [11,13,14].

Strain energy release rate (GI) is calculated from:

( ) ( )G F N P B a hI = +.3 2δ χ (2)

F is a factor which corrects for the shortening of the crack length due to large displacements.
Equations for F and N can be found in references [11,14].
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RESULTS AND DISCUSSION

Matrix Resins

The ability of the rubber additives to improve adhesion and crack resistance of the vinyl ester
resin Der 8084 is detailed in Table 1.  A marked improvement in peel strength is achieved by
the addition of either rubber, and similar improvements are seen in the fracture energy of the
castings.  The lowering of HDT due to the rubber should also be noted, and is an unfortunate
consequence of rubber toughening of any type of resin

Table 1: Properties of the resin systems

Resin Additive
Fracture
Energy
kJ/m2

Peel Strength
N/mm

HDT
0C

411 NONE 0.13 0.5 101
8084 NONE 0.4 0.9 80
8084 6.86% X33 1.40 2.31 73
8084 6.86% S22 2.40 3.01 70

Composite Properties

A minimum of five specimens was tested from each composite panel, and from each
specimen generally twelve measurements of toughness were obtained as the crack propagated
between the plies.  Load deflection curves for these composites showed that. crack growth
generally progressed by stick / slip with some continuous slow crack growth regions which
were greater in extent with toughened matrix resins.

Fig. 1:  Toughness measurements on Der 8084 + X33 composite specimens
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Despite the uniformity with which a particular composite was made, it was apparent early in
the project that the specimens were not the same, and there was a wide variation in calculated
toughness values in one specimen associated with crack initiation and arrest.  Fig. 1 gives the
toughness values from the five specimens of a Der 8084 + X33 composite.  The values for
each specimen have been placed in serial order and is not the order in which they were
determined, toughness measurements did not depend on position along the specimen.

An analysis of variance showed that the specimens were not identical, and a similar result was
found for all the composite panels.  Nevertheless, if the compliance measurements for each
specimen are normalised for variation in thickness and width, and plotted as the cube root
against crack length, all the values fall on a common line as seen in figure 2, and as expected
if equation 1 was obeyed.  The slope of this line is (8/E11)

1/3.

Fig. 2:  Compliance data for all specimens tested from a Der 8084 + S22 composite

This agreement in modulus for the specimens from one panel indicates that the variation in
toughness is not due to poor fabrication of the panel.  The average toughness determined from
a composite specimen was always greater than the toughness of the neat resin.

Figure 3 gives a plot for each resin type of the observed average specimen toughness against
specimen thickness.  Thickness is a function of the glass content which for these composites
varied between 38 and 70 volume %, and each line is constructed from measurements on at
least four composite panels.
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Fig. 3:  Variation of toughness with specimen thickness

These results show that there is an increase in toughness of a composite with increase in resin
toughness, however, the scatter makes the difference difficult to quantify.  The slopes of these
lines suggests that there is little or no dependence on glass content.  Thus the variation in
interlaminar toughness of these composites seems to be determined wholly by the conditions
along the plane which the crack is forced to follow.  These conditions appear not to be
determined by a global glass to resin ratio.  Previous work ascribes the toughness of a
composite as being determined by the toughness of the resin and by fibre bridging effects [2-
6].  Improvements to resin toughness have been said not to be fully transferred to a composite,
and that there was a limit above which the benefits of further toughening of the matrix were
marginal [3,4].

Extreme Value Analysis

An alternate analysis of the results has been carried out applying extreme value theory
[15,16].  Firstly, because of the very weak dependence on glass content the results from all the
composites made from a particular resin were pooled, and the values from each specimen
ordered from smallest to largest.  Thus from the four composites made with Derakane 411,
twenty smallest (or largest) values of toughness were obtained which were again ranked in
increasing order.  These values have been presented as a Gumbel plot in figure 4, in which the
ordinate scale is a function of the cumulative probability (F(x)) defined as  i/(n+1) where i is
the rank of a particular value, and n is the total number of values.

This figure represents the cumulative probability of observing a toughness less than or equal
to a given value, and the linearity of the plot indicates a reasonable fit to the Gumbel
distribution - a Type 1 asymptotic distribution of smallest or largest extremes.  Data from Der
8084 composites are also displayed, and the differences between these two curves probably
reflects different interactions of the resin with the reinforcement
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Fig 4: Probability plot of maximum toughness recorded for each specimen

Fig. 5 shows the Gumbel plot for the maximum specimen toughness values for Derakane
8084 blended with S22, and compared with the values obtained from composites with the
untoughened resin.  Here the advantages of toughening the resin is clearly seen, the offset
between the curves is similar to the change in toughness of the neat resin when blended with
the additive.  Likewise, a plot for Der 8084 + X33 composites gave the improvement to the
toughness as an offset of about 1.1kJm-2.  These plots also indicate that the probability of
having a toughness less than a specified value is much reduced for composites made with the
modified resin.

Fig. 5:  Probability plot of effect of resin toughening on composite delamination
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Because the crack growth behaviour in these composites was seen to be a stick - slip process,
then the maximum values observed for each specimen are most likely to be for crack growth
initiation.  The wide range of these values would then seem to be associated with the varying
effects of crack pinning by the glass filaments and from crack deflection as a result of
following the undulating surface of the cloth.  The smallest of these maximum values could
be as a result of initiation from resin rich areas within the composite.  Comparison with the
largest values then gives a measure of the contribution due to glass fibres and the structure of
the cloth.

Table 2 lists these smallest and largest values for the four resin systems , and from the above
assumptions the difference gives how much this particular glass cloth might contribute to
toughness in a composite.  This contribution is thus about 0 to 1.4kJ m-2 in addition to the
toughness of the resin for Der 8084 based composites.  Except for the Der 8084 + S22 matrix,
the smallest values are much larger than the toughness of the unreinforced resins especially in
the case of Der 411, and shows that these values also have a contribution from the
reinforcement.

Table 2: Smallest and largest values of the observed maximum toughness

Composite Matrix Smallest Maximum
(kJ m-2)

Largest Maximum
(kJ m-2)

Contribution by
Glass Cloth

(kJ m-2)
Der 411 0.76 1.60 0.84
Der 8084 0.69 2.05 1.36

Der 8084 + X33 1.70 3.19 1.49
Der 8084 + S22 2.47 3.80 1.33

CONCLUSIONS

The delamination resistance of vinyl ester resin - glass woven roving composites can be
greatly improved through toughening the resin.  Scatter in the results and the use of average
values hides the true advantage of using a toughened resin in a composite to improve
interlaminar fracture resistance.  However by applying extreme theory to the largest (or
smallest ) toughness values recorded from each test specimen, the benefits of increased resin
toughness becomes much more apparent.  For the resin systems used, the improvement to the
resin is clearly transferred to the composite.  The reinforcement also contributes a variable
amount to the delamination resistance which appears to be between 0 and 1400 Jm-2.  Global
variation in glass content does not appear to be a factor in determining this reinforcement
contribution.
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EVALUATION  OF  MULTIAXIAL  TEST  DATA  OF
UD-LAMINAE  BY  SO-CALLED  "FRACTURE-TYPE

STRENGTH  CRITERIA"  AND  BY  SUPPORTING
PROBABILISTIC  MEANS

Ralf G. Cuntze

Division of Spacecraft, MAN Technologie AG, Liebigstr. 5a, 85757 Karlsfeld/Munich.

SUMMARY:  Overall objective of this elaboration is to calibrate fracture criteria resp. to
define size and shape of the fracture body as cheaply as possible by executing the
characteristic tests only. Based on knowledge, achieved by investigating v. Mises, Mohr
- Coulomb and the new physically based Hashin - Puck Strength Criteria for inter fibre
fracture (IFF) of brittle unidirectional laminae, a new and general concept for the derivation of
fracture criteria will be proposed and applied to fibre reinforced plastics (FRP).

The fracture body derived here is basically piecewise smooth, each piece representing a single
failure mode. As interpolation functions the invariants associated to the material's symmetries
are utilised. Physical basis is the reference to the 2 fracture-types in a material: normal
fracture (NF) and shear fracture (SF). For the subsets of failure modes "fibre fracture (FF)"
and "IFF" two conditions for FF and three for IFF are derived. These five conditions describe
the five failure modes or mechanisms occurring, and five failure modes are the maximum
number a transversally-isotropic material, modelled a crystal, can possess.

In the transition zone of two failure modes or domains of mixed fracture, respectively, a
probabilistic modelling has to be applied. This finally leads again to a smooth surface of the
complete fracture body.

As the most remarkable results of the elaboration have to be pointed out: Consider
micromechanics resp. real material stresses in the constituents fibre and matrix (incl.
interface) which only can fail, however, formulate and visualise in lamina stresses at
composite resp. macromechanical level and think in Mohr's fracture stresses. 

The application of the criteria to test results is very promising. Erroneous results, possible if
applying the traditional global (stress) interaction criteria, should not be achieved.

KEYWORDS:  fibre reinforced composites, strength criteria, test data evaluation

INTRODUCTION

"Hot spots" of load carrying isotropic structures have to be designed versus various (Fig. 1)
strength failure modes including onset of yielding and fracture resp. onset of cracking.

In case of laminates built from brittle UD-laminae the stress man has to dimension each
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lamina (ply-by-ply) versus IFF and fibre-fracture (FF). Whereas IFF indicates the onset of
fibre-parallel cracking in one lamina of the laminate FF will indicate the onset of fibre
cracking. First FF of a lamina usually marks the final fracture of the laminate. A reliable
prediction of IFF under 3D-states of stress is mandatory for the calculation of progressive
failure.

As well in the stress analysis as in the failure criterion of the strength analysis there are
scattering design parameters. The uncertainty of these parameters (loads, strengths,
geometrical quantities, young's module, ...) is of physical nature or of statistical nature
(shortage of information due to a too small sample size of a certain design parameter
measured). Besides this there is always some uncertainty in the calculation model.

This scatter is usually considered in the design by the use of fixed, deterministic factors of
safety, better called design factors of safety (DFOS), which are based on experience with
structural tests. In aerospace industry structures are dimensioned by using DFOS j which
increase the so-called design limit load (DLL) to the design ultimate load (DUL) according to
jult ⋅ DLL. This procedure includes the idea of proportional loading and that the reserve factor
fRes is related to the external load only. Above "load factors" are discriminating the onset of
yield (e.g. jpo,2 = 1.1) for isotropic material and ultimate fracture (e.g. jult = 1.5).

The design allowables to be used as strength values are statistics-based minimum values
[Cun96/2]. This might be a so-called Mil-Hdbk 17 "B-value" with 90 % reliability and 95 %
confidence probability, the latter number regards the confidence in the transfer of the finite
number of sample test data to the parent distribution with its infinite number of data.

Proofs of Design or design verifications done by analysing and/or testing a structure have to
be given for failure modes such as stability, deformation, vibration and strength. Target of the
designer is to achieve a margin of safety MS ≥ 0 for each single failure mode and - in this
paper - for fracture modes as a subset of them. In order to achieve a reliable margin of safety
(MS = fRes -1) in the Strength Proof of Design the engineer should accurately know the
normally non-linear 3D-state of stress in the critical material element and its separation into
load-induced and residual stresses!

Fracture criteria as a subset of strength criteria should enable the engineer to perform the
Strength Proof of Design for any 3-dimensional state of stress resp. combination of stresses
with a minimum amount of test data.

Verified fracture criteria as a subset of strength criteria (Fig. 1) enable to do this. They can be
calibrated after execution of the basic strength tests, only.

The traditional criteria such as Tsai/Wu have some shortcomings which forces research to
correct or replace them [VDI97]. However, in the last four years heavy progress has been
made in Germany with the derivation of more physically-based fracture criteria for brittle
unidirectional isolated laminae. On the basis of [Has80] A. Puck developed the "Hashin-Puck
(Action-Plane) Strength Criteria" for IFF [Puc92] assuming 2 modes. Additionally, tests were
performed under a German grant to verify the criteria [VDI97].

Parallel, the author tried to generate strength criteria, each of which should be related to one
single failure mechanism resp. fracture mode (not type) and formulated by invariants, thus
taking the material's symmetries into account. Basis are the types of fracture in a material
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which are normal stress induced fracture (NF) and shear stress induced fracture (SF). This
fracture-type concept proposed may be applied to any brittle or ductile behaving material
[Cun96/2].

Fig. 1: Strength Failure Modes (modi) of Composites. (NF = normal fracture, SF = shear

fracture. F||σ, ...,F⊥cr are the UD-lamina's failure functions representing fracture modes)

In this paper brittle UD-laminae are described, only. The fracture criteria derived are stress
criteria and have as foundations: The material is homogeneous (smeared or averaged material)
and can be modelled an ideal crystal with its symmetries and mutual independent basic
strengths from a meso/macromechanical point of view. However, for the in reality
heterogeneous composite (is a structure not a material) the micromechanical behaviour of the
constituents (real materials) fibre, matrix and interphase will be considered too.

FRACTURE  MECHANISMS  IN  UD-LAMINAE

Fracture is understood in this arcticle as a separation of material, which is free of damage such
as cracks but not free of defects and flaws prior to loading. In this context crushing of a
porous material has to be seen a separate fracture mechanism resp. (fracture) failure mode
and type.

Idealising a material a crystal one can draw from Table 1 the information: The number of
symmetries determines the number of strengths. The higher the structural level of the material
the more basic strengths have to be measured.

Due to the fact 5 strengths being usually measured in case of a transversally-isotropic lamina
the application of the crystal model is still general practice.

Fig. 2 shall give answer to the question: How many types of fracture are recognised in case of
isotropic and transversally-isotropic ideal materials? These are just two: the shear stress
induced fracture SF (Mohr's stress τn is acting at the "plane" of fracture) and normal stress σn
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induced fracture NF - as we know - for isotropic materials, but also two for the UD-material.
However, the letter case comprises several SF and NF which belong to FF and IFF.

Table 1 : Number of Strengths and Fracture Types for Various Ideal Materials (t = tension, c
= com-pression; ||, ⊥ = parallel, transversal to the fibre; W = warp, F = fill. Superscript c =

critical)

material has no structure increasing structural level →
0 1 2

allocation to
crystal type

isotropic transversally
isotropic

rombically
anisotropic

symmetries 2 5 9
material example resin matrix,

mono. ceramics
UD-lamina,
mat

fabrics

elasticity
quantities

E, ν

 (2)

E||, E⊥, G||⊥
ν⊥||, ν⊥⊥

(5)

EW, EF, GWF, νFW, E3,

ν3W, ν3F, GF3, GW3

strength quantities
(resistances)

Rt, Rc   or
(Rσ  , Rτ)  (2)

R||t, R||c, R⊥t,

R⊥c, R⊥||
(5)

RWt, RWc, RFt, RFc, R3t,

R3W, RFW, R3F, R3c (9)

invariants I1, I2, or J2 ... I1, ..., I5, ... I1, ..., I7, ...

fracture
toughnesses

K KIc
t

IIc
c,      (2) K K K

K K
c
t

c
c

c
t

c
c

c

|| ||

||

, ,

, ( )
⊥

⊥ ⊥ 5

Also the physical fracture "planes" are pointed out in the figure.

A comparison of Fig. 2 with Table 1 leads to an essential conclusion: One strength governs
one distinct fracture type.

The characterisation of the strength of transversally-isotropic composites requires the
measurement of five independent basic strengths: R||

t, R||
c (fibre parallel tensile and

compressive strength) as well R⊥t, R⊥
c (tensile, compressive strength perpendicular to the

fibre direction) and R⊥|| (fibre parallel shear strength). R||
t is determined by the strength of the

constituent fibre, R||c is generally governed by shear stability. This includes different
microfailure mechanisms: The matrix may shear under loading and does not stabilise the
generally somewhat misaligned fibres embedded. Hence it comes to bending and "kinking"
(structure behaviour). But, the load "grasping" fibre as the well-stabilised, stiffer constituent
may shear (this is material behaviour) under σ||

c and τ⊥||, too. R⊥t is determined as well by the

relatively low strength properties of the matrix (cohesive failure) and the interphase material
in the interface fibre-matrix (adhesive failure caused by a weak fibre-matrix bond), as by the
fibres acting as embedded stress risers.
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Fig. 2: Fracture Types (≡ modes) in case of Brittle and Ductile behaving Isotropic Material

and Fracture Modes in case of Transversally-isotropic Material (σn
A (θ = θfp) = σn).

Well known from literature is the shift of the fracture limit of IFF strain resp. stress to higher
values the absolutely thinner the lamina is and the stiffer in comparison the embedding
laminae and the laminate are. Whereas the free isolated lamina (UD-specimen) if transversally
tensile loaded is underlying a weakest-link failure (resulting in a Weibull distribution for R⊥t)
the embedded lamina will be strain controlled by its neighbours. Inherent defects or
microcracks as often reported can grow together to form mesocracks only in case they have a
chance to open. However, these microcracks are arrested fracture-mechanically by the
embedding laminae.

In order to consider the constraint effect on a "thin" embedded lamina following [Fla 82] and
some own investigations the author recommends e.g. for CFRP (tthr ≈ 0,35 mm) as correction

formula for the design allowable R⊥t due to 

R⊥t (t⊥ < tthr) = R⊥t t tthr / ⊥ .  (2.1)

GENERAL  FORMULATIONS  OF  STRENGTH  CRITERIA  AND  CONDITIONS

Strength criteria F =
<

>
 1    are generally formulated as (isotropic case shown for simplicity)

F ({σ}; {R})  = F( σx, σy, σz, τzy, τzx, τyx; Rt, Rc) =
<

>
 1   ... criterion.                   (3.1)

In the failure (here fracture) function F the vector {σ} contains the six stresses in the co-
ordinate system of the structure - as above - or the six lamina stresses. The vector {R}
contains all basic strengths to be applied such as Rt, Rc in isotropic case.
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Failure surfaces are determined by the strength condition    F = 1
F (fRes {σ}; {R} = 1                                                                ... condition           (3.2)

To achieve this, the stresses in equation 3.1 have to be multiplied by the reserve factor fRes,

which is usually dropped for reasons of a simpler writing. 

Composites with a polymeric matrix exhibit brittle behaviour from a macroscopic point of
view. Thus a formulation of strength criteria can be based on the fracture hypotheses of Mohr
and Coulomb, adapted to UD-laminae. This was suggested by Hashin [Has80]. Hence, using
Mohrs fracture stresses, which act together at the same plane, the isotropic equations read:

Fσ  =  F({σMohr}, Rσ) = 1  ... NF (3.3a)

 =  σn/Rσ = 1  (normal stress hypothesis)

Fτ  =  F({σMohr}, Rτ)  = 1...  ... SF (3.3b)

 =  τn/(Rτ - µσn) = 1  e.g.(shear stress hypothesis, Mohr-Coulomb)
With Rσ: = separating strength (resistance) Rτ: = cohesion (resist.), µ: = Coulomb friction.

This outlines: one condition is to be used for each fracture mechanism which is dominated by
one fracture resistance Rσ or Rτ (s. also [Cun96/2] for isotropic materials. A resistance (of
the fracture plane) corresponds with the basic strength associated if the action plane of a
distinct stress comes to be the potential (load must be high enough, too) fracture plane: e.g. in
brittle case    max σ = Rσ = Rt (isotropic) or  R⊥t (transversally-isotropic). In case of brittle
behaviour only Rσ can be measured and vice versa Rτ in case of ductile behaviour. Therefore,

Rτ principally remains undeterminable until the fracture angle θfp is determined. This is also

valid for the fracture plane stresses { σMohr}.
The "curve fitting" of the course of test data can be performed much easier by not taking
Mohr's stresses and the 2 resistances Rσ, Rτ but {σ} and the 2 basic strengths. However,

equation (3.1) will now be used in Mohrs sense meaning one basic strength governs one
fracture mechanism NF or SF

Fσ  =  F ({σ}, RNF)  =  F({σ}, Rt)  =  1   and   Fτ  =  F ({σ}, RSF)   =   1. (3.4)
Both, the physical basis and the numeral handling are improved by using invariants as
interpolation functions, a well known and classical approach.

DERIVATION  OF  "FRACTURE-TYPE  STRENGTH  CRITERIA"

Description of 3D-States of Stress

Three-dimensional states of stress in a lamina may be described by lamina stresses {σ}. A
further possibility is given by using Mohr's fracture stresses mentioned above. They are
acting in the potentially physical fracture "plane" (Fig. 3) and are decisive for fracture. In case
of
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The prediction of failure - made by whichever condition - is satisfied first. Terms in table 3
enveloped by dots are local correction terms to approximate (fit) the mixed fracture domains.
They are not global interaction terms as e.g. in the global fracture criteria of Tsai-Wu.

The stresses τ21 and σ1
t do not have a common action plane, but marginally act

micromechanically together. However, τ21 and σ1
c almost have the same action plane in case

of brittle constituents fibre and matrix.

How the stress efforts are adding, linearly or quadratically or even cubically is determined by
the course of test data.

The fracture type Crushing Fracture is added in Table 3 for reasons of completeness. It
belongs to a material which due to its porosity will fail by internal voluminous degradation
under compressive stresses and not in "planes" any more.

Determination of IFF Calibration Conditions besides the Basic Strengths

•Putting the compressive strength    R⊥c    into    F⊥
τ    delivers     a⊥τ = b⊥τ - 1.  (4.1)

A second equation, if using the measurable fracture angle Θfp
c as the other obtainable

information of the lateral compression test will be Mohr-Coulomb's condition (�: cos )c fp
c= θ

− = − = + = −⊥ ⊥
⊥⊥

∂
∂σ

∂
∂τ

µ
τ τF F

an
c

s

s

cn n
fp
c/ cot , (

�

�

�

�
)2 0 5Θ    yielding       b⊥τ = 1/(4�c2-1). (4.2)

•Trials to estimate the tensile fracture stress σ⊥
tt in an appropriate test had no success

[VDI97]. However, a good estimation can be achieved by using the information R⊥
c being

Weibull distributed. Following [Awa78] easily can be derived

σ⊥tt = R⊥t/ 2k with    k = Weibull's module. (4.3)

•With respect to Fig. 6 a value for a point on the "bulge" (τ σ⊥ ⊥|| ,
2 2D D ) can be estimated or

directly a value for the linearized slope        m⊥|| ≈ ( τ⊥||
2D  - R⊥||)/ σ⊥

2D (4.4)

Analytical Derivation of Mohr's Envelope Curve

Resolving the fracture condition    F⊥
τ = 1    for    σ2    delivers in case of    τ23 = 0

σ2 . 2b⊥
τ= -R⊥

c a⊥
τ + 2σ3b⊥

τ + a R a R b b R fc c c
⊥ ⊥ ⊥ ⊥ ⊥ ⊥ ⊥− + =τ τ τ τσ σ2 2

3
2

38 4 ( ) (4.5)

with             ~c         = ( ) / ( / ( )), vara R b b b iablec c
⊥ ⊥ ⊥ ⊥ ⊥− + − =τ τ τσ σ σ σ σ2 2 43 2 2 3 3 (4.6)

And       τnt               = | ~~s c  (-σ2 + σ3) |,    σn = ~c 2σ2 + ~s 2σ3,  ~s  = 1 2− ~c . (4.7)
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Then the cohesion can be calculated from     R⊥
τ = τnt (σn = 0).    This quantity corresponds to

Puck's RA
⊥⊥  [Puc96].

PROBABILISTIC  MODELLING  OF  MULTIPLE  FAILURE  DOMAINS

The application of probabilistics will connect adjacent modes.

The influence of the FF modes on IFF can be taken into account very simply by practical
correction terms (see [Cun96/1]) in the IFF conditions or by probabilistics as shown now.

To estimate the joint probability of failure of the different IFF modes as logical model of the
failure system the series system or union U of "= 3 IFF failures will be taken. This delivers a
failure probability pf on the safe side (index S for sum, see [Cun96/2]), of

pf  ≤  pf,"∑  = 1 - (1-f⊥σS)(1-f⊥||
S)(1-f⊥τS) (5.1)

since small pf,"  are expected. Correlation among the "  (component) failures leads to a

smaller (system) failure probability pf, above expression therefore is conservative. In case of a

Weibull-distributed strengths    R⊥t, R⊥c, R⊥||   as "sum" function

f
r

w
S k= − −1 exp[ ( ) ] (5.2)

is valid (it represents the distribution of the extreme defects) with r = stress variable, k =
Weibull's module (characterising the scatter of a strength) and w = shape parameter. A further
parameter τ characterising the position of the distribution is put zero. This is in any case
permitted for very brittle materials (e.g. monolithic ceramics, k ≥ 2. An estimation of
Weibull's parameter is possible [Pli95] on basis of the mean value m and the coefficient of
variation of the parent distribution of each strength measured (bounds: cov < 25 %, k > 4,8)
by

k ≈ 1.2 /cov;     w = m /Γ(1+1/k);     m = R      with      Γ = Gamma function. (5.3)

As estimations for m, v the values of a well sized sample are taken without considering the
confidence interval.
Combining (5.1) and (5.2) yields the following equation for the IFF body

( )r

w

r

w

r

w
p

k k k

n f
⊥
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⊥

⊥

⊥

⊥
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 +











 = − −

⊥ ⊥ ⊥σ

σ

τ

τ

σ τ

||

||

||

" 1 . (5.4)

Instead of a uniaxial stress the equivalent stress as representation of the multiaxial state of
stress will be put in (5.4):    r⊥σ = σ⊥σ,     r⊥|| = σ⊥||,     r⊥τ = σ⊥τ.     It can be calculated in



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 282

case of F⊥
τ (shorter than for the IFF cases having cubic invariants) 

   F⊥
τ = f sRe ⊥

τ σ⊥
τ / R⊥

c = 1      or      σ⊥
τ = R⊥

c/ f sRe ⊥
τ  (5.5)

  f sRe ⊥
τ  = [-a⊥

τ I2 + a I b I c R R b I R c I R Rc c c
⊥ ⊥ ⊥ ⊥ ⊥ ⊥ ⊥ ⊥ ⊥ ⊥+ + +τ τ τ τ τ2

2
2

4
2 2

4 3
24 4 2/ / [ / / ].|| ||

For the IFF Proof of Design an engineering approach estimates fRes in the mixed failure

domain

   ( / ) ( / ) ( / ) ( / )Re Re Re || Re1 1 1 1f f f fs
k

s
k

s
k

s
k= + +⊥ ⊥ ⊥

σ τ  = f(fRes
(modes)) (5.6)

   (MFD)    with    k ≈ min k (safe side) causing a maximum out-smoothing.

APPLICATION  TO  GLASS/EPOXIDE-FRP

Determination of Curve Parameters (applying MATHCAD)

For the application of the criteria achieved at first all informations on the basic strengths: The
type of distribution, the mean value R  and the coefficient of variation cov have to be
provided. Table 4 represents an example set of data. The sources are various investigations
[Kna72], [ZTL], [VDI97], due to the fact that a real complete test series of all interesting
combinations of stresses including σ1 for FRP is not existing.

Table 4: Strength Properties (νf = 0.60) and data of Calibration Points (mean values)

θ τ σ
σ τ σ
σ τ

τ τ

σ
fp
c

tr
MPa MPa

MPa R

= ° = = −
= − ≈ =

= −

⊥ ⊥

⊥ ⊥ ⊥

49 73 95

86 1 05 0

40 0 28 40 0 58 90 72
2

2 21

; ;

, . ( )

( , ) ( , ), ( , ),( , ), ( , )
||

Rt
||:  Weibull,  1500 MPa, cov =   6 %

Rc
||:  Weibull, 1200 MPa, cov =   7 %

Rt
⊥ :  Weibull,    40 MPa, cov = 12 %

Rc
⊥ :   Weibull, 144 MPa, cov =   7%

R⊥||:  Weibull,  61 MPa, cov = 10 %

Fracture Curves: Deterministic Approach incl. Effect of Correction Terms

Fig. 4 comprises four different cross-sections of the five-dimensional IFF-body (σ2, σ3, τ23,

τ31, τ21): The graph (τ21, σ2) represents stresses in the plane of the lamina which are of

highest interest in the justification of the stress-output delivered from Classical Laminate

Theory (CLT). Three curves F⊥||
τ  (transversal SF), F⊥|| (transversal-parallel SF) and F⊥||

σ

(transversal-parallel NF) envelope the "50 % safe domain". The graph (τ31, σ2) outlines by

"Puck's corner" that in contrary to (τ21, σ2
t ) the shear stress τ31 has not the same action plane
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as σ2
t. The remaining two graphs (σ2, σ3) and (τ23, σ2) are well-known from isotropic

materials. In these isotropic cross-sections fracture can be described excellently by the
homogenised lamina stresses (σ2, σ3, τ23) or artificially smeared stresses, respectively. In the

hydrostatic domain σ2
c = σ3

c ≈ -10 R⊥
c the IFF cureves will be closed by F||

z, due to

Poisson's effect.

Fig. 4: IFF-curves (Glass FRP).(MFD = mixed
failure domain = fracture due to 2 modes, MPF

 = multiplane fracture of the same mode NF⊥)
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Fig. 5: FF-and IFF-curves (Glass FRP).
(with correction terms, different scales)

Fig. 5 outlines the limited applicability of the homogenized lamina stresses. The lamina
(composite) stress σ1 is not the fracture active stress, however, the stress σ1f of the constituent

(material) fibre. In order to nevertheless remain in the graphical display on composite level
the fibre stress has to be multiplied by the fibre volume fraction νf. This should be an

acceptable approach due to the extreme difference in the stiffness and thereby in the load
carrying capacity of fibre and matrix. Tests performed, see [VDI97], show the effect of
Poisson: Under biaxial compression the load can be only increased until tensile fracture stress
or strain of the fibre will be met.

Simple 2D-Approximation of the (σ2, τ21) Fracture Curve

For an improved but nevertheless simple approximation of the (σ2, τ21)-test results, which are

mandatory for the evaluation of CLT stresses, the utilisation of the formulae

F⊥||:
σ a R c R d R e Rt t

⊥ ⊥ ⊥ ⊥ ⊥ ⊥ ⊥ ⊥+ + + =σ σ σ σσ σ τ σ τ2 2
2 2

21
2 2

2 21
2 3 1/ / / /|| || (6.1a)

F⊥
τ:    a R b R c Rc c

⊥ ⊥ ⊥ ⊥ ⊥ ⊥+ + =τ τ τσ σ τ2
2 2

21
2 2 1/ / / || (6.1b)
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is recommended with a b⊥ ⊥
τ τ,  from the

equations (4.1, 4.2) and the calibration points
indicated in Fig. 6 by a square. Due to
micromechanical interaction caused by the
matrix the author micromechanically combines
NF⊥|| and NF⊥ in his approach (Puck: SF⊥ and

SF⊥|| macrome-chanically).

Fracture Curves: Probabilistic Approach

The probabilistic out-smoothing in the MFD or
transition zone, resp., of the piecewise smooth
fracture-type related domains of the IFF-body
shall be visualised by Fig. 7.

Fig. 8: An analytically derived Mohr-Coulomb
"Envelope" Curve (bold) with MFD-circles and
Transition Circle (dashed).

( R⊥ =τ friction cohesion, ρ = tan µ⊥⊥,
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I

= − − ≥










2
2
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Further the traditional "global fit" by polynomial
interaction failure models (applied by most of
the traditional strength criteria) is compared with
the "modus fit" proposed in this article. The application of the probabilistic out-smoothing
leads again back to one equation for the description of the global course of test data. Based on
the numerical investigations for Fig. 7 one further conclusion can be drawn that multiple
fracture in a mode, e.g. NF⊥ caused by biaxial tensile stresses, will be not covered by the

simple modus fit ( c⊥ =σ 0 ). This correction term is necessary to approximate the test data in

the MPF regime. Beside this, the term also has an effect in the MFD regime (SF⊥, NF⊥),

which is not adverse because such brittle materials with a high contents of defects show both
sorts of out-smoothing.
Essential for the dimensioning of FRP-structures is the "B-value Design Curve", most often.

Fig. 8 eventually shows (probably for the first time) an analytically derived Envelope Curve.
To remind us of the former enveloping procedure the compression circle and the transition
(the fracture mechanism jumps from NF⊥ to SF⊥) circle are included. Also the relationship of

150 100 50 0 50

50

100 τ21

σ2R⊥
t-R⊥

c σ2D
⊥

Fig. 6: 2D-Approximation (50%, Mean Curve.
{ Test Data from [Kna72]. �  calibration points
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Fig. 7: "Global Fit" versus "Modus Fit".
Design curves showing Probabilistic Out- 
smoothing in the Mixed Failure Domain (MFD)

-160 -120 -80 -40 0 40

20

40

60

80

-R⊥
c

 R⊥
t

τnt

 R⊥
τ

 F⊥
τ

 F⊥
σ

ρ
2 θc

fp



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 286

fracture angle, friction angle ρ and the local Coulomb friction coefficient µ⊥⊥
c derived from a

R⊥
c-loading are given. 

In the MFD no realistic fracture angle will be determined. Consequently the τnt (σn) curve

again has to be an evelope of the circles (σ2
d, σ3) or (σ2, σ3

d) the values of which are the

curve points of the probabilistic function (5.4) describing the transition from SF⊥ to NF⊥.

And, looking at the FEM codes the fracture conditions offered for a so-called "linear or
parabolic Mohr-Coulomb Material" is nothing but a continuous mathematical description of
an envelop of Mohr's circles in the MFD. It just has relation to Mohr's fracture angle outside
the MFD where a "pure" SF⊥ or NF⊥ mode is dominating.

CONCLUSIONS,  OUTLOOK  AND  REMARKS

Test Data Fit and Failure Modes

• The author has the same point of view as L.J. Hart-Smith: It is scientifically incorrect to
employ polynomial interaction failure models whenever the (micromechanical) failure
mechanism of the critical constituent of the composite changes with the state of stress.
And - valid for any material - the main shortcoming of global criteria is: A change in one
strength (which belongs to a distinct fracture mode) has an effect on the whole failure
surface (surface of fracture body) which represents all modes ([Har93, Cun94]).
Interactions between different failure modes are incorrect. Interactions between stresses
affecting the same failure mode in the same constituent of the composite are permitted.

• Separate characterisations are needed for each failure mechanism in each constituent of a
composite of materials. The fit has to be performed for each mode separately.

• It does not matter whether a state of stress comes from a one-, a two- or a three-
dimensional stressing as long it belongs to one fracture mechanism or mode.
Consequently all these states of stress can be described by the same fracture condition.

• In the isotropic planes test data excellently can be described by the homogenized  stresses
σ2, σ3, τ23 (composite = smeared or averaged material). However, if the UD-lamina is

e.g. subjected to (σ1, σ2, σ3) the constituent (real isotropic or anisotropic material) stress

σ1f will be responsible for fracture and not the composite stress (σ1).

Strength Criteria:

• There are 3 categories of failure criteria: stress-based, strain-based and energy-based. The
criteria can be grouped into independent, partly (stress) interactive and globally
interactive ones. Their development may be based on micromechanical (constituent level)
and/or (meso/) macromechanical investigations (lamina resp. composite level). 

• The author prefers stress criteria in the proof of design because: stresses fracture the
material, residual stresses are taken into account and strain history is considered in the
strength values.
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• The concept of strength criteria presented exhibit a physical basis, a good fit of test data
course, invariance with respect to coordinate transformations, a relatively easy
application involving numerical stability and applicability to ductile behaving composites
as well.

• From the several applications a preliminary assessment of the concept is possible:
- the fracture conditions F = 1 determine the shape of the failure surface with its five

piecewise smooth areas, representing the five modes
- a separation of mechanical and probabilistic modelling would be advantageous for an
     accurate interpretation of test results but is not completely possible. The probabilistic

            tool  has to be taken to smooth-out in the mixed failure domain (MFD) resp. transition
       domain of two or more modes the adjacent mode-related pieces of the "failure

surface"
- the out-smoothing approximately can be done by applying correction terms instead of

performing  real probabilistic calculations

• The application of the concept to various isotropic test results was very successful and is
very promising in case of transversally-isotropic UD-laminae, too. A big challenge will
be an application to the various woven fabric laminae.

• Because "high tech" composite parts normally have notches and often have to be
designed to damage tolerance they were qualified more or less by tests. So, the physical
drawbacks of the traditional strength criteria applied to unnotched (and notched)
structures have not been revealed.

Design (dimensioning) and Proof of Design:

• There are 5 basic strengths (or 5 resistances, if Mohr would be strictly applied) and as
much modes or fracture mechanisms, respectively. 

• To establish 3D-design curves the concept just needs for the "fitting" of the 5 pure modes
the 5 basic strength allowables, the fracture angle θfp

c (pertaining Coulomb's friction) and

a calibration point at the (σ2, τ21)-bulge. If micromechanical interaction will be taken

into account 3 more calibration points have to be provided or can be assumed from
experience with a FRP family in order to determine the remaining curve parameters
belonging to the correction terms. The curve parameters of each failure function in this
paper are computed- beside the basic strength points - from further distinct calibration
points, only. Generally of course, a root mean square-fit is foreseen to achieve their
values.

• For the dimensioning the designer needs the coloured contour plots or profiles of the
stresses as output of the FEM stress analysis and for the Proof of Design he should get
offered by the FEM codes coloured profiles of fRes

mode too. This is indirectly still

practiced when plotting the equivalent stress of v. Mises (3 J2/σyield
2 = 1    → fRes

mode =

(σyield²/σequiv²)
0,5 = σyield²/3J2)0,5 ) plots for the mode "onset of yielding" in case of

isotropic material or for NF with the principal tensile stress (σI/R
t = 1   → fRes

mode =

Rt/σI). The lowest fRes
mode computed for IFF and FF drives the design.
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• In the mixed failure domain equ. (5.6) delivers an estimation for fRes = f(fRes(modes),

therewith bypassing together with the correction terms a real probabilistic out-smoothing.

• The determination of fRes in case of cubic invariants is a little more laborious. If residual

stresses have to be taken into account, due of    fRes 
. {σ} (load) + {σ} (residual), see

[VDI97].

ACKNOWLEDGEMENTS

The author highly appreciates the excellent support of his colleague B. Szelinski, the fruitful
discussions with Dr. "John" Hart-Smith and the comments of members co-operating under the
German R&D contract number 03N8002 of the BMBF [VDI97].

REFERENCES

[1] Awaji, H. and Sato, S.: A Statistical Theory for the Fracture of Brittle Solids under
Multiaxial Stresses. International Journal of Fracture 14 (1978), R13-16

[2] Boehler, J.P.: Failure criteria for glass-fiber reinforced composites under confining
pressure. J. Struct. Mechanics 13, 371-393

[3] Cuntze, R.G.: "Fracture-type Strength Criteria" formulated by Invariants which consider
the Materials Symmetries of the Isotropic/Anisotropic Material used. Conf. on
Spacecraft Structures, Materials and Mechanical Testing. ESA-CNES-DARA:
Noordwijk, March 1996

[4] Cuntze, R.G.: Bruchtypbezogene Auswertung mehrachsiger Bruchtestdaten und
Anwendung im Festigkeitsnachweis sowie daraus ableitbare Schwingfestigkeits- und
Bruchmechanikaspekte. DGLR-Jahrestagung, Dresden, Sept. 96, Tagungsband 3

[5] Flaggs, D.L., Kural, M.H.: "Experimental Determination of the In Situ Transverse
Lamina Strength in Graphite Epoxy Laminates". J. Comp. Mat. Vol 16 (1982), S. 103-
116

[6] Hart-Smith, L.J.: An Inherent Fallacy in Composite Interaction Failure Curves.
Designers Corner, Composites 24 (1993), 523-524

[7] Hashin, Z.: Failure Criteria for Unidirectional Fibre Composites. J. of Appl. Mech. 47
(1980), 329-334

[8] Hufenbach, W. and Kroll, L.: A New Failure Criterion Based on the Mechanics of 3-
Dimensional Composite Materials. ICCM-10, Whistler, Canada, 1995

[9] Jeltsch-Fricker, R.: Bruchbedingungen vom Mohrschen Typ für transversal-isotrope
Werkstoffe am Beispiel der Faser-Kunststoff-Verbunde. ZAMM 76 (1996), 505-520



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 289

[10] Knappe, W. und Schneider, W.: "Bruchkriterien für unidirektionalen Glas-
faser/Kunststoff unter ebener Kurzzeit- und Langzeitbeanspruchung". Kunststoffe, Bd.
62 (1972), 864

[11] Kopp J. and Michaeli, W.: Dimensioning of Thick Laminates using New IFF Strength
Criteria and some Experiments for their Verification. Proceedings "Conf. on Spacecraft
Structures Materials and Mechanical Testing", ESA, 27-29 March 1996

[12] Mohr, O.: Welche Umstände bedingen die Elastizitätsgrenze und den Bruch eines
Materials? Civilingenieur 44 (1900), 1524-1530, 1572-1577

[13] Paul, B.: A Modification of the Coulomb Mohr Theory of Fracture. J. of Appl. Mech.
(1961), 259-268

[14] Puck, A.: Ein Bruchkriterium gibt die Richtung an. Kunststoffe 82 (1992), S. 607-610
(A failure criterion shows the Direction - Further Thoughts on the Design of Laminates
- Kunststoffe German Plastics 82 (1992), 29-32)

[15] Puck, A.: Festigkeitsanalyse von Faser-Matrix-Laminaten. (Modelle für die Praxis).
München: Carl Hanser Verlag, 1996

[16] Rowlands, R.E.: Strength (Failure) Theories and their Experimental Correlation. In Sih,
G.C. and Skudra, A.M.: editors, Handbook of Composites, Vol. III, chapter 2, Elsevier
Science Publisher B.V., Madison, WI, U.S.A., 1985, 71-125

[17] Sähn, S. und Göldner, H.: Bruch- und Beurteilungskriterien in der Festigkeitslehre.
Fachbuchverlag Leipzig-Köln, 2. Ausgabe, 1993

[18] Tsai, S.W. and Wu, E.M.: A General Theory of Strength for Anisotropic Materials.
Journal Comp. Mater, Vol. 5 (1971), 58-80

[19] Cuntze, R.G., et.al.: Zum verbesserten Festigkeitsnachweis von Bauteilen aus Faser-
kunststoffverbund. - Modellbildung und Experimente zu einer physikalisch begründeten
Festigkeitshypothese für die unidirektionale Schicht. VDI-Fortschrittbericht, Reihe 5.
BMBF-Vorhaben 03N8002 (A. Puck, adviser until 1995)

[20] Dornier, Fokker, MBB, DLR: Investigations of Fracture Criteria for Laminae (in
German). 1975-1980, Grant from Ministry of Defence, BMVg, Koblenz



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 290

A SINGULAR HYBRID FINITE ELEMENT ANALYSIS
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SUMMARY:   Singular stress distributions near interlaminar crack in composite laminate
under various loadings are analyzed by a singular hybrid element method which is developed
based on the elasticity solutions and the variational principle of a hybrid functional.
Asymptotic solutions for displacements and stresses near the interfacial crack between
dissimilar anisotropic materials are utilized as the displacement and stress expressions within
the crack element.  The singular hybrid element is used in conjunction with the conventional
displacement-based, quasi three-dimensional elements to study the detailed nature of the
displacements and stresses in vicinity of the interlaminar crack tip.

Analyzing a small interfacial crack in a large composite under mechanical loading, we
demonstrate that the present numerical solutions are in good agreement with the analytical
ones for a interfacial crack in infinite composite.  Then, we apply the present method for
analysis of delamination cracks originating from transverse cracking in composite under
various loadings.  Comparisons of the present solutions with the results by the displacement
finite element method show the accuracy and efficiency of the present finite element
procedure.

KEYWORDS :, delamination, stress singularity, potential energy release rate, finite element
method, singular element, hybrid element, variational principle

INTRODUCTION

Delamination is the most commonly observed failure mode in composite laminates under
mechanical and hygrothermal loadings which have been extensively utilized for the
lightweight structures.  Onset and growth of the delamination can be characterized by the
fracture mechanics based on the singular stress distributions at the crack tip.  The stress field
near the interfacial crack can be analyzed by the conventional displacement finite element
method [1, 2] or the singular hybrid finite element method [3, 4].

In this paper, a singular hybrid element method for studying the stresses near the interfacial
crack is presented.   The fundamental solution for the displacements and stresses in vicinity of
the crack tip is reviewed first.  The singular crack element is formulated based on the
elasticity solutions and a hybrid variational principle.  Comparisons of the present numerical
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solutions with the analytical ones or the numerical ones by the displacement finite element
method demonstrate the accuracy and efficiency of the present finite element method.

ASYMPTOTIC SOLUTION FOR DISPLACEMENTS AND
STRESSES NEAR INTERFACIAL CRACK TIP
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HYBRID FINITE ELEMENT FORMULATION
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Stiffness Matrix Formulation for Singular Crack Element

If we truncate the series expansion in Eqns 14 and 15 at n =N, we have the displacements and
tractions at the interelement boundary of Am as

In the present finite element approach, a 17-node, hybrid crack element shown in Fig.2 with
51 degrees of freedom is constructed.  The total number N of terms in the truncated series in
Eqn 23 is takes as 14.  Standard quadratic interpolation functions are used for the L in Eqns
25 to ensure matching of the boundary displacements of the singular hybrid element with
those of adjacent 8-node, 24 degrees of freedom, isoparametric regular elements as shown in
Fig.3.
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NUMERICAL RESULTS

To confirm the singular hybrid finite element solutions, we analyze a large carbon fiber
reinforced plastics (CFRP) [0o/90v] laminate with a small central crack of length 2a subjected
to the uniform far field stress σ22� as shown in Fig.4. The total and singular stress
distributions along the interface are shown in Fig.5.   The singular stress distributions are
shown in Fig.6 together with those obtained by the analytical solution for an infinite plate [7].
Comparison of the numerical solution for the interlaminar singular stresses with the analytical
one is also showre in Table 1.  The potential energy release rates from the two approaches are

A large CFRP [θo/-θo]  laminate with a small central crack is also analyzed. The numerical
solution for the potential energy release rates is shown in Fig.7 together with the analytical
one [7].

Then, we analyze CFRP laminate with delamination originating from transverse cracking as
illustrated in Fig.8.  The stress distributions along the interface of CFRP laminate under
tensile strain ε11� are shown in Fig.9 together with those obtained by the displacement finite
element method [2] with fine discretization as illustrated in Fig.10.

CONCLUSIONS

A singular hybrid interfacial crack element has been developed to study the stresses near
interfacial crack combining with  the conventional regular elements.  The present numerical
solutions for a small interfacial crack in a large composite are in good agreement with the
analytical ones for a crack in an infinite composite.  And comparison of the present solutions
for delamination originating from transverse cracking with those by the conventional
displacement-based finite element method show the accuracy and efficiency of the present
finite element procedure.
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FAILURE BEHAVIOR AND MORPHOLOGY OF
HYBRID SHORT-FIBERS REINFORCED COMPOSITE
UNDER THERMAL AND MECHANICAL LOADINGS

Kh. G. Schmitt-Thomas, Zhen-Guo Yang, and R. Malke

Institute of Applied Materials Engineering
Technical University of Munich, Arcisstraße 21, 80333 Munich, Germany

SUMMARY : The mechanical property, microstructure morphology, and failure behavior of
hybrid fiber reinforced thermoplastic composite containing defects were studied under
coupled thermal and mechanical loading. The system investigated was hybrid short Al/C
fibers reinforced polyaryletherketon composite, in which aluminum-fiber and carbon-fiber
were 30 wt.-% and 10 wt.-%, respectively. First fracture testing of specimens with different
artificial defects including notch and crack-like slot subjected to thermal and mechanical
loading was carried out using three-point short-beam bending test;  the effect of  changing
temperature on mechanical strength of the composite was then discussed; next failure mode
and corresponding morphology of broken samples were systematically characterized by SEM;
and finally, the macroscopic and microscopic failure behavior of the composite under coupled
thermal and applied loads were addressed based on experimental data.   Results show that
high temperature is able to significantly affect macroscopic fracture mode, microscopic
failure behavior, and ruptured morphology of the composite along with its mechanical
properties.

KEYWORDS:  Hybrid short-fiber, PAEK resin, high temperature, failure behavior, notch,
slot, aluminum-fiber, carbon-fiber.

INTRODUCTION

Hybrid composite consisting of two different fibers and single matrix is often advantageous
over a regular composite. With alternative choice of fiber combination, it offers improved
material properties such as thermal conductivity property, fracture toughness, and mechanical
strength due to mixture effect of fibers. Therefore hybrid composite has been received
considerably attention in the literature. A number of investigations have been made for
performance analysis and characterization of hybrid continuous-fiber reinforced composite,
for instance, selected papers like static problem [1], dynamic problem [2], fracture mechanics
[3], and engineering application [4]. Meanwhile people are also increasingly interested in
hybrid short-fiber reinforced composite as it can be used as a secondary structure to substitute
steel materials due to its high strength to weight ratio and convenience of molding
geometrical complex component. But most of works concentrated on the improvement of its
physical properties including thermal and electrical conductivity [5-8], and surface treatment
of fibers [9-10].

Like laminated composite for structural materials, however, hybrid short-fiber reinforced
composite is sometimes serviced in more complicated environment such as high temperature
and coupled thermal-mechanical  load.  Unfortunately, an available data about the influence
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of changing temperature on mechanical property and failure behavior of a given material  is
very seldom.  Furthermore  the works done were only limited to consider the effect of single
short-fiber on material property regarding high temperature [11-13]. It is thus necessary to
perform laboratory tests to simulate actual operation environment of the hybrid composite and
further to evaluate its structural integrity under practical service condition.

This study aims to investigate the effect of changing temperature on strength performance and
failure behavior of hybrid short-fiber reinforced polymeric composite. The matrix material
chosen is Polyaryletherketon (PAEK); it is a kind of new high performance semi-crystalline
thermoplastic resin with glass transition temperature of around 170 °C, which combines
excellent high-temperature property with retaining high elastic modules and high impact
strength [14].  Reinforcements used are  aluminum-fiber and carbon-fiber, respectively;  the
former is used for improving thermal conductivity property of the composite and the latter for
enhancing mechanical performance.  Since this kind of hybrid composite is a typical
advanced composite material, it is able to be used as secondary component in some places
where local service temperature is sometimes higher than 160 °C, such as aerospace motor-
casing, heating-removal fan, and power pump.  Hence the present study will provide
important basis for the practical use of PAEK composite as lightweight component
replacement.  For this purpose, three-point short beam bending test were carried out for
specimens containing different artificial defects under varying temperature; then
microstructure and fracture mode of the specimens were viewed by optical microscopy, and
failure behavior and morphology of the broken samples were observed in detail with scanning
electron microscopy.

EXPERIMENTAL DETAILS

Materials

The matrix used is  a commercial grade PAEK resin, called Ultrapek A1000, which is
provided by BASF; aluminum-fiber and carbon-fiber are supplied by  Japanese company.
Carbon-fiber is a 3 mm long with a diameter of 7 µm, and aluminum-fiber, called as AlMg2.5
metallic-alloy fiber,  is a length of 3 mm and its cross-section looks like a quasi triangular-
shape with each side length of about 90 µm.  Based on the previous work on its thermal and
electrical property [5], the hybrid composite to be considered in this study will consist of 30
wt.-% of aluminum-fiber and 10 wt.-% of carbon-fiber. According to designation of ASTM
D790, rectangular specimens for three-point short-beam bending test, in which the
geometrical dimensions are 80 mm long, 10 mm wide and 4 mm thick, respectively, were
manufactured directly by injection molding. The fundamental properties of the relevant
materials are listed in Table 1.

Testing

Optical microscopy was utilized for the visualization of fiber alignment and orientation in the
specimen and polarized light was used to view  the crystallization of matrix in the composite.
Fracture surface and morphology of broken samples were observed in a scanning electron
microscope (SEM) and samples were previously gold coated  before SEM observation.
Differential scanning calorimetry (DCS) was performed for measuring glass transition
temperature of the composite, and the results relevant to thermal properties of the composite
with different contents of fiber measured by DSC are given in Table 2.
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Table 1:  Fundamental properties of  constituents consisting of hybrid composite

Materials Tensile strength
(MPa)

Tensile modulus
(MPa)

Density
(g cm/ 3)

Ultimate
elongation (%)

Matrix A1000 104 4100 1.3 4
AlMg2.5 fiber 210 70000 2.68 7.5
Carbon fiber   3950 2380000 1.77 1.55

PAEK composite 106 10280 1.60 2.35

Table 2:  Thermal properties for the hybrid composite with different fiber content

Sample No. Matrix
Fiber content

(wt. %)
T

C

g

0

T

C

c

0

T

C

m

0

1 PAEK 0 169 339 393
2 PAEK 19.13 169 336 393
3 PAEK 40 170 327 380

Note: Tg  denotes glass transition temperature, Tc  initial melting temperature, and Tm melting

temperature; sample 2 only contains aluminum-fiber and sample 3 contains 30 wt.-%
aluminum-fiber and 10 wt.-% carbon-fiber.

Three different kinds of specimens containing different artificial defects were prepared for
bending test.  The artificial defects with semi-notch and crack-like slot were machined into
the center on the edge of each specimen. The geometrical size and configuration of defects are
described in the following:  the slot is approximately 0.4mm wide and the depth from the
edge is 2 mm long; the notch has a radius of R=2 mm and depth from the edge is also 2mm
long.

With temperature ranging from room temperature to 200 °C,  short beam three-point bending
test were conducted in Instron 4515 universal test machine with a temperature chamber, and
loading rate was chosen to be  5 mm/min.  After testing, some samples were cut from section
of the fractured specimens for observing their fracture behavior and morphology.

RESULTS AND DISCUSSIONS

Microstructure details

In general, injection-molded hybrid short-fiber reinforced composite is fairly inhomogeneous
because most of the fibers are aligned in the direction of mold-filling.  Fig.1, which illustrates
the fiber distribution and orientation along the transverse and longitudinal direction, shows
the fibers are preferentially oriented parallel to mold-filling direction. Aluminum-fibers are
tendency to the longitudinal direction, in which fiber length points to the flow direction of
mold-filling.  However, in the direction of transverse section, there is very seldom for fiber
length to locate along this direction. As a result, the microstructure of the composite made
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through injection molding displays anisotropic property, which will also influence fracture
behavior of the material.

    

     a) along transverse direction (200x)                    b) along longitudinal direction (200x)
Figure 1: Profile of fiber distribution and orientation

Effect of changing temperature on composite strength

The relationship between bending stress and strain of the specimen without artificial defect
subjected to different temperature is depicted in Fig. 2. From this figure, we can see that at
room temperature, once the applied stress reaches yielding stress of the material, the
composite breaks immediately, with no visible plastic deformation. When temperature is
raised to 100 °C,  the relationship of material 's stress-strain still keeps linear basically without
the effect of temperature and the load-bearing capability of the composite reduces a little.
The value of  maximum stress at this case is only smaller than that of  its counterpart at room
temperature by a quarter and the magnitude of Young's modulus is almost same each other.

Figure 2: The effect of changing temperature on material strength (without defect)

For the case of  200 °C, however, the composite softens greatly and displays nonlinear plastic
deformation feature for the high temperature; the whole stress-strain curve looks smooth, and
the amount of plastic deformation is considerably large. Consequently, the load-bearing
capability of the composite considerably reduces once temperature is above a certain value.
Higher temperature makes inherent energy of the material be raised so movement of
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molecular becomes more easier. When temperature is risen up to 200 °C, namely higher than
glass transition temperature of the resin, the reduction in strength of the composite is
extremely  large,  irrespective of how much of the content of reinforcement fiber;   the
maximum stress at this time  is only half a value at room temperature.  Furthermore, the
Young's modulus also decreases dramatically,  which  is only 20% of Young's modulus at
room temperature. Comparing to strength performance of the material,  the influence of
temperature on the composite's stiffness is significantly larger than that of its influence on
composite's  strength.  Similar feature can also been seen from specimens with artificial
defect, which will further be discussed in an another separated paper [15]. Therefore, high
temperature not only  influences strength of the composite but also changes the deformation
behavior of the composite. Moreover, when temperature is well above glass transition
temperature of resin,  the effect of fiber orientation becomes less significant due to easy
movement of resin molecular. So high temperature will cause resin damage and shorten
residual life of the composite.

Effect of defect type on material property

Figure 3 shows the effect of different defect shape on the strength of the composite at room
temperature and the associated mechanical properties measured are listed in Table 3.

Table 3:  The effect of defect type on composite strength at room temperature

Defect type
Young's
modulus
(MPa)

Maximum
load
(KN)

Maximum
Stress
(MPa)

Displacement
at break
(mm)

Strain at
break
(%)

non-defect 5343 1.164 173.20 1.209 4.48
notch 4617 0.500 75.58 0.495 1.83
slot 4485 0.488 71.94 0.481 1.79

Figure 3: The effect of defect shape on the strength of the composite (T=24°C)

Because of stress concentration, like metal material, load-bearing capability of the composite
containing defect substantially reduces.   In this figure, it can be seen that the maximum stress
specimen containing artificial defect can undertake is much smaller than that of specimen
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without defect. Usually, their stress values are less than a half stress value of specimen
without defect (see Table 3). In addition, the deformation curves of  specimens with and
without defect are also quite different.  Regarding specimen without defect, its stress increases
with the increase of strain until final fracture of specimen; whereas for the specimens with
defect, their stress first increases with increasing of strain and then the stress in the specimen
rapidly decreases due to resin yielding. This implies once resin material enters yielding,
specimen will immediately fail without any softening-strengthening phenomena. This is also
the same trend for both specimens with defect and specimen without defect.  However, for the
specimens with notch and slot, their stress-strain curve and tendency look very similarly. The
reason is as follow:  due to stress concentration, stress at the tip of  the notch and slot will
reach yielding stress of resin and surrounding materials are thus blunted; but stresses a little
far away from the tip zone are still less than yielding stress of the resin, and the materials
nearby the tip zone are surrounded by a large amount of linear-elastic material. In this
instance,  stress at the tip of notch and slot will be relaxed and redistributes by means of
plastic deformation of the resin to let tip displacement open largely than before. Moreover,
under the condition of high temperature, the material possesses larger ductility and permits
bigger displacement value at the tip of defect in comparison with that at room temperature.
As a result of these, local stress concentration is not critical to some extent to the magnitude
of width at the tip of defect for the tough resin like PAEK. Instead the elastic-plastic behavior
of resin material becomes important. Therefore if the resin is a tough material, the critical
magnitude of the width at defect tip is a little dependent on the extend of stress concentration
caused by defect type but be more dependent on their material's elastic-plastic behavior. This
maybe the main reason why the stress-strain curves of the specimens with notch and slot
resemble one another.

Macroscopic fracture mode

For three kinds of specimens, the macro fracture mode of the composite is  dependent largely
upon temperature. Visual observation of the broken samples indicates that the hybrid
composite dissipates fracture energy primarily by a combination of saw-tooth deflection of
fracture surface, plastic deformation of specimen, as well as fiber's  pull-out, debonding, and
rupture (see Fig. 4, and the detailed analysis will be addressed in the following section on
microscopic failure behavior).

Figure 4: The macroscopic fractography of specimens containing notch at room temperature

Fig. 5 shows fracture profile of three kinds of specimens with varying temperature.  At room
temperature, the fractured specimen keeps fundamentally original shape and the fractured
section of three specimens almost separates in the way of brittle.  It means that for brittle
fracture mode there is very little energy dissipation consumed by plastic deformation prior to
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final failure. With the increase of temperature, failure manner is changed from quasi-brittle
mode at room temperature to ductile mode at 100 °C.  At the time when temperature is equal
to 100 °C, the composite possesses more ductile behavior due to increase of inner energy and
the whole specimen occurred a little plastic bending.

 

                         a) T=24°C                 b) T=100°C

                          c) T=200°C

Figure 5: Optical micrography of the fracture profiles for different temperature

Compared to its original shape, the geometrical shape of the fractured specimen happen
variation; most obviously, fracture surfaces for specimens with notch and slot still connect
each other after failure.  That implies ductile fracture will consume a certain amount of
fracture energy before breaking through plastic deformation as specimens have undergone a
larger bend plastic deformation. As temperature is risen to 200 °C, failed specimen displays
large plastic deflection. In this circumstance, fracture surface of all three specimens do not
break apart; furthermore, deformation process exhibits non-linear plastic flow due to viscous-
plastic stretching of matrix. This means the movement and slide of polymer molecular
become more easier for high temperature, and resin material tends to be viscous-plasticity
behavior.  Thus the characteristic of resin damage at high temperature will be viscous-plastic
stretching instead of only yielding. For this reason, fracture surfaces of specimens at 200 °C
keep together. All of these cases demonstrate the macro fracture feature  of the composite has
a great good relation with temperature.
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Microscopic failure behavior

SEM photography of the fracture surface for hybrid composite with changing temperature are
shown in Figs 6-8.

In a sense of micro-level,  the fundamental failure behavior of the hybrid composite comprises
fiber pull-out (Fig. 6(a)), fiber debonding (Fig. 7), fiber rupture (Fig. 8), and plastic
deformation of matrix (Fig. 6 (b) and (c).  The most obvious characteristic for the failure of
the composite  is that morphology of the matrix is extremely quite different with changing
temperature (Fig. 6). At room temperature,  matrix morphology is basically flat with cusp and
exists a little shear band with brittle behavior; matrix morphology at 100 °C gets rough and
appears many  ductile dimples, illustrating deformation is in the manner of  elastic-plasticity;
while T=200 °C, fractography of matrix looks like a shape of mop filling with fibrils,
exhibiting viscous-plastic flow deformation is caused by excessive high temperature.

   

                       a) T=24°C b) T = 100°C

                         c) T=200°C

Fig. 6: The effect of changing temperature on
morphology of matrix

Moreover, the interface of matrix and fiber becomes severe due to difference of their thermal
expansion coefficients.  However, there is no obvious feature  to well characterize the effect
of defect type on the morphology owing to insensitivity of tough matrix to defect type. The
interface between carbon-fiber and matrix is dependent to great extent on their position and
place.  Two cases for bonding surface of carbon fibers at room temperature are depicted in
Fig. 6 (a) and Fig. 7(a).  Fig. 6(a) demonstrates excellent interface of carbon-fibers and Fig.
7(a) poor situation for the interface of carbon-fibers.  Why is the interfacial surface of carbon-
fiber fully different  for the same process condition? The crystallization and extend of resin
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PAEK on the surface of carbon-fiber account for this result.  With reference to Fig. 6(a), there
exist a very thin layer of resin film adhere to the surface of the carbon-fiber. This thin layer is
resulted directly from crystallization of PAEK resin shown in Fig. 9, in which the interface
between resin and carbon-fiber bonds strongly.  By contrast, there is very clean on the surface
of carbon-fiber shown in Fig. 7, which indicates there is no any crystallization thin layer
adhesive to the surface of carbon-fiber.  This event is, in fact, closely related to cooling way
of the extruded reinforced pellets and molding process of the specimen when molded by
injection machinery.  At a time when hybrid-fiber reinforced PAEK pellets are extruded, they
need to be cooled fast to fix their shape. If the resins are located inside the pellet, they are
gradually cooled and thus have relatively more time to crystallize on the surface of the fibers;
but if the resins situate on or near the surface of the pellet,  they are immediately cooled and
thus create brittle amorphous structure without any crystallization.

a) T = 24°C b) T=200°C
Figure 7: Carbon-fiber pull-out and debonding

50 µm

Fig. 8: The morphology of ruptured
aluminum-fiber

Fig. 9: The crystallization photo of matrix on
the surface of aluminum- and carbon-
fiber

Similarly, when specimen is manufactured from the pellets by injection machine, cooling of
molding tool also affects the crystallization of resin.  Resins lying on the surface of specimen
are usually not easy to crystallize for the fast cooling of tool, and resins near the center of the
specimen are easy to be crystallized due to longer period of cooling so that they form
crystallization morphology.  It is these reasons that result in completely different interface
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between carbon-fiber and matrix.  Another interesting thing about interface of the carbon-
fiber is worthwhile to noting there is no fracture phenomena of the fiber due to its too short.

Comparing with carbon-fiber, however, the interfacial bonding between aluminum-fiber and
matrix is always relatively poor.  As indicated in Table 1, elongation rate of aluminum-fiber is
much larger than that of carbon-fiber, but larger than that of resin.  When applied stress is
above yielding stress of resin, the tensile stress will automatically transfer to aluminum-fiber,
making it be elongated longitudinally and contracted transversely. With the increase of tensile
stress,  the cross-section of the aluminum-fiber is shrunken greatly until its final rupture ( see
Fig. 8),  resulting in the surface of aluminum-fiber to be separated from matrix.  While this
pattern is equivalent to pull-out of  carbon-fiber, their ruptured section is not a smooth flat,
but looks like steep rock.  Besides, for the reason of  high temperature, the number of pull-out
of carbon-fiber at 200 °C is more than that at room temperature (see Fig. 7); furthermore,
carbon-fibers seem to be moved obviously due to large viscous-plasticity stretching of matrix.
These further illustrate temperature is a crucial factor to influencing both deformation
morphology of matrix and fiber interface.

CONCLUSIONS

Based on the experimental results of  PAEK composite with varying temperature and failure
analysis for broken samples, the following conclusions may be drawn:

(1) Micro failure behavior of the composite is closely related to temperature. Matrix
morphology at a room temperature is cusp flat with a small brittle shear bands, at 100 °C
matrix surface gets rough and exists a lot of ductile dimples, and in the case of 200 °C matrix
deformation looks like a mop consisting of fibrils with a characteristic of viscous-plastic flow.
(2) The macro failure behavior of the composite is also affected by high temperature.  With
the increase of temperature, failure behavior is changed from quasi-brittle mode at room
temperature to ductile mode at 100 °C; when temperature equals 200 °C, fracture mode
becomes large plastic deflection.
(3) The interface situation between fiber and matrix is dependent mainly upon crystalline
degree of resin and service temperature.  With high crystallization, the interface bonds
strongly, and vice versa.  Furthermore, the interface of resin and fibers becomes poor with the
temperature; high temperature tends to weaken the fiber/matrix  interfacial bond because of
the difference in their thermal expansion coefficients.
(4) The temperature effect on strength performance of the composite is very significant. With
the increase of temperature, the strength reduction of the composite is extremely large and the
strength  at 200 °C is only half a value at room temperature. However, as PAEK resin is a
kind of tough material, the type of defect only influences magnitude of local stress
concentration, but not influences failure behavior of the material.
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DEBONDING AND FRACTURE MECHANISMS OF
PARTICULATE FILLED POLYPROPYLENE
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SUMMARY : Regularities of plastic deformation and fracture of particulate-filled
polypropylene are analyzed. Experimental data on elongation at break εb of PP, filled by
particles of different fraction and size are presented. Debonding and plastic flow
micromechanisms are studied. The effect of micromechanisms on composite macroscopic
behavior is analyzed. Two concentration regions of different debonding and flow
micromechanisms were found. At low filler fraction (< 15 - 20 vol. %) particles debond
independently at the initial stages of drawing and a microhomogeneous flow mechanism takes
place. In this region deformation occurs with necking. Above a critical filler content,
debonding proceeds in a correlated way with the formation of craze-like deformation zones
transverse to the stretching axes. Concentration of craze-like zones is determined by filler
fraction, particle size and the level of interfacial interaction. Whether microhomogeneous or
craze-like mechanisms occur essentially determines the regularities of further deformation
and fracture: localized or macrohomogeneous flow, ductile or quasi-brittle fracture, the drop
or the rise of ultimate strains with increase of particle diameters.

KEYWORDS:  particulate filled polypropylene, particle size, mechanical properties,
debonding, plastic flow, craze, fracture mechanism.

INTRODUCTION

It is well established both by measurements and theoretical approaches that a level of
interfacial interaction plays an important role in particulate filled composites deformation [1-
5]. It is shown, in particular, that weakening of adhesion causes a diminution of composite
stiffness [1,2,4] and yield stress [1,3,5]. Yield strain drops sharply with filler fraction in a case
of well-bonded particles and slightly diminishes in an opposite case [3,5].

A simplified model of composite fracture was proposed in [5] in framework of deformation
theory of plasticity. It is based on the numerical analysis of stress-strain distribution (SSD)
and critical value criterion of maximum shear strain. The model predicts a sharp drop of
ultimate elongation with an increase in filler fraction in a case of a perfect interfacial bond
and a gradual decrease of the last in a case of poor adhesion. The predictions are in qualitative
agreement with experimental data, however the model does not account two important
factors.

An effect of the particle size is the first one. Debonding in the particulate filled polymers
leads to a formation of the pores on initial stages of deformation. Further growth and
confluence of the pores seems to be an adequate mechanism of ductile materials (PP, PE)
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rupture [6,7]. In a case of the brittle material a dramatic drop in the strength with an increase
in a defect size forms a basic point of a linear fracture mechanics. Whenever pores are the
defects responsible for the fracture of high plastic materials, their size likely affects on
fracture parameters in analogous manner. From the other side not only absolute size, but also
concentration of the defects should determine fracture parameters. This concentration in turn
is determined by a level of interfacial interaction. As was shown in [8,9], the particle
diameter, d , is responsible for this level, namely, the debonding stress, σd, decreases with an
increase in d . In accordance with a model of [5], the less is a portion of debonded particles,
the less should be ultimate strain.

A second simplification of a model [5] is in a consideration of uniform SSD. High plastic
polymers and composite on their basis mostly deform in heterogeneous manner with
formation and growth of the neck. In this case a sharp reduction in composite deformability
(ductile-brittle transition) clearly should coincide with a disappearance of a strain hardening,
i.e. equality between a strength σb and a neck stress σn [10].

In the present study an effect of particle content and size on macroscopic behavior of
particulate-filled PP is analyzed. An establishment of the correlation between debonding
processes at the initial stage of deformation, plastic flow mechanisms and composite fracture
regularities is the goal of this investigation.

EXPERIMENTAL

Isotactic PP was used as a matrix. Polymer molecular weight characteristics, measured by a
GPC method, were: Mw=6.3x105, Mw/Mn=3.5. Aluminum hydroxide Al(OH)3 was used as

the filler. Four fractions of mean, d , minimum, dmin , and maximum, dmax, diameters were

used: 1 (0.5-1.5), 2.5 (1.5-5), 8 (4-16) and 25 (5-50) µm.

Composites were prepared in a “Brabender” mixing chamber at T=190°C, duration of mixing
was 10 min. Calcium stearate (2 wt.% of the filler fraction) was added to avoid filler
aggregation. Polymer degradation was prevented by Topanol (0.3 wt.%) and
dilauriltiodipropionate (0.5 wt.%). Filler content was in the range 0-70 wt.% (0-47 vol.%). A
filler surface treatment by octametilcyclotetrasyloxane was used into the series of high filler
content to reduce adhesive interaction.

The specimens for mechanical testing were prepared by the molding at T=190°C and the
pressure p=10 MPa with subsequent cooling under the pressure. The drawing of the blade
shaped samples was performed on the “Instron-1122” at the room temperature and strain rate
0.67 min--1.

The structure of the deformed composite samples was observed by scanning electron
microscopy (SEM) with the use of “JSM-35C”.
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RESULTS AND DISCUSSION

The effect of filler fraction and size on ultimate elongations of particulate-filled PP.

The dependencies of the elongations at break εb on the filler volume fraction and particle size
are shown in Fig. 1. A series of regularities is seen from these data.
1. Ultimate strains decrease with the rise of filler content. The increase of εb in the case of

large particles (d m= 25µ ) in the range of filler fraction 15%≤Φ≤30 vol.% is an interesting
exclusion from this regularity. It will be discussed below. Here we note that only two
publications (Fu, Wang and Shen [11,12]) are known to us as other experimental evidence
on the rise of polyolefines fracture properties with an increase of rigid filler content.
Authors found brittle-ductile impact strength transition for the HDPE-CaCO3 composites
in the case of filler surface modification by phosphate.

2. The ductile-brittle transition is rather sharp in the case of small particles (d m= 1 2 5, . µ )

and occurs at Φbr ≈ 25 vol.%. The increase of d  leads to the more smooth concentration
dependencies and to the shift to the right of Φbr (Φbr≈36 vol.% for d m= 8µ ).

3. An increase of the particle size leads to the drop of the elongation at break at small filler
fraction (<15 vol.%) and to the rise of the εb above Φ≅ 30 vol.%. Intermediate region is
characterized by the extreme-type size dependencies (Fig. 2).

Three regions of volume fraction are also characterized by different modes of macroscopic
deformation.

Below Φ=15 vol.% the drawing is accompanied by formation and propagation of a neck.
Strain-hardening is briefly recognized in the case of small particles. This circumstance

Fig.1. The elongation at break  versus filler volume fraction
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provides propagation of the neck all through the sample. However, the increase of the particle
size causes the drop in strain-hardening. It results in the fracture of samples, filled by 14
vol.% of large inclusions (d m= 25µ ), at the initial or intermediate stage of the neck
propagation.

In the intermediate region (15 vol.%≤Φ≤30 vol.%) a tendency to unstable neck propagation is
observed. Formation of two or three necks is seen in the case of small particles. The increase
of d  leads to the disappearance of the neck and the tendency to homogeneous flow.

Above 30 vol.%, filled by small particles (d m= 1 2 5, . µ ) composites break in quasi-brittle

manner with formation of a narrow neck. The increase of d  provides macrohomogeneous
flow, but up to the certain threshold, dependent of particle size. For the composites of
d m= 8µ  a tendency to the formation of a narrow neck and quasi-brittle fracture is revealed at

Φ≅36 vol.%.

The surface treatment of small particles by octametilcyclotetrasyloxane rises elongation at
break of composites filled by 28 vol.% and 36 vol.% (Fig. 2, dashed lines) [13]. This
procedure causes the transition from localized flow and quasi-brittle failure to
macrohomogeneous deformation and ductile fracture in the case of d m= 2 5. µ .

Experimental data on filler fraction and size dependencies of ultimate strains and
microscopical observations of samples deformed demonstrate the change of debonding and
flow micromechanisms at Φcz between 15 and 20 vol.%.

Fig.2. The e longations at break versus partic le
diameter.  D ashed lines point to  surface treatment.
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The transition of debonding and plastic flow micromechanisms with the increase of filler
fraction.

Exfoliation along the surface of a single inclusion obviously results in the change of SSD in
its close vicinity. So, it is natural to expect the occurrence of different debonding
micromechanisms depending on particle content.

Uncorrelated debonding and microhomogeneous flow mechanism.

The change of SSD is not noticeable far from the source of this change. So, in the case of the
large interparticle distance, or, equivalently, at a small filler fraction debondings of different
particles should proceed independently. Uncorrelated debonding mechanism (Fig.3a) causes
microhomogeneous flow (see Fig.3b, which corresponds to the region of the developed neck).
A picture of this type was observed by SEM for the composite samples with Φ<15
vol.% [14]. We underline the following features.

1. Exfoliation occurs along the surfaces of all the particles.
2. Longitudinal elongation of the every pore formed is equal, with a good precision, to the

draw ratio mean elongation of the neck region (microhomogeneous deformation).

Fig.3: Scheme representation of uncorrelated (a), correlated (c) debonding micromechanisms
and sequent microhomogeneous (b), and craze-like (d) plastic flow

Correlated debonding and craze-like flow micromechanism.

Quite another situation takes place in the case Φ>15−20 vol.%. Debonding of the single
inclusion considerably changes SSD of a neighbor because of the small interparticle distance.
The maximum stress intensity in the uniaxially stretched composites is reached in the area of
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a pore equator. It should result in correlated debondings of neighbor particles and the
formation of the craze-like microporous zones, extended in the direction transverse to the
stretching axes. Correlated debonding (Fig.3c) causes the craze-like flow mechanism (Fig.3d).
Such picture was observed by SEM for the composite samples with Φ>20 vol.% [14].
Contrary to the previous case, debonding is characterized by the following features. A
noticeable portion of the particles outside the craze-like zones remain bonded.

Because of the sharp difference in the compliances, further deformation mainly concentrates
inside the craze-like microporous zones, whenever the other regions remain weakly stretched.
The first regularity may be clarified by the following estimation of the screen effect
efficiency, which is in the drop of the stress in the area of craze banks, caused by formation of
micropores inside. Let us denote the debonding stress (the stress value sufficient for the
exfoliation along the surface of the given particle) by σd and the stress of polymer bulkhead
inside the crack by σbh. It is natural to suggest that the pore fraction inside the craze-like
zones is equal to the filler volume content Φ and to use the minimum cross section area
estimation for the calculation of the stress, σcz, tightening the craze-like zone banks:

( )σ σ αcz bh= −1 2 3Φ . (1)

Correlation between σd and σcz

σ σcz
d≥ (2)

determines the conditions for the further debonding of the particles in the vicinities of the
craze banks. It is seen that even in the case of the weak adhesive strength (low σd value,
which is analyzed in the present paper) new debondings formation in the process of further
stretching will be forbidden at sufficiently high filler content.

As noted, the increase of the particle size results in a drop of the debonding stress σd [8,9] and
thereby in the rise of pore concentration. The surface treatment by the antiadhesive
component is another route for a debonding stress decrease [9,13].

The stage of secondary debondings depends upon the state of bulkheads in the primary crazes.
σbh and, hence, σcz can be raised in the process of further drawing, if the bulkheads deform in
the elastic or strain hardening region. σbh is a fixed value, equal to the polymer matrix yield
stress σY, if the bulkheads are in the stage of plastic flow. So, if the craze-like flow
mechanism is realized, debonding may occur, not only at the beginning of drawing, but at the
developed or even final stages. In the case of the sample, filled by 36 vol.% of small
(d m= 2 5. µ ) particles only few zones are seen outside the narrow neck. Inside the neck their
concentration is much higher because of the strain-hardening stage of the bulkheads in
deformation zones.

Macroscopic consequences of microhomogeneous or craze-like flow.

Localized or macrohomogeneous flow.

Unfilled PP is characterized by a well-emphasized extreme-type engineering diagram and
localized plastic flow, but the true stress increases with draw ratio. An extreme type of the
engineering diagram is caused by a conservation of volume and, therefore, a drop of the cross-
section area on draw.

The increase of pore concentration in the filled PP leads to a more noticeable growth of
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material volume on deformation and, hence, to a less drop of the cross-section area. In the
framework of a microhomogeneous mechanism (Φ≤15 vol.%), debonding occurs for every
particle at the initial stage of deformation. However, because of the small filler fraction, the
volume of the pores formed is not sufficient for the qualitative change of engineering
diagrams and the samples deform with necking for the every particle size studied.

The transition to macrohomogeneous flow would take place at the further increase of filler
fraction if the microhomogeneous mechanism remains valid. But the change of
microhomogeneous flow mechanism by the craze-like process complicates the situation. If σd

is low, debonding in accordance with (1), (2) is not forbidden and the volume of the pores
formed becomes sufficient for the change of the engineering diagram from the extreme to
increasing ones. This is the reason for macrohomogeneous deformation of high filled
composites (Φ> 20 vol.%) in the cases of large (d m= 8 25, µ ) inclusions or small ones

(d m= 2 5. µ ), treated by anti-adhesive component. In the case of untreated small particles the
criterion (2) of debonding is not valid, because of the increase of the debonding stress. So,
micropore concentration remains low and the samples deform with the necking.

Ductile and quasi-brittle fracture.

The fracture properties of particulate-filled ductile polymers are determined by the growth
and confluence of micropores, formed in the process of debonding. So, debonding and the
consequent flow mechanism are extremely important.

In the framework of microhomogeneous flow mechanism (Φ< 15 vol.%) a filler fraction can
be sufficiently low for the complete adhesive failure at the initial stages of deformation
(composite yield stress σY decreases with Φ, but can remain higher than σd). The composites
characterized by ductile fracture. The drop of εb with the increase of particle size (Fig. 1, the
initial portions of the curves, Fig. 2, Φ=15 vol.%) is governed by the geometric factor of
rupture, which is in the aggravation of fracture parameters with the growth of the size of a
defect, responsible for fracture.

In the framework of the craze-like mechanism, complete debonding is not obtained because of
the screen effect discussed. In this case the main part of deformation is concentrated in the
narrow microporous zones, so ultimate strains depend upon the specific amount of the last by
means of at least two reasons. The first is the increase of the elongation due to the increase in
the concentration of the deformed regions. The second reason is the rise of the strain at break
of polymer bulkheads inside the craze, as a result of the decrease of the local strain rate, at
fixed value of the last, with an increase of the crazes density. Therefore, geometric factor of
fracture contradicts with the debonding one, which is in the change of degree of debonding
processes completion. The influence of this contradiction on εb is illustrated by the
intermediate and final portions of the curves in Fig. 1 and by the plots of Fig.2, corresponded
to Φ = 28 and 36 vol.%.

Debonding stress distributions, (dV
d dd

σ σ  is a volume fraction of the particles, debonded in

the stress interval between σ and σ+dσ), are schematically represented at Fig.4. The increase
of filler fraction does not noticeably change the debonding stress [9], i.e., the abscissa position
of the curves 1-3 in Fig. 4a, but gives a proportional increase of the ordinate. The porosity of
the sample should increase due to this factor. However, the stress σcz in the vicinities of the
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craze banks drops with Φ in accordance with correlation (1). Competition between these two
factors admits the rise or drop of craze-like zones density and, therefore, the existence of
increasing or decreasing portions of ultimate strains dependencies upon filler fraction. This
phenomenon is the reason of the rise of εb with Φ in the region 15 vol.%≤Φ≤30 vol.% in the
case d m= 25µ  and the drop of the last in the case of small particles (Fig. 1). Dramatic
diminution of the microporous zones density provides the transition from ductile to quasi-
brittle fracture. The corresponding filler fraction, Φbr, depends upon the debonding stress
(which is the decreasing function of d ) and should be shifted to the higher Φ with the
increase of particle size. This regularity is experimentally confirmed by the increase of Φbr

from ≅25 vol.% for d m= 1 25, . and µ  to Φbr≅36 vol.% for d m= 8µ  (Fig. 1).

Fig.4: Scheme representation of the debonding stress distributions: (a) - for different
filler fractions (Φ1<Φ2<Φ3) and fixed particle size; (b) - for the various particle diameters

(d d d1 2 3> > ) and fixed filler fraction. Vertical lines denote the stresses σcz in the vicinities of
the craze banks (see formula (1))
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Contrary, at the fixed filler fraction the σcz value remains unchanged, whenever the change of
the particle size results in the horizontal shift of the debonding stress distribution (Fig4b). The
surface treatment by the anti-adhesive component facilitates debonding [9] and is an
alternative way to achieve such a shift. So, at the high filler content, debonding is most
important and causes an increase of εb with the increase of inclusion size (Fig. 2, Φ = 36
vol.%, solid line). Competition between adhesive and geometric factors of fracture (the last
remains valid in framework of the craze-like mechanism) is the reason of the extreme size
dependence of εb at Φ=28 vol.% (Fig. 2, solid line) and at high filler content in the case of
anti-adhesive coating of the particles (Fig. 2, Φ = 28 and 36 vol.%, dashed lines).

CONCLUSIONS

1. Fracture properties of particulate-filled PP have been studied in the wide range of filler
fraction and size.

2. Two debonding micromechanisms and the transition between them at Φcz ∼ 15% were
discovered. The first is uncorrelated debonding at the initial stages of deformation and
occurs at low Φ (< 15 vol.%). The second micromechanisms is correlated debonding of
neighbor particles inside the narrow zones, transverse to the loading axis.

3. Two different material flow mechanism - microhomogeneous and the craze-like one (Φ >
15 vol.%) - have been found. In the case of uncorrelated debonding the
microhomogeneous deformations form in the neighborhood of the pores. The correlated
debondings of neighbor particles results in the craze-like flow mechanism. In this case
plastic deformation is mainly concentrated inside craze-like regions.

4. An increase of micropore fraction is the reason for the transition from localized drawing
(with necking) to macrohomogeneous draw.

5. Two factors of composite failure are formulated: a geometric one, which is in the drop of
fracture properties with an increase of particle (pore) size; and a debonding factor, which
is in the formation of the sources of fracture in the processes of phase exfoliation and in
the change of degree of debonding processes completion dependent of particle size.

6. In the framework of microhomogeneous flow mechanism, geometric factor governs the
fracture, and ultimate elongations decrease with an increase of filler content and particle
size.

7. In the framework of craze-like mechanism, the debonding factor of fracture plays an
important role. The increase of debonding stress with the decrease of the particle size
results in the drop of the craze-like zone concentration and in a decrease of Φbr of the
ductile-brittle transition. Competition between geometric and debonding factors causes
extreme dependence of the elongation at break upon d  in the intermediate region 15
vol.%<Φ<30 vol.%. At Φ>30 vol.% ultimate strains increase with the rise of d , due the
increase of deformation zone concentration.
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EFFECTS OF PORES AND VOIDS ON THE
INTERLAMINAR DELAMINATION TOUGHNESS OF

A CARBON/EPOXY COMPOSITE
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SUMMARY:  Presence of pores and voids is known to impair mechanical properties such as
strengths and moduli of composite materials. At least, for aeronautical applications it is
important to understand how defects such as voids affect the interlaminar delamination
toughness of a composite laminate. Therefore an investigation on the influence of voids on the
interlaminar delamination toughness of a carbon fiber/epoxy composite in pure modes I and II
as well as mixed mode has been performed. Voids are found to have a deleterious or no effect
on the critical strain energy release rate at crack growth initiation. However, at propagation in
pure mode I and mixed mode load-cases presence of voids causes a R-curve behavior. The
increase in Gc, which is strong in mode I and moderate in mixed mode is inherent to changes
in failure mechanisms. In pure mode I, ply splits are observed to bridge the crack as the crack
locally leaps between plies at propagation. In mixed mode (GII/G≈0.5), the crack propagates
in one interface only, multilayer cracking in the crack tip region results in increased GC at
crack propagation. From the observed R-curve behavior it is concluded that pores and voids
do not impair the delamination toughness of the HTA/6376C composite in static loading.

KEYWORDS:  Voids, pores, manufacturing defects, interlaminar delamination toughness,
delamination tests.

INTRODUCTION

Poor manufacturing of laminates may cause appearance of voids and pores in and in-between
plies. To date, laminates containing detectable voids are discarded. Cost will be significantly
reduced if laminates containing voids can be accepted in some applications. For this reason it
is important to understand the influence of voids on the mechanical properties of composite
laminates. In particular, for aeronautical applications, the effect of voids on interlaminar
delamination toughness is of interest. This is motivated by interlaminar delamination growth
being one of the major failure modes in composite structures, such as aircraft wing skins.
Interlaminar delamination or fracture may be defined as debonding of plies due to the
interlaminar stresses present in the laminate.

It is well known that voids degrade mechanical properties, e.g. tensile and shear strengths, of
composites. Over the years a number of studies have been presented on this matter.
Comprehensive reviews on the work in this area have been given by Judd and Wright [1], and
more recently by Cantwell and Morton [2]. To date, work has been focused on the effects of
void content on strengths and moduli of composites. Especially, the interlaminar shear
strength (ILSS) has been of concern [1-4]. Results presented on the effects of voids and pores
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on mechanical properties are found to differ substantially between studies. For instance, for
carbon fiber/epoxy composites, the ILSS has been reported to decrease between 1 and 21%
for the first one percent voids [1]. This inconsistency is coherent with the difficulty to
measure true void content reported by Ghiorse [5]. In spite of the efforts made, to the authors
knowledge, no results on the influence of voids on the interlaminar delamination toughness of
CF/EP composites have been reported in the literature.

The objective of this study is to investigate the influence of voids and pores on the
interlaminar delamination toughness of a HTA/6376C composite laminate in pure modes I
and II as well as mixed mode loading.

EXPERIMENTAL METHODS

Test methods

L L

P

c

d

d

c

I

Fig. 1: FFA’s mixed mode bending rig

To study the effects of pores and voids on delamination toughness of HTA/6376C composite
laminates, several test methods were utilized. Tests in modes I and II as well as mixed mode
were performed. For Mode I, the common DCB (Double Cantilever Beam) test was used. In
mode II, specimens were tested in three-point bending in the ENF (End Notch Flexural) test.
Finally, in the mixed mode tests, the specimens were tested under combined loads in the
MMB (Mixed Mode Bending) test. Seven specimens were tested in each test method. All tests
were performed in a modified version of the mixed mode rig originally suggested by Reeder
and Crews [6,7]. In this study only one mixed mode ratio was investigated together with the
pure mode tests. According to the analysis by Reeder and Crews [6], an expected mode ratio,
GII /G, of 0.5 was chosen by setting c=41 mm, where L=50 mm, see Fig. 1.

Three-point bending tests were performed to determine the flexural modulus of the uncracked
laminates at room temperature. In these experiments the distance between support rollers was
65 mm. All experiments were performed at ambient conditions.



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 324

Specimens

All specimens were fabricated from HTA/6376C carbon/epoxy prepreg supplied by Ciba
Geigy. The laminates were cured according to the suppliers recommendations (at 6 bars
pressure). However, to introduce voids in one of the laminates the applied vacuum was
tampered with during cure. This was done in the following manner: General consolidation of
the laminate was achieved as the vacuum-bag was evacuated prior to curing. After evacuation
the vacuum pump was turned off. The laminate was heated at a rate of 2°C/min to a
temperature of 175°C. As the laminate was heated the pressure inside the bag rose to 6 bar.
When the laminate had been heated for one hour the bag was ventilated at 1 atmosphere
pressure. Ventilation was repeated as the temperature reached the plateau value of 175°C.
After one hour at 175°C the laminate was left at a pressure of 1 atmosphere.

The laminates included a 35 mm long artificial delamination as a starter crack. The artificial
delamination consisted of a 7.5 µm thick Upilex 7.5S polyimide film from UBE. The thin film
used reduces the resin pocket created at the film edge and hence its influence on the critical
strain energy release rate [8]. After curing, the laminates were C-scanned for flaws, such as
delaminations, and cut into specimens in a diamond wheel cutter. Prior to testing all
specimens were dried in an oven at 70°C for two weeks. The dimensions of the rectangularly
shaped specimens were; width 20 mm, length 150 mm and nominal thickness 3.3 mm. The
nominal thickness of the void-free laminate was 3.1 mm. The specimen lay-up was
[0°12//(±5°/0°4)s], where the sign “//“ refers to the interface plane, i.e. the plane of the artificial
delamination. The off-axis angle of 5° was applied to reduce fiber bridging at delamination
growth. In a study by Olsson et al. [8] it was concluded that an off-axis layer at the interface
suppresses fiber bridging in DCB and MMB tests. Also, Olsson et al. [8] showed that the off-
axis layers in the composite have a negligible effect on the local G distribution through the
specimen width. To release any adhesion between the polyimide film and the composite the
specimens were pre-loaded prior to testing.

Three-point bend specimens were cut to the dimensions; width 5 mm and length 75 mm with
a nominal thickness of 3.3 mm.

Measurements

The delamination beam DCB, ENF and MMB tests were performed in a screw-driven Zwick
tension load machine at a constant displacement rate of 0.5 mm/min. In the DCB tests a 250
N load cell was used, while in the ENF and MMB tests a 5 kN load cell was utilized. The
specimens were connected to the test rig by hinges with automatic couplings, for details see
ref. 7.

Crack growth in the DCB, MMB and ENF specimens was measured manually with a
traveling microscope. The microscope was equipped with an instrumented dial gauge
providing continuos reading of the observed crack tip position. The dial gauge had a
maximum stroke length of 20 mm. In the DCB tests, use of a 20 mm extension made it
possible to measure a total crack growth length of 40 mm. Mode I opening displacement in
the DCB test was measured with a string/wheel potentiometer drawn by a wire attached to the
load point of the specimen. In the ENF and three point bend tests the vertical load point
displacement was measured with an instrumented dial gauge. In the mixed mode MMB test,
the vertical fulcrum displacement, dc, as well as the opening displacement, dI, were measured
with instrumented dial gauges, see Fig. 1. The vertical fulcrum displacement was measured
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directly on the specimen, whereas the opening displacement was measured on an extension of
the upper hinge in the direction of the applied load. In the experiments loads, displacements
and crack lengths were acquired with an IBM PC equipped with Labtech Notebook software.

The void content was determined by image analysis, using the OPTILAB® image analysis
software of Graftek. The void content of the composite was averaged over 36 cross-sections
covering the entire area (20*3.3 mm2) of totally 20 specimens. Interlaminar void contents in
0°/+5° and +5°/-5° interlayers were determined separately in one dimension on the respective
interface. The void content of the laminate was determined on specimens cut parallel as well
as perpendicular to the 0°-direction, whereas interlaminar void contents were determined on
specimens cut parallel to the 0°-direction, only.

DATA REDUCTION

Here, a short description of the methods used for the data reduction is given. A more complete
description was presented in ref. 7. The methods used for evaluation of the DCB and ENF are
based on load, displacement and crack length measurements. The results for the strain energy
release rates for MMB load cases are achieved by superposition of the pure mode I and mode
II load cases, see Figs. 2 and 3.

The mode I strain energy release rate was determined using an expression by Hashemi et al.
[9],

GI =
3

2
PIdI

b a+ ∆( )
(1)

In Eq. (1) b is the specimen width, a is the measured crack length and ∆ is a crack length
correction. ∆ is determined analytically using an expression by Olsson [10] (the shear factor is
set to K=5/6),

∆
h

=
EF

12KGT

+
EF

6ET
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+
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2π
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The strain energy release rate in mode II was determined using the following expression by
Carlsson and Gillespie [11]

GII =
9a

2
PIIdII

2b

1− CSH

PII

dII

 
 
  

 
 

2L3 + 3a3( ) ,whereCSH =
6L + 3a− L3

a
2

20bhGT

(3).

In the equations presented, h is half the thickness of the specimen, EF is the measured
longitudinal flexural modulus. ET and GT are the transverse Young’s and shear moduli,
respectively. Here, data from the void-free laminate are used [7], ET=10.5 GPa and GT=5.25
GPa. Eqs. (1) and (3) have low sensitivity to the accuracy in estimations of these mechanical
properties.
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Fig. 2: Separation of modal loads in the MMB test

The results for the strain energy release rates for MMB load cases are achieved by
superposition of the pure mode I and mode II load cases, see Figs. 2 and 3. The respective
mode I, PI , and mode II, PII , load components, which have been worked out by Reeder and
Crews [6], are proportional to the applied load, P, as:

PI =
3c − L

4L

 
 

 
 P , PII = c + L

L

 
 

 
 P (4)

where P, c and L are defined in Fig. 1. Further, geometry determines the displacements
associated with mode I opening, dI, and mode II flexure, dII. The mode I opening
displacement, dI, is measured. The mode II displacement, dII , is calculated from dI and the
fulcrum displacement, dc, as

dII = dc + ∆ c , where∆ c = dIL
1

16L2 − dI
2

                 (5)

In the analysis of the three-point bend tests, determining the flexural modulus, influence of
shear deformation was taken into account.
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Fig. 3: Separation of modal displacements in the MMB test

RESULTS AND DISCUSSION

The laminate void content was determined to 0.9%. The interlaminar void contents between
the 0°/+5° (the position of the starter crack) and +5°/-5° plies were 1.4% and 9.2%,
respectively. The scatter in data is large as the voids were irregularly distributed in the
laminate. For this reason some of the cross-sections contained a large amount of voids as
others were void-free. The largest values for the void content of the laminate and interlaminar
void content measured in one specimen were 2.2% and 25.8%, respectively. All the observed
voids were needle shaped, meaning that they were long in the direction parallel to the fibers
compared to their width. The length of the individual voids varied, whereas the void diameter
was typically that of 1-2 fiber diameters.

The flexural modulus of the laminate containing voids was determined to 111 GPa, which is
7.5% lower than that previously measured flexural modulus of the void-free laminate [7]. This
is in good agreement with results by Ghiorse [5], who reported a decrease in the flexural
modulus of 5.3% for a carbon fiber/epoxy cross-ply laminate for the first one percent voids.

Delamination tests

Table 1: The critical strain energy release rates of the tests on the void-free and voided
laminates. Standard deviations are presented within brackets. All units in J/m2.

Test method
Void-free laminate

GC (initiation)           GC (max)

voided laminate

GC (initiation)           GC (max)

DCB       (mode I) 229.0 (±17.8) 253.4 (±6.6) 239.8 (±9.7) 441.4 (±50.8)

ENF        (mode II) 883.1 (±117.5) 883.1 (±117.5) 811.3 (±57.0) 811.3 (±57.0)

MMB       (mixed mode) 478.8 (±43.7) 487.1 (±45.5) 381.4 (±47.6) 454.5 (±70.3)

The results of the delamination tests are summarized in Table 1. In the table critical strain
energy release rates, GC, for void-free specimens and specimens containing voids, referred to
as voided laminate, are presented. Table 1 lists data for GC at crack growth initiation as well
as maximum GC at crack propagation. The maximum GC provides information about the R-
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curve behavior of the specimens, i.e. the dependency of the critical strain energy release rate
on crack length. All data for void-free specimens were reported in a previous study [7]. In ref.
7 a more comprehensive description of the delamination crack growth behavior of the void-
free specimens is given.

DCB tests

The presence of voids did not affect the critical strain energy release rate at crack growth
initiation in pure mode I, see Table 1. However, their presence affected the crack growth
behavior. Although stable crack growth was observed in both void-free specimens and
specimens containing voids, their over all behavior were considerably different. For void-free
specimens no R-curve behavior was found. In contrast, for specimens containing voids a very
strong R-curve behavior was observed. Typical appearances of the critical strain energy
release rates as a function of crack lengths are depicted in Fig. 4. For these specimens the
critical strain energy release rate increased as the crack propagated. The maximum value at
crack propagation was 84% higher than that at crack growth initiation, see Fig. 4. This shift in
crack growth behavior is explained by a change in failure mechanism. In the void-free
specimens an insignificant amount of crack bridging was established at the crack tip. In the
specimens containing voids, however, ply splits (approximately 1-2 mm wide) were observed
to bridge the crack. The bridged zone was measured to be 25-30 mm long. The observed
crack bridging appeared as the crack tip locally leaped between plies as the crack propagated.
The scatter in data for the laminate containing voids is significantly larger than for the void-
free laminate, see Table 1. Thus, the irregularity in the distribution of voids affects the
interlaminar delamination toughness of the composite loaded in pure mode I.
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Fig.4:  Schematic of the mode I critical strain energy release rates dependence on crack
length for the void-free and void containing (voided) laminates

In a recent study, Hou et al. [12] reported results on the influence of voids on the interlaminar
delamination toughness for CF/PEI woven fabric composites. In accordance to the results
presented here, Hou et al. reported an increase in the value of the critical strain energy release
rate at crack propagation with an increase in void content. However they found this increase
in the energy release rate to originate in an enlarged crack tip region rather than in ply-
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splitting. Due to the fiber architecture, no ply splits were reported to appear in the woven
composites.

ENF tests

For both types of laminates the crack growth was unstable when loaded in pure mode II. In
the ENF tests, presence of voids was found to have a slightly deleterious effect on the critical
strain energy release rate. GIIC at crack growth initiation was 8% lower for the laminate
containing voids compared to the void-free one. To assure that the resin pocket created at the
starter film tip did not affect the measured energy release rate, tests of four pre-cracked ENF
specimens were performed. The specimens were pre-cracked in mode I until the starter crack
length exceeded 37 mm. These tests confirmed the results, and hence any effect of the resin
pocket was excluded. However, in these additional tests it was found that stable crack growth
can be achieved as the initial crack length exceeds 37 mm. According to the analysis by
Reeder and Crews [6] stable crack growth is expected for a crack length larger than 35 mm.
Observations of the crack tip indicated that the crack propagated in one plane, only. As a
consequence, no crack bridging was detected. This is coherent with observations reported for
mode II tests on CF/PEI woven composites by Hou et al. [12].

MMB tests

Stable crack propagation was achieved in both laminates. In mixed mode loading the presence
of voids was found to decrease the critical strain energy release rate at crack growth initiation
by 20%. However, as the crack propagated the critical strain energy release rate increased and
a R-curve behavior was recorded for the void containing specimens. Due to this R-curve
behavior the recorded maximum strain energy release rate at propagation was at the same
level for the two laminates. As in the DCB test results, the scatter in data, at propagation, for
the laminate containing voids is larger than for the void-free laminate, see Table I. Crack
bridging was not observed in either of the two laminates. As the crack propagated in the 0°/5°
interface only, the recorded R-curve behavior of the laminate containing voids is explained by
multiple crack planes at the crack tip. Multiple crack planes were observed on the edge of the
specimens at crack propagation and in post-mortem optical microscopy.

The mode mixture in the MMB test deviated from the expected GII/G=0.5. The achieved
mode mixture was found to be 0.54 for the laminate containing voids as well as for the void-
free laminate. These deviations from the expected mode mixture are due to the evaluation
method used. Based on linear elasticity, methods based on load and load-displacement
measurements should give the expected mode mixity of 0.5 [6]. In fact, load based methods
give a mode mixture of 0.5. However, a previous investigation [7] reveled non-linear load-
compliance relationships and indicated methods based on load-displacement measurements to
be more accurate than methods based on load measurements only. For this reason, results
based on load and displacement measurements only are reported here.

Dependency of delamination toughness on mode mixture

In Fig. 5 the critical strain energy release rates at crack growth initiation are presented as a
function of mode mixture. To show trends, data points for void-free laminate and the laminate
containing voids, marked voided laminate, have been curve fitted by interpolation.
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The graph shows that presence of voids reduced the critical strain energy release rate at crack
growth initiation in pure mode II and mixed mode (GII/G≈0.5). In pure mode I, however, GC

was unaffected by the present voids. In contrast, at crack propagation, presence of voids most
strongly affected the critical strain energy release rate in pure mode I.
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Fig. 5: Critical strain energy release rate at crack growth initiation as a function of mode
mixture. Interpolations between data points are included to show trends for the two

laminates.

CONCLUSIONS

The influence of voids on the interlaminar delamination toughness of a carbon fiber/epoxy
composite in pure modes I and II as well as mixed mode has been investigated. Voids were
found to have a deleterious or no effect on the critical strain energy release rate at crack
growth initiation. However, at propagation in pure mode I and mixed mode load-cases
presence of voids was found increase GC. This increase, which was found to be very strong in
mode I and moderate in mixed mode, is inherent to changes in failure mechanisms. In pure
mode I, ply splits were observed to bridge the crack as the crack locally leaped between plies
at propagation. In mixed mode (GII/G≈0.5), the crack propagated in one interface. However,
multiple cracks observed at the crack tip and in front of the crack, resulted in an increased GC

at crack propagation in mixed mode loading. From the observed R-curve behavior it is
concluded that pores and voids do not impair the delamination toughness of the HTA/6376C
composite in static loading.



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 331

REFERENCES

1. Judd, N.C.W. and Wright, W.W., “Voids and their effects on the mechanical properties
of composites- An appraisal”, SAMPE Journal, 14, 1978, pp. 10-14.

2. Cantwell, W.J. and Morton, J., “The significance of damage and defects and their
detection in composite materials: A review”, J. strain analysis, 27, 1992, pp. 29-42.

3. Bowles, K.J. and Frimpong, S., “Void effects on the interlaminar shear strength of
unidirectional graphite-fiber-reinforced composites”, J. Comp. Mat., 26, 1992, pp.
1487-1509.

4. Wisnom, M.R., Reynolds, T. and Gwilliam, N., “Reduction in interlaminar shear
strength by discrete and distributed voids”, Comp. Sci. Techn., 56, 1996, pp. 93-101.

5. Ghiorse, S.R., “Effect of void content on the mechanical properties of carbon/epoxy
laminates”, SAMPE Quart., 1993, pp. 54-59.

6. Reeder, J.R. and Crews, Jr, J.H., “Mixed-mode bending method for delamination
testing”, AIAA Journal, 28, 1990, pp. 1270-1276.

7. Asp, L.E., “Moisture and temperature effects on the interlaminar delamination
toughness of a carbon/epoxy composite”, FFA TN 1996-52, The Aeronautical Research
Institute of Sweden, 1996.

8. Olsson, R., Thesken, J.C., Brandt, F., Jönsson, N. and Nilsson, S., “Investigations of
delamination criticality and the transferability of growth criteria”, FFA TN 1996-31,
The Aeronautical Research Institute of Sweden, 1996.

9. Hashemi, S., Kinloch, A.J. and Williams, J.G., “Corrections needed in double cantilever
beam tests for assessing the interlaminar failure of fibre composites”, J. Mat. Sci. Lett.,
8, 1989, pp. 125-129.

10. Olsson, R., “A simplified improved beam analysis of the DCB specimen”, Comp. Sci.
Techn., 43, 1992, pp. 329-338.

11. Carlsson, L.A. and Gillespie, Jr., J.W., “Mode-II interlaminar fracture of composites”,
In Application of fracture mechanics to composites, K. Friedrich, Ed., Elsevier,
Amsterdam, 1989, pp. 113-158.

12. Hou, M., Ye, L. and Mai, Y.-W., “Effect of moulding temperature on flexure, impact
strength and interlaminar fracture toughness of CF/PEI composite”, J. Reinf. Plast.
Compos., 15, 1996, pp. 1117-1130.



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 332

A STATISTICAL MODEL FOR CRACK GROWTH IN
COMPOSITE MATERIALS

Biao Wang, Jin Dai and Shanyi Du

Research Center for Composite Materials, Harbin Institute of Technology, Harbin,China

SUMMARY:   In this paper, the crack propagation problem in composite with random
microstructures was considered in detail. Along the crack path, the material is assumed to
contain randomly distributed crack-arresting points which have stochastic fracture strength.
The model can be used to describe a large variety of composite materials, such as continuous
fiber composites and short-fiber composites, etc. The aim of this study is to calculate the
probability of fracture for a given material, crack length and external load.  As an example,
the unidirectional fiber reinforced composite was considered in detail. The fiber strength was
assumed to be a random variable with the Weibull distribution, and both the strong and weak
interface between the fiber and matrix were considered. It was found the fracture strength was
sensitive to the interface behavior.

KEYWORDS:   heterogeneous materials, micro-mechanics, statistical model, crack growth

INTRODUCTION

The fracture toughness of heterogeneous materials, such as composites is quite different from
the fracture toughness of their constituents. For example, composite materials can be obtained
with much higher fracture toughness than the matrix materials. It is a well-known fact that
such enhancements of fracture strength are due to the matrix, the reinforcement and the
interface interaction with each other. Whereas, it is a extreme difficult task to predict the
overall toughness and the probability of fracture from data on the microstructure.

Many theories have been proposed to understand the fracture mechanism of heterogeneous
solids, such as fiber-reinforced composite [6,7]. The most significant works are those on fiber
reinforced ceramic and the other brittle matrix composites, for example Ref.[1-5]. When the
tensile load which is much lower than the utmost load of the material is applied on fiber-
reinforced brittle matrix composite, closely spaced matrix cracks are induced perpendicular
with the direction of the tensile load, and each crack almost completely traverses the material,
but the applied load continues to be supported by unbroken fibers that bridge each matrix
crack between its faces. In this paper, different fracture mechanism was considered. Along the
crack path, the material is assumed to contain randomly distributed crack-arresting points
which have stochastic fracture strength. For the crack to propagate over a distance ∆x , it must
cut off all the obstacles, such as fibers, in this area. The model can be used to describe a large
variety of composite materials, such as continuous fiber composites and short-fiber
composites, etc. Through the microstructural analysis, the hyperbolic differential equation
was derived for determining the probability density function of crack length for given external
load, the average fracture toughness of the material was also obtained. As an example, the
unidirectional fiber reinforced composite was considered in detail. The fiber strength was
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assumed to be a random variable following the Weibull distribution, and both the strong and
weak interface between the fiber and matrix were considered. It is found that the fracture
strength is sensitive to the interface behavior.

THE STATISTICAL MODEL FOR CRACK GROWTH IN COMPOSITES

Consider a general heterogeneous materials containing a straight crack as shown in Fig.1.

crack

x

inclusion

Fig. 1:  Heterogeneous material containing a crack

When the applied load increases, the crack should propagate forward. Along the crack path,
the inclusions, such as fiber, play the role of arresting point for the crack propagation. Since
the inclusion usually has a stochastic strength value, and is distributed randomly in space, the
following assumption are introduced in this model.

1. The occurrence probability of a crack arresting-point in region (x, x+ ∆x ) is given by
λ( )x x∆ ;

2. The probability for no crack arresting-point in region (x, x+ ∆x ) is given as 1− λ( )x x∆ ;
3. The occurrence probability for two and more crack arresting-points in this region is the

higher-order smaller quantity as o( )∆x .

If the strength distribution of the crack arresting-point is given by F, λ( )x x∆ can be derived
as following

λ( )x x∆ =Prob[there is an inclusion in the region (x, x+ ∆x )]
• Prob[the inclusion will not break at the tip of the
crack under the action of external load]
= −n x F∆ [ ]1                           (1)

where n is the average number of the inclusions in unit length. In deriving Eqn (1), We
assumed that distribution of the inclusions in space is statistically uniform.

If P x0( )  is denoted as the probability that there is no crack arresting-point in region (x x0, ),
one can obtain

P x x P x x x P x x P x x0 0 0 01( ) ( )[ ( ) ] ( ) ( ) ( )+ = − = −∆ ∆ ∆λ λ                  (2)
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Therefore, one can derive
dP x

dx
x P x0

0

( )
( ) ( )= −λ (3)

The solution of equation (3) is given by

P x x dx
x

x

0

0

( ) exp ( )= −











∫ λ                          (4)

If the crack starts to propagate from x0  under the action of the external load, the probability
for it to be arrested in the region ( , )z z z+ ∆  is given by

< > = −











∫z x z x dx z z
x

z

| exp ( ) ( )0

0

∆ ∆λ λ                         (5)

therefore the probability density function of arresting the crack at z is given by

< >= −











∫z x z x dx
x

z

| ( ) exp ( )0

0

λ λ                          (6)

Once the crack starts to propagate at x0 , the probability for it to be arrested without increasing
the load is given by

P z x dz z dzs

x x

= < > = − −












∞ ∞

∫ ∫| exp ( )0

0 0

1 λ                     (7)

Therefore, once the crack starts to propagate at x0 , the probability that it will propagate to
infinity and induces the material to fracture is given by

P P z dzf s

x

= − = −












∞

∫1
0

exp ( )λ                        (8)

As defined in Kunin[6], a load-specimen configuration is stable if Pf = 0 , i.e., the crack will

be arrested with probability 1, otherwise it is unstable.

The mean crack arrest length for cracks initiated at x0  is

m x z x dz x x dx dz
x

z

xx

1 0 0 0

000

( ) | exp ( )= < > = + −
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∞∞

λ                (9)
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The above analysis is suitable for crack propagation spontaneously in a single excursion
without increasing the load. In what following, we try to incorporate the effect of increasing
load to derive the differential equation for determining the crack length distribution p x( , )σ .

Let us consider a loaded solid described in Fig.1. Denote by ξ σ( )  the random position of the
crack tip at an external load σ , and by P x t x( , )∆  the probability of finding the crack tip at a
length x at the external load σ , assuming that at σ = 0  the tip was at x0

p x x x x x x( , ) Pr [ ( ) | ( ) ]σ ξ σ ξ∆ ∆= ≤ ≤ + =ob 0 0               (10)

To relate p x( , )σ σ+ ∆  to the distribution p( , )• σ  of crack locations at σ , notice first that the
crack tip ends up at the length x at the load σ σ+ ∆  in one of the following mutually
exclusion ways: during ∆σ , it either propagated to x from one of the length z between the
notch tip and x, x z x0 ≤ < , or it was at x at the load σ  and remained there. By the formula of
total probability, one obtains

p x x x z dx
dF

d
P z z

x

x

( , ) | ( , )σ σ
σ

σ σ+ = < > ⋅ ⋅∫∆ ∆ ∆ ∆
0

+ − ⋅( ) ( , )1
dF

d
p x x

σ
σ σ∆ ∆

= < >∫ x z p z f z dz x
x

x

| ( , ) ( , )
0

σ σ σ∆ ∆

+ −[ ( , ) ] ( , )1 f x p x xσ σ σ∆ ∆                     (11)

where f z
dF

d
( , )( )σ

σ
=  is the probability density function of strength for a crack arresting-

point.

Rearranging equation (11), one can derive

∂ σ
∂σ

σ σ σ σp x
x z p z f z dz f x p x

x

x( , )
| ( , ) ( , ) ( , ) ( , )= < > −∫

0

            (12)

From equation (6), one obtains

< >= ⋅ < >
< >

x z z
x x

z x
| ( )

|

|
λ 0

0

                            (13)

Substitution of equation (13) into equation (12) yields

∂ σ
∂σ

λ σ σ σ σp x
x x z p z f z z x dz f x p x

x

x( , )
| ( ) ( , ) ( , )/ | ( , ) ( , )=< > < > −∫0 0

0

        (14)
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Divide equation (14) by < >x x| 0  and denote

q x
p x

x x
( , )

( , )

|
σ σ=

< >0

                             (15)

Then equation (14) becomes

∂ σ
∂σ

λ σ σ σ σq x
x f z q z dz f x q x

x

x( , )
( ) ( , ) ( , ) ( , ) ( , )= −∫

0

                 (16)

Differentiating equation (16) in x, one obtains the following equation for q:

∂ σ
∂ ∂σ

λ σ σ ∂ σ
∂

σ σ ∂ σ
∂

2q x

x
x f x q x

f x

x
q x f x

q x

x

( , )
( ) ( , ) ( , )

( , )
( , ) ( , )

( , )= − −       (17)

Substitution of equation (15) into equation (17) yields
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     (18)

Equation (18) can be expressed in the form as

∂
∂ ∂σ

σ ∂
∂

σ ∂
∂σ

σ
2

0
p

x
a x
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x
b x

p
c x p+ + + =( , ) ( , ) ( , )                         (18’)

where
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From equation (6),one finds that if we know the microstructural characteristics of the
material, represented by the average number of inclusions in unit length n ,the strength
distribution F( )σ  of the crack arresting-points and the applied load, the parameters
a x( , )σ ,b x( , )σ ,c x( , )σ can be determined easily. If the initial crack tip is at x0 when
σ = 0 ,the probability density function p x( , )σ  of the crack tip location at σ  can be
determined by equation (18’) and the initial condition

p x x x

p x x x

( , ) ( )

( , ) , ,

σ δ
σ σ

= −
= < ≥

0

00 0
                          (20)

The derivation of equation (18) is quite similar with the work of Kunin[6],whereas in Kunin’s
work, the mode of crack growth was modeled by a Markovian stochastic pattern of a
microscopic random jump, followed by a random waiting time, a random jump, and so on. In
our model ,the applied load plays the role of the time t. In the following part, as an example,
the unidirectional fiber reinforced composite was considered in detail.

CRACK GROWTH IN UNIDIRECTIONAL FIBER COMPOSITES

In most composites of current interest ,the extensional stiffness of the fibers is much greater
than that of the matrix. As a result, the fibers support most of the load in case of uniaxial
tensile loading. Considering a 900 -slit notch in a unidirectional composite(Fig.2), for it to
extend in an unstable manner at an applied load, it is necessary that the intact fiber at the root
of the notch breaks. This requires that the stress in this fiber exceeds its strength .Generally
speaking, the fiber strength can be reasonably assumed to follow the Weibull distibution,
therefore

F
kx( ) exp ( )σ σ
σ

β= − −








1
0

                           (21)

where kx is the stress concentration factor for the intact fiber at the tip x of the notch.

Fig.2: A 900 -Slit notch in unidirectional composite

To calculate the stress concentration factor for the intact fiber, following Zweben[1], the
modified shear-lag model was used as shown in Fig.3.
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Fig.3: Model for the analysis of stress concentrations
including nonelastic matrix effect

It consists of a central core of n broken fibers separated from two adjacent intact fibers by a
matrix region whose effective width is d. The intact fibers are representative of regions of
fibers which are subjected to a stress concentration resulting from the notch. The intact fibers,
in turn, are flanked by regions of matrix of width d, beyond which lies material which is
assumed to have the behavior of overall composites, so as the part of central core.

Because of the large elastic shear stress concentration in the matrix at the root of the notch
and the relatively weak interfacial strength and strength of most composite materials, it can be
anticipated that there will be nonelastic effects such as debonding and plasticity in the matrix
between the core and intact fibers at the root of the notch. We therefore include in the model a
region of matrix in which the behavior is nonelastic , such as the interfacial slip. The axial
dimension of this region is 2a. In this nonelastic region , the shear stress is assumed to be
constant and equal to the interfacial failure stress.

The boundary conditions at x=0 are zero stress in the core and zero displacement in the intact
fibers. Because of the mixed boundary conditions ,we choose as unknowns the axial
displacements of the core and intact fibers,U 0  and U1, respectively. By using the
nondimensional quantities, the equation of equilibrium are
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where
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and

Af = fiber cross-sectional area

Ef = fiber extensional modules

Ec = composites extensional modules
Gm= matrix shear modules
α =   nondimensional length
d =   fiber spacing
h =   material thickness
u=    nondimensional axial displacement
ξ =   nondimensional axial coordinate
τ m = matrix shear stress

τ m = nondimensional shear stress
σ =  applied stress at infinity

The boundary conditions are

du

d
0 0

0
( )

ξ
= ,    u1 0 0( ) = ,

du
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d
0 1 1

ξ ξ
= =  ξ → ∞                            (25)

In addition, the displacements and forces should be continuous at ξ α=  ,
and also

u u m1 0( ) ( )α α τ− = −                              (26)

By solving equations (22) and (23) under the given boundary condition, the stress
concentration factor for the intact fiber at the tip of the notch which contains n broken fibers is
given by

k
du

dx ( )
( )

0 1

0

=
=

ξ
ξ ξ

                               (27)

The material constants are:



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 340

 

E GN mf = 360 2/ ,ν f = 0 4. ,β = 6 98. ,σ 0 355= Mpa ,d m= × −8 10 6 , L m= × −254 103.

The results are shown in Fig.4

kx

Fig. 4 The stress concentration factor for the intact fiber

Substituting the stress concentration factor into equation (21),then into equation(8),we obtain
the failure probability of the specimen under the given applied load and the notch size. The
results are shown in Fig.5 as the function of the interfacial strength τ m  between the fiber and
matrix.

Pf

Number of broken fibers n              

300 600 1000

0.02

0.04

0.06

< >σ
σ

0

Number of broken fiber

   Fig.5 The failure probability of unidirectional     Fig.6. The average fracture stress
            composites with a notch                                of the notched specimen

To calculate the average fracture strength of the unidirectional composite with a notch, one
can write,

σ σ
σ

σ σ σ
σ σ

= ⋅ = −∫ ∫
dp

d
d p df

f0 0

max max

max                (28)

where σ max is the utmost strength for all the specimens of the material, the result given by
equation (28) is shown in Fig.6.
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CONCLUDING REMARKS

In this paper, a statistical model for crack growth in general heterogeneous solid was proposed
based on the material microstructure and the strength distribution of the inclusion. As an
example, the unidirectional fiber composite with a 900 -slit notch was considered in detail.
We believe that the effect of the interfacial strength on the fracture stress was magnified due
to the assumption that the fiber will break at the point with the maximum stress. In fact, the
breaking point along the intact fiber should be widely dispersed due to the stochastic nature of
the fiber strength.
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MODELLING PROBLEMS OF DAMAGE AND
FRACTURE OF NOTCHED FIBRE COMPOSITES

R. A. Dimant, H. R. Shercliff and P. W. R. Beaumont

Cambridge University Engineering Department
Trumpington Street, Cambridge CB2 1PZ, England

SUMMARY:  The Kortschot, Spearing, Beaumont model of notch-tip damage in carbon
fibre/epoxy laminates has had some success at predicting the early stages of damage growth
in glass fibre/epoxy laminates under monotonic and cyclic loading. However, the model is not
universally applicable in its present form to the propagation of damage in glass/epoxy,
particularly in high cycle fatigue. This difficiency in the model can be attributed to the effects
of the transverse (90º) ply crack on the breakage of glass fibre within the 0º ply neighbour.
Although the K-S-B model takes into account the effect of transverse ply cracking on changes
in laminate compliance, it does not consider the stress concentration effect of the transverse
ply crack on the localised tensile stress in the fibres of the adjacent 0º ply.

KEYWORDS:  modelling, damage, fracture, cracks, carbon fibre, glass fibre, epoxy

INTRODUCTION

An important difference between carbon/epoxy and glass/epoxy is in the degree of anisotropy.
Whilst the ratio of longitudinal modulus to transverse modulus of a unidirectional
carbon/epoxy laminate is between 15 and 20, that of glass/epoxy is closer to 3 or 4. This
means for a cross-ply glass/epoxy laminate, the 90º ply carries a greater share of the applied
tensile load than would carbon fibre. Thus, the relative magnitude of the stress increment
transferred into a longitudinal 0º ply adjacent to a transverse ply crack (tpc) in the 90º ply
neighbour is greater for the glass/epoxy.

The Kortschot, Spearing and Beaumont model is of damage accumulation in the vicinity of a
notch-tip. This physical model is based on the identification by direct observation of matrix-
dominated cracking processes in cross-ply and multi-directional carbon/epoxy laminates
under monotonic [1,2] and cyclic loading [3,4]. This paper assesses the applicability of the K-
S-B model to a wider range of composite material systems, notably glass/epoxy laminates, in
terms of:

(1) monotonic and cyclic tensile loading
(2) damage, applied stress, and load cycles
(3) transverse ply thickness
(4) terminal damage-state, fracture stress, and post-fatigue strength.



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 343

K-S-B MODEL

The K-S-B model is based on the direct observation and assessment of matrix-dominated
cracking in the vicinity of a notch-tip: a split in the 0º ply; a delamination at the 0º/90º
interface, roughly triangular in shape; and a crack in the transverse or 90º ply, (see Kortschot
and Beaumont [1,2] and Spearing and Beaumont [3,4]). Under monotonic or cyclic loading,
the damage zone doesn't change it's shape, it simply grows in size. The extent of damage can
be characterised by a straightfoward measurement of split length and angle at the tip of the
split and delamination crack which forms the triangle, known as the delamination angle. This
is physically sound for cross-ply carbon/epoxy laminates.

The fracture stress of the damaged laminate depends on competition between these
mechanisms which, on the one hand, reduce the stress concentration of the notch by notch-tip
blunting, and on the other by reducing the tensile strength of the load bearing 0° ply close to
the notch-tip.  In carbon/epoxy, the notch-tip blunting mechanisms dominate and the post-
fatigue strength of the laminate actually goes up. This may not be the case in other fibre-
matrix systems.

COMPOSITE SYSTEMS, SPECIMEN DESIGN

Composite Materials

Glass/epoxy laminates (913G-E) were prepared by Polymeric Composites, Bristol (UK) and
carbon/epoxy laminates (924C-T300) were made by Ciba-Geigy, Duxford (UK).  The
laminates were moulded into sheets measuring 600mm by 750mm and cured in accordance
with the manufacturers specifications. Tensile tests in monotonic and cyclic loading were
performed on (0/90/0), (0/90)s, (0/902)s and (0/904)s laminate configurations.

Specimen Geometry

Parallel-sided tensile specimens were cut to a width of 20mm and a gauge length of 160mm
using a guillotine. Two 2mm diameter holes, centres spaced 6mm apart, were drilled at the
mid-section of the specimen.  These holes were connected by an 8mm long central notch, cut
with a diamond-coated hacksaw blade. The notch/specimen width ratio (2a/w  = 0.4), is
similar to that used by Kortschot and Beaumont [1,2] and Spearing and Beaumont [3,4]. For
comparative purposes, some tests were carried out on unnotched samples.

EXPERIMENTAL PROCEDURE

Quasi-static Tensile Strength and Fatigue Strength

Five duplicate tensile tests were performed to determine the quasi-static fracture strength.  A
computer-controlled Instron 6025 screw-driven mechanical testing machine was used for this
purpose at a displacement-rate of 1mm/min. Similar notched specimens were cyclically-
loaded in tension using an Instron 1271 servo-hydraulic mechanical testing machine in load
control with a cyclic stress ratio R = 0.1 at a frequency of 5Hz.  Each specimen was fatigued
at 80% of it's quasi-static fracture strength.



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 344

Damage Observation and Assessment

Damage growth in carbon/epoxy laminates was observed using a zinc iodide penetrant dye
solution and X-ray radiography.  The optical properties of glass/epoxy laminates allow the
direct observation of damage growth. Split length in glass/epoxy was determined by placing a
micrometer against the actual surface of the specimen and from measurements taken from
photographs of cracks at regular intervals. Where possible to do so, the delamination angle
was calculated by assuming a triangular-shaped delamination crack, after K-S-B.

QUASI-STATIC FRACTURE STRESS MEASUREMENTS

Components of  Damage

In notched glass/epoxy laminates, as with carbon/epoxy, the mechanisms of cracking are:

(1) splitting within the 0º ply
(2) transverse ply (90º ) matrix cracking
(3) delamination of the 0º/90º interface
(4) fibre fracture within the 0º  ply.

Damage Growth

Damage growth in glass/epoxy with increasing load and ply thickness is shown in Fig. 1.

(0/90/0) glass/epoxy

A split initiates at the notch-tip and propagates under increasing load.  A fine dispersion of
closely-spaced transverse ply cracks also develops in the vicinity of the notch-tip.  At stresses
approaching the fracture stress of the laminate, fibres in the longitudinal 0º ply snap
sequentially at the notch-tip. By these processes, the notch-tip damage zone grows by a series
of localised fibre breaks until the laminate finally separates into two pieces.

(0/90)s  glass/epoxy

The appearance and development of damage are similar to that observed of the (0/90/0)
laminate.  Having either a single or double transverse ply within the laminate, fibre fracture is
not dominant but part of the overall failure process. The relationship between applied tensile
stress and normalised split length (l/a)  is one where split length scales with the square of
applied stress, as found and modelled by Korschot and Beaumont for carbon/epoxy.

(0/902)s  glass/epoxy

A split initiates at an applied stress close to the fracture stress.  Transverse cracks in the
quadruple-layered 90º ply are prominent and widely-spaced. At final fracture, damage
propagates from the tip of the notch to the edge of the specimen in a series of sub-failures
with fibres snapping in the 0º  ply. This effectively increases stably the length of the notch.  A
new split initiates in the 0º ply at the edges of the notch-tip crack.  The notch extends by stable
crack growth until the laminate fractures completely.  Figure 1 indicates that fibre breaks in
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the 0º ply are coincident with the plane of transverse ply cracks in the vicinity of the notch-tip.
Delamination at the 0º /90º interface is apparent.

(0/904)s  glass/epoxy

In this 8-layer transverse ply laminate, failure is characterised by the growth at the notch-tip
of a single transverse crack only. Under increasing stress, the tpc extends towards the edge of
the specimen.  Close to specimen fracture, fibre breakage in the 0º ply adjacent to the notch-
tip is apparent along the line of the tpc. Ultimate failure of the laminate is accompanied by
delamination of the 0º /90º  interface which initiates at the single transverse ply crack.

We observe that damage which develops in the (0/902)s laminate is a combination of the two
modes of failure.  The transverse ply thickness of the (0/902)s laminate represents a transition
between dominating failure mechanisms.

Fracture Stress and Transverse Ply Thickness

The effect of transverse ply thickness on laminate fracture stress, where fracture stress is
expressed as the average failure stress carried by the longitudinal 0º  plies, is shown in Fig. 2.

Fig. 2: The effect of transverse ply thickness on notched glass/epoxy fracture stress, where
fracture stress is expressed as the average stress carried by the longitudinal 0° plies

FATIGUE DAMAGE AND POST-FATIGUE STRENGTH

Components of Fatigue Damage in Glass/Epoxy

The components of damage are similar to but more extensive than observed in monotonic
loading.  Even in the early stages of fatigue damage, it is  possible to identify and determine
the delamination angle (Table 1).
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Fatigue Damage Growth

The extent of fatigue damage in glass/epoxy with load cycling at 80% of laminate strength
depends on ply thickness (Fig. 3). The stress indicated for each specimen is based on the
stress carried by the 0º   plies of the laminate.

(0/90/0) glass/epoxy

Initially, fatigue damage accumulates with the characteristic pattern identified by Kortschot,
Spearing and Beaumont (Fig. 3). Furthermore, an additional damage mode develops between
10K and 20K load cycles: fibres in the 0º  ply at the tip of a split fracture through the thickness
of that ply.  This creates effectively a secondary notch at the tip of the split from which a
second series of splits form. As the cross-sectional area reduces, the stress in the remaining
ligament increases, which subsequently affects the split growth-rate.  With additional fatigue,
further splitting occurs at broken fibre bundles. In this way, random damage develops in the
composite.   Damage progresses from the notch-tip towards the edge of the specimen, as it
does so reducing the load-carrying capacity of the laminate.  At 70K load cycles, the damage
has spread throughout the laminate. In one ligament of specimen, four or more groups of
splits can be seen. Damage continues to propagate until catastrophic failure, in this example,
at 71.3K load cycles. The development of a non-geometrical damage zone occurred between
10K and 20K load cycles.

(0/90)s  glass/epoxy

Initially, a similar pattern of damage to that reported by Kortschot, Spearing and Beaumont is
observed in specimens fatigued at 340 MPa (Fig. 3).  However, by 10K cycles, it is apparent
that each split is made up of a multiple array of closely spaced cracks.  While these cracks
initiated from or near to the notch-tip, the behaviour of the specimen resembles essentially
single crack growth as observed in isotropic materials.  At 40K load cycles, a new split has
nucleated at the tip of a bundle of fractured fibres lying in the plane of the notch.  At 60K load
cycles,  secondary damage has grown beyond the original splits resulting in additional fibre
fracture.  This process continues until the weakened specimen is no longer able to support the
applied load. It fails at 78.8K load cycles. Most fatigue failures occurred at approximately
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120K load cycles.  In this material, damage could no longer be described in simple
geometrical terms by 20 or 30K load cycles.

(0/902)s glass/epoxy

Overall, damage is different to that observed in laminates having fewer transverse plies (Fig.
3). It is dominated by the development of splits and delaminations, rather than by fibre
fracture.  At 40K load cycles, some damage has extended across the specimen by fibre
fracture but the extent of this damage is considerably less than in laminates having only one
or two transverse plies.  The form of damage remains predominantly one of splitting and
delamination. Finally, the material fractured at 73.5K load cycles.

(0/904)s  glass/epoxy

The most significant feature of this damage is the absence of fibre fracture in the 00  ply  prior
to fatigue failure (Fig. 3). Damage develops simply as splitting at the notch-tip with
delamination at the 0º /90º interface.  Interaction between the delamination and transverse ply
cracking plays an important part in the damage process. Failure of the specimen occurs at
9.4K load cycles and is characterised by large delaminated regions extending across the width
of the specimen.

UNNOTCHED POST-FATIGUE STRENGTH

Aluminium end-tabs were bonded to 140mm wide by 300mm length plates of glass/epoxy
and carbon/epoxy laminates with a heat-curing resin. Each plate was cyclically-loaded in a
20-tonne Losenhauserwerk servo-hydraulic mechanical test machine.

Glass/epoxy laminates were cyclically-loaded to 50% of their ultimate strength of 600MPa.
Laminates  were  fatigued  in  load control up to 10K load cycles at 5Hz and a stress ratio R =
0.2.  To begin with, the carbon/epoxy laminates were also fatigued at 50% of their fracture
strength but due to a large number of laminate failures below 10K cycles, the maximum
cyclic stress was reduced to 720MPa or 35% of ultimate.

Parallel-sided specimens for determining post-fatigue tensile strength were cut and ground
from these fatigue-damaged plates to a size of roughly 6mm wide by 100mm length.  To
ensure failure within the gauge length, these specimens were further waisted to a width of
2mm at the mid-plane using a 125mm diameter grinding wheel. Thirty specimens were
prepared for each fatigue loading history and laminate. The post-fatigue tensile tests were
performed using an Instron 6025 screw-driven mechanical testing machine, as described in
section 4.1.

Unnotched Post-Fatigue Tensile Strength

For comparative purposes, the post-fatigue strength was calculated by assuming the applied
load is carried essentially by the longitudinal plies only.  This method of normalisation is
based on the premise that the laminate close to failure has a multiple array of matrix cracks in
the transverse ply. Thus, the applied load is carried principally by the 0º ply.
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Glass/Epoxy laminates

The monotonic tensile strength of the longitudinal ply decreases continuously as the thickness
of the transverse ply increases (Fig. 4). The error bars correspond to one standard
deviation.The fracture stress of the (0/90/0) laminate is approximately 20% greater than that
of the (0/904)s laminate. This variation in strength is sensitive to the density or spacing of the
transverse ply crack which in turn depends on thickness of the 90° layer. By 10K cycles,
fatigue has little effect on the residual strength of (0/902)s and (0/904)s laminates, while the
residual strength of (0/90/0) and of (0/90)s laminates has decreased by 18% and 8%,
respectively, (Fig. 5). The implication is that for laminates containing a single or double
transverse ply, fatigue results in rapid degradation of the laminate strength. The transition
occurs for laminates having three transverse plies, or a thickness of 0.45mm .

Recall that in the notched laminate having a single or double central 90º ply, fatigue loading
resulted in massive, progressive fibre-fracture prior to ultimate failure.  In monotonic loading,
fibre breakage was evident only at loads close to ultimate failure.  In laminates containing
four and eight central transverse plies, the dominant mode of failure was by delamination. It is
the absence of delamination and notch-tip blunting at the 0º /90º interface of the single or
double transverse ply which is responsible for the strength degradation.

Carbon/Epoxy laminates

The effect of transverse ply thickness on the monotonic tensile strength of carbon/epoxy is the
opposite to that observed for glass/epoxy, where the fracture stress of (0/904)s is
approximately 20% greater than the (0/90/0) laminate. The general effect of load cycling is
shown in Fig. 6. This is the mirror-image of the pattern observed for glass/epoxy. Cracks form
in the transverse ply. Fatigue damage results in an increase in laminate compliance as the
density of transverse cracks increases. The post-fatigue strength of the carbon/epoxy is
relatively unaffected since the strength of the longitudinal ply is essentially retained.

FINAL REMARKS

The most significant difference between the carbon/epoxy and glass/epoxy laminate
containing a notch is that the latter fails in fatigue whereas the post-fatigue strength of the
former actually goes up. In fatigue of unnotched glass/epoxy, there are significant reductions
in the residual strength of the laminate containing a single or double transverse ply.
Delamination at the 0°/90° interface of the 4 and 8-transverse ply laminate, however, results
in crack-tip blunting effects. The result is that strength of the thicker laminate becomes
independent of transverse ply thickness because of these blunting effects. The relation
between unnotched post-fatigue strength and transverse ply thickness of carbon/epoxy is the
mirror-image due to the difference in the degree of anisotropy.

The Kortschot, Spearing, Beaumont model which has considerable success with carbon/epoxy
has limited application to glass/epoxy due to the development of  complex damage modes in
the vicinity of a notch. The evidence presented here indicates that the breakage of glass fibre
which results from transverse ply cracking is not confined to the interlaminar region but
develops through the thickness of the ply. This substantially compromises the load-carrying
capability of the laminate. Emphasis must shift , therefore, from modelling the geometry of
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the damage zone to include in the model a component for the strength degradation of the 0°
ply  and by taking into account the thickness of the transverse ply, also.
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IMPROVED FRACTURE MECHANICS PREDICTIONS
FOR DELAMINATION OF COMPOSITES

ACCOUNTING FOR YIELD ZONES

Z. Petrossian and Michael R. Wisnom

Department of Aerospace Engineering, University of Bristol, Bristol, BS8 1TR, U.K.

SUMMARY: Analysis was carried out on a composite specimen containing discontinuous
plies, previously tested in three-point bending. The locations of delaminations from the block
of discontinuous plies were determined using the strain energy release rates from a finite
element analysis. A mixed-mode failure criterion, based on the strain energy release rate,
grossly overestimated the failure loads of the specimen under two different ratios of bending
to out-of-plane shear loading. An improved approach, also based on the mixed-mode failure
criterion but which took account of yielding in the resin at the onset of delamination, was able
to predict the failure loads to within 3% of the experimental values.

KEYWORDS:  delamination, fracture mechanics, strain energy release rate, finite element
analysis, discontinuous plies, through thickness stress, plastic zone, initial defect

INTRODUCTION

Fibre-reinforced composite materials have lower transverse and interlaminar strengths
compared to fibre-direction strengths. This means interlaminar failure can occur when the
interlaminar stresses are much lower than the in-plane stresses. Significant interlaminar
stresses can arise, for instance, at the ends of discontinuous plies. Such discontinuities are
found in composite structures when plies are dropped off within a laminate to taper the
thickness. Interlaminar shear stresses can arise when out-of-plane loading is applied to
laminates. Helicopter rotor blades, aircraft wing boxes and floor beams are examples of
structures susceptible to both out-of-plane loading and bending moments, which contain
dropped plies. Bending moments cause local interlaminar stresses at discontinuous plies, and
out-of-plane loading causes overall shear stresses. The combination of these two stress
distributions can lead to cracks initiating at the ends of the discontinuous plies and
propagating along the resin rich layers between the continuous and discontinuous plies. These
cracks or delaminations can greatly reduce the strength and stiffness of the laminate, which in
turn can lead to catastrophic failure of the whole structure. It is therefore very desirable to be
able to predict the loading conditions at which delamination occurs.

Delamination is often predicted using the strain energy release rate, G. This approach was
used to predict delamination from the free edges of laminates in [1]. Furthermore, G is usually
calculated from finite element analysis via the virtual crack closure technique. This was done
to investigate delamination from the ends of discontinuous plies in [2,3]. In [2] the laminates
were in four-point bending and in [3] pure axial tension was applied. In [4] a stress based
criterion was used to predict the initiation and location of damage in a composite specimen in
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pure bending. Fracture mechanics was then used to predict the growth of delamination from
the initial damage. Finally, in [5] fracture process zones at the free edge of laminates were
taken into account. This enabled the initiation and growth of delamination to be predicted
without any assumed initial defect.

In this paper, delamination from the ends of discontinuous plies is predicted with fracture
mechanics taking into account the material yielding which occurs before crack propagation.
The results of this improved approach are then compared to predictions which do not take
account of the yielding, and to experimental data.

In [6] an account is given of the testing of straight unidirectional laminates in three-point
bending, shown schematically in Fig. 1. The laminates consisted of 32 plies of E glass/ epoxy
913 and were nominally 10mm wide. Four of the plies near the tension surface were cut
across the complete width. The bending moment caused local interlaminar stresses to arise
around the cut. The shear force caused overall interlaminar shear stresses to arise in the
section of the specimen between the loading rollers. The combination of these two stress
distributions caused cracks to initiate at the cut and propagate along the interfaces of the
continuous and cut plies, as seen in Fig. 1. Thus, specimen failure was due to delamination at
the top left and bottom right of the cut. The ratio between the overall and local stresses was
varied by changing the axial distance, d, between the cut and the central loading roller. The
test results indicated a strong interaction between the two types of stress distributions. It was
thought that this might be because the overall interlaminar shear stresses enlarged the zones of
yielding in the resin rich layers between plies where the delaminations initiated.

When yielding occurs in the resin, the plies on either side are able to move relative to each
other. Hence, strain energy can be released even when no physical crack is present. Thus, the
larger the yield zone, the longer the effective crack length [7]. This is similar to the Irwin
approach where the crack length is assumed to equal its physical length plus the length of the
yield zone ahead of the crack tip. The yield zone length is estimated assuming linear-elastic
material behaviour. His approach was developed for predicting crack propagation in metal
plates with an initial crack. In this paper it is adapted for predicting delamination in composite
laminates with no initial delamination.

Fig. 1:  Schematic diagram of specimen with cut plies in three-point bending

The specimens described above are analysed. Two positions of the cut are studied; d = 5mm
and d = 15mm. A finite element model is created and the strain energy release rates of various
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positions and combinations of cracks is evaluated. From the curves of G with respect to crack
length, the locations of the cracks are predicted. The failure load is then predicted both with
and without taking the yield zones into account. Both predictions are then compared to the
experimental results.

FINITE ELEMENT MODEL

A two-dimensional finite element model was created using CPS4 elements in ABAQUS [8].
These are four-noded plane-stress elements. A plot of the mesh can be seen in Fig. 2, together
with the boundary conditions corresponding to d = 5mm. For d = 15mm the same model was
used but the boundary conditions were moved left along the mesh by 10mm. Hence, the
central loading point was slightly to the right of the centre of the model when d = 5mm, and
slightly to the left when d = 15mm. This is exactly what was done during the tests. Since there
were stress singularities present at the top and bottom of the cut a fine mesh was created
around these two points. The mesh at the cut can be seen more clearly in Fig. 3. The cut is
shown by the bold vertical line and four possible delamination paths are indicated with dashed
horizontal lines. At the cut the elements are one ply thick and about 0.031mm long, and the
length gradually increases moving away from the cut. There are dual coincident nodes along
the possible crack interfaces and ends of the block of cut plies. During the testing of the
specimens [6], the resin between the ends of the cut plies was seen to crack well before
delamination occurred. Thus, the nodes on either side of the cut are not held together. Each
pair of nodes along the crack interfaces is initially held together by one stiff spring acting in
the horizontal direction and another acting in the vertical direction. This is to enable the
virtual crack closure technique to be used. There are also gap elements along the interfaces to
stop the two surfaces from crossing once the springs are removed.

Fig. 2:  Finite Element Model with Boundary Conditions Corresponding to d = 5mm
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A downward vertical concentrated load per unit width, P, is applied to the node at the point of
contact of the central roller. The node at the point of contact of the left-hand roller is
constrained to have zero x and z translation. The node at the point of contact of the roller on
the right is constrained to have zero z translation. P is equal to the average experimental
failure load per unit width. The value of P is 432.4 N/mm for d = 15mm, and 284.0 N/mm for
d = 5mm. Refer to Table 1 for the material properties and dimensions of the model. The
nominal value of the specimen thickness was initially assumed in the finite element analysis.
From the corresponding results, the crack locations were determined. For the failure load
predictions, it was deemed more accurate to use the average measured thickness of the
specimens and to correct the axial Young’s modulus for the lower fibre volume fraction.
However, the change in the values of G were small enough not to affect the predicted crack
locations.

Fig. 3:  Close-Up of Mesh showing Cut and Possible Locations of Delaminations
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Table 1:  Material Properties and Dimensions.

Axial Young’s Modulus, Ex, for Nominal Thickness 43.9 GPa

Axial Young’s Modulus, Ex, for Measured Thickness 41.2 GPa

Through-Thickness Young’s Modulus, Ez 15.4 GPa

Shear Modulus, Gxz 4.34 GPa

Poisson’s Ratio, νxz 0.3

Length of Specimen 80 mm

Nominal Thickness 4 mm

Measured Thickness 4.33 mm

Width 10 mm

Distance between Outer Rollers 40 mm

DETERMINATION OF CRACK LOCATIONS BY TOTAL ENERGY APPROACH

The total strain energy release rate, GT, was firstly found for individual cracks at each of the
four possible crack locations, seen in Fig. 3. GT was then found for cracks propagating
simultaneously along all four crack paths, and finally for cracks propagating simultaneously
along the top left and bottom right interfaces.

GT was calculated from the change in total strain energy in the model as the crack was
allowed to propagate by gradually removing the horizontal and vertical springs along the
interfaces. This was done at each increment of crack length, a. The schematic definition of a is
given in Fig. 1.

Graphs of GT against a were plotted for all the cases and are given together in Fig. 4 for d =
15mm, and Fig. 5 for d = 5mm. It can be seen that in every case the value of GT decreases
with crack length until it reaches a minimum value, Gmin. After this, the value of GT generally
grows with crack length. This means, as the load is increased, the cracks will propagate in a
stable manner up to a short crack length (corresponding to the minimum value of Gmin) and
then crack propagation will be unstable. This behaviour was observed in the tests in [6].
Therefore, catastrophic failure occurs when Gmin reaches the critical value, Gc.
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Fig. 4:  Strain Energy Release Rate with Respect to Crack Length for
Different Positions and Combinations of Cracks (Cut 15mm from Central Roller)
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Fig. 5:  Strain Energy Release Rate with Respect to Crack Length for
Different Positions and Combinations of Cracks (Cut 5mm from Central Roller)
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Since catastrophic failure depends on the value of Gmin, the locations of the delaminations at
failure can be determined by comparing the values of Gmin corresponding to the different
cases studied. The values of Gmin are given in Table 2. Referring to the table, it is clear that
for d = 15mm the most likely type of failure is by delaminations propagating simultaneously
from the top left and bottom right of the cut, since the value of Gmin is the highest for this
situation. For the d = 5mm case, Gmin is highest when a crack propagates from the bottom
right corner only. However, cracks from both the bottom right and top left of the cut were
observed in the tests.

Although cracking is primarily mode II due to the type of loading, a small amount of mode I
is generally present. Furthermore, the difference between the values of Gmin for cracking at
the bottom right only, and simultaneous cracking at the bottom right and top left is not very
great. Thus, the fact that cracking occurred simultaneously at the bottom right and top left,
even when the value of GT was lower in the d = 5mm case, can be explained by more mode I
being present. It was therefore concluded that the mode ratio would have to be taken into
account for accurately predicting the failure loads.

Table 2:  Minimum Values of GT for Various Cracks (From Figures 4 and 5)

d = 15mm d = 5mm

Crack at Top Left Only 0.34 N/mm 0.67 N/mm

Crack at Top Right Only 0.00 N/mm 0.00 N/mm

Crack at Bottom Right Only 0.39 N/mm 1.03 N/mm

Crack at Bottom Left Only 0.00 N/mm 0.00 N/mm

Cracks at All Locations 0.23 N/mm 0.63 N/mm

Cracks at Bottom Right & Top Left 0.45 N/mm 0.93 N/mm

AILURE LOAD PREDICTION USING STANDARD MIXED MODE APPROACH

Cracks were assumed to propagate simultaneously (and at the same rate) along the top left and
bottom right interfaces, for both cut positions. The following mixed-mode criterion was used
to predict the failure loads:

GI / GIc + GII / GIIc = 1 (1)

where GI and GII are the mode I and mode II components of the strain energy release rate,
respectively, and GIc and GIIc are their critical values. For E glass/ epoxy 913, GIc = 0.25
N/mm and GIIc = 1.08 N/mm, [9].

GI and GII, were found with respect to the crack length, a, using the virtual crack closure
technique. This assumes the strain energy released when a crack propagates is equal to the
energy required to close the crack. GI was calculated from the spring forces and relative nodal
displacements in the vertical (z) direction, and GII was calculated from the spring forces and
relative nodal displacements in the horizontal (x) direction. GI and GII were then each
normalised by their corresponding critical values.
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The graphs of normalised G against a for the two cut positions (d = 15mm and d = 5mm) can
be seen in Figures 6 and 7. One can see the sum of the normalised strain energy release rates,
(GI/GIc + GII/GIIc), decreases to a minimum value as the cracks start propagating. Then, after a
crack length between 0.2mm to 0.3mm, the value starts to increase again. As explained in the
previous section, this means the load at catastrophic failure is governed by the minimum value
of (GI/GIc + GII/GIIc). At the average experimental failure loads, the minimum values of
(GI/GIc + GII/GIIc) are 0.61 for the d = 15mm case, and 0.83 for the d = 5mm case. Thus,
according to Eqn 1, both the predicted failure loads are higher than the experimental failure
loads. The strain energy release rate is proportional to the square of the applied load, so the
predicted failure loads per unit width are:

P = 553 N/mm for d = 15mm

and

P = 312 N/mm for d = 5mm.
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Experimental Failure Load (Cut 15mm from Central Roller)

GI / GIc

GII / GIc

GI/GIc+GII/GIIc



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 361

0

0.5

1

1.5

2

2.5

0 0.5 1 1.5 2

Crack Length (mm)

N
or

m
al

is
ed

 S
tr

ai
n 

E
ne

rg
y 

R
el

ea
se

 R
at

e

Fig. 7:  Normalised Strain Energy Release Rate at
Experimental Failure Load (Cut 5mm from Central Roller)

IMPROVED FAILURE LOAD PREDICTION

The axial distance from the cut to which the zones of yielding material extended was
estimated from the finite element analysis. This was done at the top left and bottom right of
the cut. The resin along the interfaces of the cut and continuous plies was assumed to yield
when the interlaminar shear stress exceeded 70 MPa. This value was estimated from the
measured in-plane shear stress-strain response of glass/ epoxy ±45° specimens in tension [10],
and assuming transverse isotropy. The yield zone length at the top left was averaged with the
length at the bottom right. This was the effective initial crack length. The corresponding value
of (GI/GIc + GII/GIIc) was found by interpolation. If the value of (GI/GIc + GII/GIIc) was less
than one at the effective initial crack length, it meant the predicted failure load was higher
than the experimental failure load, and vice versa. If this was the case, the value of (GI/GIc +
GII/GIIc) and the yield zone lengths were recalculated at higher (or lower) values of P. No
further finite element calculations were necessary since the shear stress was proportional to P,
and the value of (GI/GIc + GII/GIIc) was proportional to P2. After a small number of iterations,
the predicted failure load converged. The values for d = 5mm and d = 15mm are given in
Table 3, alongside the previous predictions and the average experimental values. The values
of the yield zone lengths in the d = 5mm case were 0.70 mm at the top left and 0.48 mm at the
bottom right of the cut. The values for d = 15mm were 1.57 mm at the top left and 0.38 mm at
the bottom right. Although there was a big difference between the latter values, averaging
them together was considered to be the best solution for the purposes of keeping the approach
manageable.

GI / GIc

GII / GIc

GI/GIc+GII/GIIc
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Note that both the strain energy release rate and the yield zone lengths were calculated
assuming linear-elastic material properties. The estimated yield zone lengths would be longer
if non-linear stress-strain behaviour was taken into account. However, the strain energy
release rate would be lower since yielding limits the stresses at the crack tip. Thus, to some
degree these two effects cancel each other out. Also, to accurately predict the yield zone
length and corresponding strain energy release rate, the resin along the interfaces would have
to be modelled using non-linear material properties. This would require much more
computational time, and for the purpose of engineering design, the approach used above is
thought to be reasonable.

Table 3:  Failure loads (per unit width)

d = 15mm d = 5mm

Experimental Average 432.4 N/mm 284.0 N/mm

Prediction (Standard Mixed-Mode) 553 N/mm 312 N/mm

Prediction (Including Yield Zones) 444 N/mm 280 N/mm

DISCUSSION

The analysis showed that when no account is taken of yielding, linear-elastic fracture
mechanics is not able to accurately predict delamination in laminates with significant overall
interlaminar shear stresses. Referring to Table 3, it can be seen that the failure loads predicted
without accounting for yielding at the onset of delamination are both very unconservative.
The prediction for the d = 15mm case is 28% higher than the experimental value, and the
prediction for the d = 5mm case is 10% higher. The prediction corresponding to the d = 15mm
case is worse because the ratio between the shear force and the bending moment is higher
when the cut is further from the central roller. Hence, the relative importance of the overall
interlaminar shear stress is greater, and the yield zones are generally longer when d = 15mm.
When the improved approach is applied to the two cases, the predictions are within 3% of the
experimental results. Therefore, the improved approach was able to accurately predict the
failure loads of laminates with two different levels of yielding.

Previously it was found that a linear interaction equation between the effects of overall
interlaminar shear stresses and local stresses at the cut gave a good prediction of failure [6].
The results presented here explain the interaction in terms of the increased effective crack
length as the overall interlaminar shear stresses become high compared with the yield stress.

CONCLUSIONS

A composite specimen containing cut plies under three-point bending was analysed. The ratio
between the bending moment and the shear force at the cut was varied by changing the
position of the cut relative to the applied loads. The strain energy release rate was calculated
for delaminations spreading from the cut using finite element analysis. A mixed-mode failure
criterion, based on the strain energy release rate, grossly overestimated the failure loads for
both cut positions. An improved approach, also based on the mixed-mode failure criterion but
which took account of yielding in the resin at the onset of delamination, was able to predict
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the failure loads to within 3% of the experimental values. This shows the importance of
considering the yielding that occurs before crack formation when predicting delamination in
laminates under high overall interlaminar shear stresses.
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SUMMARY:  A model for the damage's evolution in composite materials is here proposed. It
consists in a microscopic/macroscopic approach requiring the solution of two uncoupled
steps. The first one consists in the computation of the composite's homogeneous equivalent
behaviors, damaged by defects postulated at the microscopic composite's level. The second,
consists then in solving a nonlinear, time-dependent, macroscopic problem.

These steps require unfortunately a lot of computations whose numerical costs may be
prohibitive. It is here proposed to reduce them, thanks to the development of a strategy
allowing to take benefit from the parallel computers performances.

Starting from two three-dimensional, industrially-realistic examples, one shows that this
methodology may be fruitfull if one knows how to choose a subdomain decomposition, taking
in account the damages and the heterogenities of the composite's representative volume
element.

KEYWORDS:  damage, thermoelasticity, homogenization, subdomain decomposition
techniques, parallelism

INTRODUCTION

This paper deals with the simulation of damage's propagation in composite structures. To this
way we use an homogenization technique which leads to a microscopic/macroscopic
approach. To this purpose we first postulate damage criteria in the composite representative
volume element. These criteria introduce parameters which are chosen as microscopic
damage parameters. The use of the homogenization technique, allows then to construct a
damaged macroscopic medium model, based on a microscopic approach of a body weakened
by microdefects. The damage's evolution may be then modelled and computed inside an
adjusted thermodynamic framework.

Unfortunately this methodology requires a lot of computations, required for the construction
of composite homogenized behaviors connected to each of its microscopic damaged
configuration. In addition to the three-dimensional geometry, a good description of the
damage process needs the choice of a lot of microscopic damage parameters and a lot of
values for these parameters. Thus, this methodology requires large computer CPU times and
large memory spaces, and comes up against the limitations prescribed by the actual computers
technology.
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A way to get round these overcosts consists in using multiprocessor computers.  We propose
thus in this communication to show how one can use homogenization techniques and
substructuring techniques to take advantage of the parallel computers performances.

In order to assess the benefit of this methodology, we consider two kinds of three-dimensional
composites, used at the industrial level as covering materials for aeronautical  engines. The
first one is made up of glass microballoons coated in a resin (syntactic foams). The observed
damage process of this composite consists of the implosion of the balloons. The second
example concerns sewed layers of unidirectional composites. Due to the different expansion
coefficients of these materials, when the structure undergoes a high temperature increase,
damage occurs under the form of delaminations between constituents.

A MODEL FOR DAMAGE'S EVOLUTION SIMULATION IN COMPOSITE
STRUCTURES

In order to simulate the damage's evolution in composite structures, we use hereafter a
microscopic/macroscopic approach of a macroscopic medium weakened by microdefects. To
this purpose we classically consider two scales: the microscopic scale is attached to the
representative volume element of the composite and is thus representative of microscopic
effects such damages; its basis is denoted by (0, y1, y2, y3); at the macroscopic level any point
of the structure is marked with respect of a system of axis denoted by (0, x1, x2, x3).

This approach consists first in postulating damages at the microscopic level. The connected
damaged homogeneous behavior laws are then computed thanks to the homogenization
principle. In order to simulate the damage's evolution in the composite structures under
consideration, it remains lastly to solve, at the macroscopic level, a nonlinear, time-dependent
problem .

Computation of Homogenized Damaged Behaviors

We consider in what follows that the composite under consideration admits a geometric and
mechanic periodicity, such that this material may be defined by the knowledge of its period or
basic cell, denoted by Y. In order to describe the damage's evolution in this material, let us
consider its basic cell as a real structure containing defects, as for example stress-free holes
(denoted by C). Let us associate to these defects, parameters, denoted in vectorial notations by
D. Thanks to the homogenization process for periodic media [1], [2], one can associate to this
microscopic description of the damaged composite material a homogeneous equivalent
behavior. To this way and when a thermo-elastic behavior for the constituents is chosen, we
have to find the microscopic deviation in temperature τ and the microscopic displacement
field u, solutions in the elastic part of Y (denoted by Y*) to the following problems, also
known as cellular problems [3], [4]:
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Elasticity cellular problem:

(1)











divy σ = 0 , σ = a [ e(u) - α (T - T0) ] in Y*

u - E y Y-periodic , σ(n) Y-antiperiodic

σ(n) = 0 on0C , << e(u) >>Y = E

Thermal conduction cellular problem:

(2)












divy q = 0  ,    q = - λλ ∇y τ in Y*

τ - F y Y-periodic , q . n Y-antiperiodic

q . n = 0 on0C , << ∇y τ >>Y = F•

In these problems divy and ∇y respectively denote the divergence and gradient operators with
respect to the microscopic coordinates y. We have also used the following notations:

(3)













e(u) = ------

1
2

(∇y u + t∇y u) , << ∇y f >>Y = ------
1
|Y|




⌠

⌡
0Y

f n dS

φ Y-periodic⇔ φ admits the same value at points belonging to opposite faces of Y

and respectively denoted by λ, a, α, ρ, c the conduction, stiffness, expansion tensors, the mass
density and the specific heat, and introduced the fields E, F, T which represent the
macroscopic strain tensor, the macroscopic temperature gradient tensor and the macroscopic
temperature (T0 is the reference macroscopic temperature).

Once these problems have been solved, one may then construct the damaged homogenized
behavior sought, throught the computation of the stiffness, conduction and expansion
homogenized tensors Qh(D), λh(D), αh(D) which connect the microscopic fields to the
macroscopic ones by the relations:

(4)     







 

< σ >Y = Σ = Qh(D) E - Qh(D) α
h
(D) (T - T0)

< q >Y = S = - λ
h
(D) F

with     < f >Y = ---------
1

| Y |
 

⌠

⌡
Y

*

f(y) dy

and the homogenized specific heat denoted by Ch(D).

Let us lastly specify that thanks to the linearity of these problems with respect to the
macroscopic data (strain E, temperature deviation (T-T0), temperature gradient F) the
solutions to problems (1) and (2) are usefully splitted in the following forms:
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(5)     





 

u = ukh  Ekh + w  (T - T0)   (k, h ∈ {1, 2, 3})      (with ukh  = uhk  thanks to Ekh = Ehk)

τ = τ
k
 Fk     (k ∈ {1, 2, 3})

allowing to solve once and for all these problems, undependently from the macroscopic fields
which have to be now computed.

Damage's Evolution

Once previous step has been carried out, one knows each of the homogenized equivalent
behaviors of the composite material under consideration, corresponding to given values of the
damage parameters considered at the microscopic level.

For a given thermo-mechanical loading prescribed to the composite structure (which occupies
the volume Ω), the damage's evolution is then modelled by introducing the macroscopic free
energy density defined by:

(6)   < ρ >Y ψ(E,  T, D) = ------
1
2  E Qh(D) E - Qh(D) α

h
(D) E (T - T0) - ------

1
2

 ---------------------------------
< ρ >Y Ch(D)

T0
 (T - T0)2

where the vector D (n entries assumed) is constituted by the damage parameters.

The volume dissipation ∆ is then given by:

(7)     ²  = ∑
i = 1

n

 Fi --------
dDi

dt
 - ------

S
T

 ∇
x
 T

where we have denoted by Fi the thermodynamical damage force associated to the damage
parameter Di, defined by:

(8) Fi = - -------------------------------------------------------
0{< ρ >Y ψ(E, T, D) }

0Di
(i = 1, 2, …, n)

A useful means for satisfying the positivity of the dissipation (7) consists in using the
thermodynamic framework of standard generalized materials [5]. Assuming the classical
decoupling between the mechanical and thermal dissipations and starting from the existence
of pseudo potentials of dissipation denoted by φth(∇x T) and φmec(F1, …, Fn) which are
chosen as positive or zero functions, convex and zero in 0, this framework allows one to
obtain the complementary laws under the forms:

(9) ------
S
T

= - --------------------------
0 φ

th
(∇xT)

0(∇xT)
, --------

dDi

dt
= --------------------------------------------
0ψφ

mec
(F1, …, Fn)

0Fi
(i = 1, …, n)

The choice of these potentials has to be a posteriori justified by collation of results with
experimental data. In what follows we choose the thermal potential in order to obtain the
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classical Fourier's law for the temperature. Concerning the mechanic potential, it may be for
instance chosen as follows:

(10)     φ
mec

(F1, …, Fn) = ∑
i = 1

n

  --------------
α

i

1 + βi

 | Fi |
1 + βi          (αi  > 0, βi  > 0   ∀ i ∈ {1, …, n} )

This particular choice leads to a damage's evolution law of Norton's kind [6].

Once these choices have been made the evolution of damages will be obtained by the solution
of the following macroscopic problem:

for which it is required to specify boundary and initial conditions.

The damage's evolution may be thus computed in the two steps given above which consists
in:
1. constructing the homogeneous equivalent damaged behaviors connected to chosen

values of microscopic defects;
2. solving the macroscopic time-dependent problem describing the damages evolution.

THE SCHUR COMPLEMENT METHOD FOR THE SOLUTION OF CELLULAR
PROBLEMS

The method explained above for the computation of damage's evolution in composite
structures has been already successfully used for the study of damage by fibers breaks in
unidirectional composites [7]. It requires however the solution of the cellular problems (1), (2)
for each set of values of the damage parameters postulated at the composite's microscopic
level. These computations may induce very large CPU times in the case where, like here, the
geometry is three-dimensional. This is the reason why we have developed a parallel way for
these solutions; it consists in using a subdomain decomposition technique (Schur complement
method) and allows to take benefit from the parallel computers performances.

In order to present the application of this technique to the solution of cellular problems, let us
consider the thermal cellular problems (2). Thanks to the decomposition (5) it may be easily
shown that the fields τk are the solutions to the following problems:
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Let us then introduce a subdomain decomposition of Y into 2 subdomains (for reader's
convenience), denoted by (1)Y and (2)Y. We denote by Γ the common boundaries of these
subdomains and the external boundary of Y (on which periodicity conditions for tk are
prescribed).

Let us next introduce the fields (i)τk, (i)qk solutions in the subdomain (i)Y to the following
problem:

where we have denoted by (i)n the unit outward normal to ∂(i)Y and introduce the (not yet
known) temperature field µ which has to be characterized.

These fields will coincide with the restrictions of τk and qk in (i)Y if and only if they satisfy
the continuity of normal heat flux on Γ:

(14)     (1)q (1)n = (2)q (2)n               on Γ

In order to deduce the problem whose solution is µ, let us use the linearity of problem (13)
and thus split its solution as follows:

(15)     (i)τ
k
 = (i)θ

k
 + (i)ω

k
  ,  (i)qk = (i)Θ

k
+ 

(i)
Ω

k

where (i)θk and (i)ωk are the solutions to:
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Problem (16) may be solved once for all. Let us associate to its solution the normal heat flux
on Γ, defined by:  (i)bk = (i)Θk . (i)n .

Next, let us introduce the linear operator (i)S, defined on the subdomain (i)Y, which associates
to the prescribed (but unknown) temperature µ of problem (17) its connected normal heat flux
on Γ:

(18)     (i)S : µ
|Γ

 → (i)S(µ) = [ (i)Ω
k
 .  (i)n ] 

|Γ

Thanks to these quantities the normal heat flux connected to the solution of problem (13)
satisfies:

(19)     [(i)qk . (i)n] 
| Γ

 = (i)S(µ) + (i)bk

The continuity condition (14) leads then to the interface problem to be solved on Γ which
writes:

(20)     Find µ such that:       (1)S(µ) + (2)S(µ) = - ((1)bk + (2)bk)

The symmetric, definite positive operator S = (1)S + (2)S is called the Schur complement
operator [8]. It determines the problem to be solved at the interface Γ between the
subdomains. This problem is classically solved by use of the iterative preconditioned
conjugate gradient algorithm, whereas the problems to be solved in each subdomain
(problems 16 and 17) are fruitfully solved by a direct method, such the Cholesky method.
As mentioned above the use of this method for the "in parallel" solution of the cellular
problems requires the choice of a subdomain decomposition for the composite's basic cell.
Many subdomain decomposition procedures are available [9], [10]. However, in order to
obtain an efficient speed-up, this choice has to almost satisfy some principles, such the
minimization of the interface problem size and the load-balancing of the tasks on each of the
processors used. We shall see hereafter that mechanical phenomena complicate this choice.
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APPLICATION OF PARALLELISM

In order to illustrate the means given above for the parallel simulation of damage's
propagation in composite structures, we consider two kinds of three-dimensional composites,
used at the industrial level as covering materials for aeronautical engines. These materials and
the damages which are experimentally observed are now briefly presented.

Syntactic Foam

The first material we consider is a syntactic foam. It consists of an isotropic resin into which
nine glass balloons are arranged in a cubic centered network (see fig. 1). Their internal
boundaries are assumed to be stress free.
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8

Fig. 1: Geometric arrangement of the syntactic foam and subdomain decomposition

The experimentally-observed damage process in this composite consists of the implosion of
the microballoons, and thus their disappearances. In order to simulate this kind of damage we
attach to each (say Bi) of these balloons a scalar denoted by Di which take the value 1 or 0
depending on whether the balloon is broken or not.

The parallel solution of the cellular problems has been carried out thanks to a decomposition
in 8 subdomains shown in figure 1. This choice has been directly induced by the geometry of
the basic cell. Indeed, it insures the load-balancing of tasks on each of the 8 processors which
are allocated to each of the 8 subdomains, and minimize the size of the interface problem to
be solved.

The characteristics of this decomposition are presented in figure 2, which points out the
number of degrees of freedom (Finite Element Method) for the global and interface problems
corresponding to each of the damaged configurations of the composite's basic cell, in the case
of the elasticity cellular problems (1).



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 382

300002500020000150001000050000

0

1

2

3

4

5

6

7

8

Number of degrees of freedom

N
um

be
r 

of
 b

ro
ke

n 
co

rn
er

-b
al

lo
on

s

Interface problem - Central balloon broken
Interface problem - Central balloon not broken    

Global problem - Central balloon broken

Global problem - Central balloon not broken

Fig. 2: Size of the damaged elastic problems

Thanks to this decomposition, the parallel solution of problems (1) on a MIMD machine
(KSR1), leads to times savings which appear very good, as figure 3 attests (the C.P.U. times
given in this figure correspond to the solution of one cellular problem (1)) .
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Fig. 3: C.P.U. times for the solutions of one elastic cellular problem

Indeed, from these results, it appears that the times speed-up is around 7 and thus very close
to the optimal and maximal one which is equal to 8.

Sewed Layers of Unidirectional Composites

The second composite we have considered, consists in two layers of unidirectional
composites, whose orientations are respectively equal to 0 and 90 degrees, held in contact
(one hopes so) by a third constituent, perpendicular to them, called in the sequel the "picot".

Due to the different expansion coefficients of the materials of this basic cell, when the
structure undergoes a thermo-elastic loading, the damage occurs under the form of
debondings between the constituents. We postulate thus three kinds of defects which are
modelled by cavities (denoted by Ci in figure 4) with zero thickness and whose lengths are
denoted by Li . These cavities respectively model the debondings appearing at the interface
between the layers and the picot and between the layers themselve.
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Fig. 4: Basic cell of the sewed composite - Location and geometric modelization of damages

We associate to these defects three damage parameters defined as follows:

(21)     D1 = ------
L1

h1
        D2 = ------

L2

h2
       D3 = ------

L3

R

where h1, h2 and R respectively denote the thicknesses of the layer number 1, number 2 and
the radius of the picot.

Unlike the syntactic foam considered before, the choice of a subdomain decomposition for the
basic cell of this composite is not straightforward, because of its geometry and the presence of
damages. This is the reason why we have considered two subdomain decompositions. The
first one consists of 20 subdomains whose boundaries coincide with the debondings between
the composite's constituents (the degrees of freedom located at the debondings belong thus to
the problem to be solved at the interface  Γ). The second one consists of 8 subdomains whose
boundaries, a priori, do not coincide with the damages localizations. The main disadvantage
of the first decomposition stems from the bad load-balancing it induces, whereas the second
insures a good load-balancing. Let us lastly note that both decompositions lead to some
"floating"subdomains (the local problems such (17) do not admit an unique solution); this fact
requires the use of a particular preconditioner technique. We used to this purpose the "Coarse
Neumann" [11] and "Neumann-Neumann" preconditioners [12].

Fig. 5: Decompositions in 8 and 20 subdomains

The characteristics of both decompositions are presented on the following figure, for two
particular states of damage of the composite's basic cell:
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We report in figure 7 the C.P.U. times consumed for the solution of one elastic cellular
problem by use of these two decompositions and the two preconditioning techniques.

Starting from these results it first appear that, from the point of view of parallelism, the
"Coarse Neumann" preconditioner lead to better times savings than the "Neumann-
Neumann".

From the times savings point of view, the decomposition in 8 subdomains leads to a speed-up
around 6, whereas the decomposition in 20 conducts to a speed-up which is only around 4
(the best are respectively 8 and 20). These results clearly assert that load-balancing is an
essential "pre-requisite" for the obtention of good times-savings in parallel, even if it is very
difficult to realize this task in case of heterogenous and damaged structures.

Once this choice has been made, the results presented in the case of these two applications,
clearly show that parallelism and the methodology used, are powerful.

CONCLUSION

Thanks to the use of the homogenization technique and a subdomain decomposition
technique, a computational strategy and a parallel numerical tool have been made available
for the simulation of damage's propagation in composite materials. They enable to obtain
appreciate times-savings in most cases. However, the results presented in this paper, clearly
show that the problem of the choice of a well-suited subdomain decomposition for the
composite's representative volume element, remains to be solved, even if the times-savings
we have obtained are very encouraging.

In order to allow for the proposed modelization of damage's evolution in composite materials,
to fully reveal its potentialities, the work, which has began consists in developing a parallel
strategy for the solution of the nonlinear, time-dependent, macroscopic problem.
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A PROPER TREATMENT OF INTERFACIAL
CRACKS IN THE PRESENCE OF FRICTION

C. T. Sun and W. Qian

School of Aeronautics and Astronautics, Purdue University,
West Lafayette, Indiana 47907-1282, USA

SUMMARY:   Frictional sliding on interface crack surfaces results in weak crack tip stress
singularity and zero strain energy release rate. A new fracture criterion  based on finite
extension strain energy release rate is proposed to capture the intrinsic fracture toughness. The
finite extension strain energy release rate is shown to represent the magnitude of the singular
stress field. Numerical simulation of a center crack in a bimaterial infinite media under remote
shear as well as fiber pull-out and push-out are presented to illustrate the frictional effect in
both small and large scale contacts near the crack tip.

KEYWORDS:   friction, fracture, interfacial crack, crack tip stress singularity, strain energy
release rate, toughness, fiber pull-out and push-out

INTRODUCTION

The development of classical fracture mechanics is based on the open crack assumption, i.e.,
the crack surfaces are not in contact. That assumption leads to, in linear elastic solids, stress
singularity of inverse square root that enables one to employ either strain energy release rate
or stress intensity factor to characterize fracture toughness and predict crack movement.

When crack surfaces are under combined compression and shear, the effect of sliding
frictional stresses on the crack surfaces cannot always be ignored. Only in the case in which
the neartip contact zone is extremely small, the K-dominated field basically agrees with that
of the open crack solution. This was discussed in detail by Sun and Qian [1] for bimaterial
interfacial cracks under “Mode I” loading. On the other hand, if the contact zone is finite,
frictional contact of the crack surfaces can no longer be neglected. Most importantly, the
frictional contact alters the stress singularity to weak singularities [2]. Consequently, the
strain energy release rate as conventionally defined vanishes [3] and cannot be used as a
fracture parameter.

Many researchers have attempted to extend the fracture mechanics approach to treat various
engineering problems involving interfacial cracks with frictional contact. Fiber pull-out and
push-out problems have attracted the most attention (e.g., [4-7]). Delamination in thin
film/substrate micro-electronics systems [8]  and composite laminates [9] also have been
investigated. Various methods were proposed by these authors to derive the strain energy
release rate or to employ different parameters for characterizing the interfacial crack
toughness. Many of these approaches suffer deficiencies mainly due to the weak singularity
and the energy dissipation associated with the frictional sliding of crack surfaces.
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In this study, the concept of strain energy release rate for interfacial cracks in the presence of
friction is reexamined. A finite element based numerical procedure is introduced to calculate
the strain energy release rate and energy dissipation due to friction for a finite crack
extension. An explicit relation between the generalized stress intensity factor and the finite
extension strain energy release rate is derived based on the neartip  field. Thus, the finite
extension strain energy release rate with a fixed crack extension can be used to represent the
magnitude of the singular stress field and,  therefore, to quantitatively characterize the
intrinsic fracture toughness. For numerical examples, a center crack in a plane strain infinite
bimaterial medium under shear loading (see Fig. 1) and fiber pull-out and push-out tests (see
Fig. 2) are simulated.
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Fig. 1  A bimaterial centered crack panel,
              20m × 20m, under remote loading

 τ  = .12MPa

Fig. 2  Geometry and boundary condition of
           fiber pullout and pushout specimen.
           Rf = 0.64, Ef = 100, Em = 1, νf = νm = 0.3,
           35 % fiber in composites.
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NEAR TIP FIELD AND STRAIN ENERGY RELEASE RATE

For a crack in homogenous media with friction or an interface crack without friction, there is
always square root singularity associated with the neartip field. However, it was originally
shown by Comninou [2] for an interface crack between two dissimilar isotropic media with
friction and later confirmed and extended by Deng [3] for an interface crack between two
dissimilar anisotropic media that the stress singularity r−λ  is always weak (λ < 0 5. ) for a
static crack under monotonic loading. The singularity index λ  is related to one of Dundurs
parameters β  and coefficient of friction µ as

cotλπ µβ=                                                               (1)

It is easy to see that λ  is 0.5 if β  or µ  is zero which corresponds to homogenous media or
frictionless condition, respectively. The neartip stress field ahead of the crack tip along the
bimaterial interface and the relative crack surface sliding displacement in plane strain
condition are
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where the generalized stress intensity factor K II is defined as

K
r

r rII xy=
→
lim ( ) ( , )

0
2 0π σλ                                             (3)

( )[ ] ( )[ ]γ ν β β µ ν β β µ= − − + + + − + + −( )( ) ( ) / ( )( ) ( ) /3 4 1 1 2 3 4 1 1 21 1 2 2    (4)

In Eqn (4), µi and νi are the shear modulus and Poisson’s ratio, respectively, for material i
(i  = 1,2).

It has been pointed out by Dundurs and Comninou [10] that the problem of interface crack
with friction is a linear process in the context of monotonic loading. In this context, relation of
the strain energy release rate and stress intensity factor can be obtained through a finite crack
extension ∆a  as
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              (5)

In Eqn (5), Γ  is the gamma function.

The conventional strain energy release rate is defined as G G a
a

=
→

lim � ( )
∆

∆
0

. It is seen from Eqn

(5) that strain energy release rate G  vanishes as ∆a → 0 due to the fact that λ < 0 5.  in the
presence of friction.

FINITE ELEMENT PROCEDURE FOR ENERGY CALCULATION

The finite element method is used to perform the energy calculation during crack extension. A
two-step release technique is recommended so that self-similar mesh along the entire crack
surface is not needed in calculating strain energy release rate as well as dissipation energy rate
during crack extension. In calculating the strain energy release rate at the crack tip of finite
contact, special care should be taken to separate the elastic nodal force from the frictional
nodal force due to crack surface frictional traction near the crack tip.
In view of the foregoing, a procedure to calculate the strain energy release rate and dissipation
energy rate based on crack tip nodal forces and displacements is presented. A two-step crack
release method is used to allow non-self-similar mesh along the crack surface. Contact
element is used behind and ahead of crack tip. For four-noded elements, the strain energy
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release rate � ( )G a∆  and dissipation energy rate G ad( )∆  can be calculated as
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where G ad
e( )∆  is the portion of the dissipation energy rate from existing crack surface, and

G ad
N ( )∆  is the portion of the dissipation energy rate from the new crack surface. Fx

a  and Fy
a

are the nodal forces at crack tip node “a” (see Fig. 3). Superscripts 1 and 2 in Eqn (6) stand
for the states before and after crack release, respectively.

x
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Fig. 3: Bimaterial crack and its coordinate system

A center crack lying between two dissimilar infinite isotropic media under remote shear
loading (see Fig. 1) is used to illustrate the validity of the aforementioned technique.  The
commercial code ABAQUS is used to perform the analysis. The size of the panel is 20m ×
20m with a finite crack of 2m. The Dundurs parameters β  and coefficient of friction µ  are
chosen to be 0.5. A similar problem of infinite plate was also investigated by Dundurs and
Comninou [10] using elastic dislocation approach. The stress intensity factor obtained by
calculating the strain energy release rate and using the relation in Eqn (5) for closed crack tip
(right tip in Fig. 1) is given together with those from Dundurs and Comninou [10] in Table 1.
There is excellent agreement between these two methods, and the difference is believed to be
due to the finite size effect of the panel in the present study compared with the infinite
medium in Dundurs and Comninou’s study.

Table 1:   Comparison of stress intensity factor  KII  from present analysis and K II
d  obtained 

by Comninou, et al. [10], K K aII II= +( ) / ( )1 22 2µ β τ λ , µ β= =05 05. , .

∆a a/ K II  (present) ( )K K KII II
d

II
d− ×/ 100%

3.18⋅ −10 2 0.9723 1.28

1.59⋅ −10 2 0.9720 1.25

7.96⋅ −10 3 0.9724 1.29

3.98⋅ −10 3 0.9737 1.42
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A FRACTURE CRITERION

For the center cracked problem as discussed in the previous section, it is recognized that there
is always a sizable contact zone at one crack tip (denoted as closed crack tip), and an
extremely small contact zone at the other tip (which can be virtually regarded as open crack
tip) under pure shear loading.  This problem is studied using the finite element procedure to
understand the frictional effect on the interfacial crack under small scale as well as large scale
contacts.  In the finite element analysis, the applied shear stress τ is assumed to be 0.12 MPa,
µ1 = 35 MPa, µ2 = 0.35 MPa, and ν1 =  ν2 = 0.0.  These material properties yield β = 0.49.

The strain energy release rate � ( )G a∆ , dissipation energy rate G ad( )∆  as well as total energy

release rate � ( ) ( )G a G ad∆ ∆+  for the problem of Fig. 1 with β = 0.49 and µ = 0.5
corresponding to various crack extensions are shown in Fig. 4 and Fig. 5 for open and closed
crack tips, respectively.
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Fig. 4:  Finite energy release rates at the open crack tip for the panel shown in Fig. 1
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Fig. 5:  Finite extension energy release rates at the closed crack tip
for the  panel shown in Fig. 1

At the open crack tip, the contact zone r ac /  is usually around 105−  to 10 7−  and can be
virtually treated as an open crack tip. The modified crack closure technique can therefore be
applied to calculate the strain energy release rates. It is seen in Fig. 4 that individual finite
extension strain energy release rates are ∆a dependent, while the total strain energy release
rate as well as the dissipation energy rate remain constant for different crack extensions. It is
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noted that dissipation energy rates are fairly small compared with strain energy release rate.
This indicates that the frictional effect on the open crack tip is fairly small. It can also be
shown that the stress distribution ahead of the open crack tip is very close to those of the
oscillatory solution obtained based on traction free crack surface condition. It is concluded
that frictional effect at the open crack tip is negligible. All existing approaches for the
calculation of fracture parameters for bimaterial interfacial cracks are thus applicable (e.g.,
see Ref. 1).

As for the fracture behavior at the closed crack tip, it is clearly seen in Fig. 5 that the finite
extension strain energy release rate decreases, and dissipation energy rate increases, while
total energy release rate remains constant when crack extension ∆a decreases. Recall the
relationship between strain energy release rate and crack extension ∆a in Eqn (5) that strain
energy release rate indeed decreases and eventually vanishes when ∆a  approaches zero due
to the weak stress singularity. The strain energy release rate is therefore ∆a -dependent, while
the increase of dissipation energy rate make up the decrease of strain energy release rate for
total energy balance when ∆a  decreases. The implication of decreasing strain energy release
rate is that the classical strain energy release rate concept is no longer valid because of its zero
value. Consequently, a new finite extension strain energy release rate associated with a finite
crack extension is needed to quantify the weak singular stress field ahead of the crack tip.

The decreasing behavior of strain energy release rate was also noticed by Stringfellow and
Freund [8] who computed the J-integral for the frictional sliding fracture in a thin film on a
substrate. It was pointed out later by Deng [3] that the path independence of J-integral no
longer exists due to the crack surface traction resulting from friction, and the J-integral for a
vanishingly small contour becomes zero indicating strain energy release rate also vanishes.

In view of the foregoing, a fracture criterion using the strain energy release rate �G of a critical
finite crack extension ∆a0  as a fracture toughness parameter is proposed, i.e.,

� ( ) ( ) � ( )G a
W

a
G a

U

a
G ae

d c∆ ∆
∆

∆ ∆
∆

∆0 0 0= − − =                                   (7)

where ∆We , ∆U  and G ad ( )∆ 0  are the external work done, strain energy change and the

dissipation energy rate for a crack extension of ∆a0 , respectively. From Eqn (5), it is seen

that, for a fixed ∆a0, the finite extension strain energy release rate�G  has a unique relation
with the generalized stress intensity factor K II . The fracture criterion given by Eqn (7) states
that the interfacial crack would grow if the neartip stress field reaches a certain critical state.

Note that the simple relations below

dU

da

dW

da
G

dU

da
e= =1

2
,                                             (8)

between strain energy release rate, strain energy and work done in linear elastic fracture
mechanics are no longer valid in the presence of friction. Table 2 shows the result obtained
from the finite element analysis for the center crack problem (Fig. 1) with β = 0.49 and
different coefficients of friction.  It is evident that the above relations are no more valid in the
presence of friction.
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Table 2: Energy ratios for β = 0.49 and different coefficients of friction µ

µ ∆ ∆U We/ ( )∆ ∆ ∆ ∆W G a a Wd e+ ⋅� ( ) /

0.02 0.4917 0.5084
0.2 0.4883 0.5117
0.5 0.4705 0.5295

FIBER PULL-OUT AND FIBER PUSH-OUT

The mechanical properties of the fiber/matrix interface are important in determining the
mechanical behavior of fibrous composites. The local response of the fiber-matrix interface
during fracture has pronounced effects on the mechanical performance and structural integrity
of the composite. Fiber pull-out as well as fiber push-out are the two major methods to
determine the fiber/matrix interfacial properties as well as to understand the toughening effect
of fiber composites due to frictional sliding after debonding.

There have been numerous theoretical models based on fracture mechanics to analyze the
fiber-matrix interface toughness and toughening effect due to fiber sliding. In these studies,
classical strain energy release rate was the key fracture parameter in determining the
debonding initiation and debonding progression. However, most researchers did not account
for the effect of the weak interfacial stress singularity due to friction. Some researchers used
approximate interfacial shear stress distributions to calculate the “strain energy release rate”
assuming G dU da= /  (e.g. [4,6]). Consequently, none of these models can accurately
characterize the intrinsic interfacial toughness. In this section we investigate the debonding
process in the  fiber pull-out and fiber push-out problem using the new finite extension strain

energy release rate � ( )G a∆ .

It is noted that fiber pull-out and fiber push-out models adopted here are axisymmetric.
However, It can be shown that the neartip stress field ahead of the crack tip and the
characteristic equation for determining the singularity λ  are exactly same as the plane strain
problem. These features were noticed by Atkinson [11] who compared the elastic equilibrium
equations for both axisymmetric and plane strain  conditions near the crack tip. Therefore, the
result of 2D plane problem is valid for fiber pull-out and push-out problem.

An axisymmetric section of the fiber-matrix-composite specimen shown in Fig. 2 is used for
the present study. The fiber, matrix and the composite regions are assumed to be isotropic.
The elastic moduli of the composite region are obtained using the rule of mixtures with fiber
volume fraction of 35%.  The Young’s moduli for the fiber and matrix are 100 units and 1
unit, respectively, and the Poisson’s ratios are assumed to be 0.3 for both.  The characteristic
crack extension length ∆a0  is taken to be 0.01 throughout the debonding process. Two types
of loading are used for various debonding lengths; one is constant load for both fiber pull-out
and push-out, the other is constant displacement loading for fiber push-out only.

An open debonding crack tip is associated with the fiber pull-out under constant load σ  (see
Fig. 6). The total strain energy release rate increases at initial debonding stage and become
steady state after debonding length reaches two times the fiber diameter. For the open crack,
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the critical strain energy release rate Gc  with a mode mixity must be determined.
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Fig. 6:  Finite extension energy release rates for fiber pull-out under constant load σ

During fiber push-out under constant load σ , the debonding crack surface is completely
closed and the frictional effect is significant. Figure 7 shows the finite extension strain energy
release rate, dissipation energy rate and total energy rate for various debonding lengths. It is

seen that �G  and Gd  increase until debonding reaches two times the fiber diameter. There is a
slight decrease for both energy rate afterwards. Figure 8 gives the ratios of strain energy
change in the elastic body and total external work done during crack release for two different
coefficient of friction µ . It is seen that those ratios are no longer 0.5 as these in the
frictionless case , especially at initial and final debonding stages. However, Eqn (8) may still
be a good approximate when µ  is very small.
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Fig. 7:  Finite extension energy release rates for Fig. 8:  Ratio of strain energy
  fiber change and push-out under constant external work done during crack

load σ growth in fiber push-out for
µ = 0.5 and 0.2.

Results for fiber push-out under constant displacement loading u0 = 0.2 are shown in Fig. 9
and Fig. 10 for two coefficient of friction. It can be easily seen that the initial crack growth is
unstable. Stable crack growth prevails after debonding reaches two times the fiber diameter.

Besides, It is seen that there are virtually no change in total energy rate �G Gd+  and external

applied force for different friction coefficient. However,  value of �G  for µ = 0 5.  is much
smaller than that for µ = 0 2. . This indicates that a larger applied force is needed for larger
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coefficients of friction to raise �G  to the level of the critical intrinsic fracture toughness �Gc .
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Fig. 9:  Finite extension energy release rates Fig. 10:  Finite extension energy release
for fiber push-out under constant rates for fiber push-out under 
displacementu0 0 2= .  with µ = 05. . constant displacement u0 0 2= .

with µ = 0.2.

EFFECT OF COMPRESSIVE LOADING

An open crack may be forced to close if compressive loads normal to the crack surfaces are
applied in addition to the shear load.  This condition may exist in fiber composite due to the
mismatch of coefficients of thermal expansion between the fiber and matrix.  For such a
closed interfacial crack, the near tip stress field has a stronger singularity, i.e., λ > 0.5 [12],
and the classical strain energy release rate becomes unbounded.  Consequently, the intrinsic
interfacial fracture toughness must be measured in terms of the finite extension strain energy
release rate for a critical distance ao.  However, the toughnesses of the two closed cracks with
stronger and weaker singularities, respectively, should not be interchanged.

CONCLUSIONS

The presence of friction on interfacial cracks lying between two dissimilar media may cause
the crack surfaces to close and crack tip stress singularity to become less singular than the
inverse square root singularity. Depending on the loading direction, the contact size may be
extremely small or finite. For the case of small contact zones, the crack tip can be treated
effectively as an open crack and the fracture criterion in terms of total strain energy release
rate and mode mixity can be employed. For the case of finite contact zones, the classical
strain energy release rate vanishes and thus cannot be used as a fracture parameter as in linear
fracture mechanics. A strain energy release rate based on a finite crack extension is shown to
be uniquely related to the neartip stress field and is capable of capturing the intrinsic fracture
toughness of the interfacial crack.
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SUMMARY:   A modeling method that uses finite element analyses together with a
progressive damage model was developed to predict the fracture strength of composite shells
with cut-outs subjected to in-plane tensile loads.  The use of a progressive damage model for
composites involves degrading elastic stiffnesses when material failures are detected.  This
material degradation can cause severe non-convergence difficulties in the solution process of
the finite element analyses.  This problem can prematurely terminate the finite element
analyses and prevent accurate fracture strength predictions, especially for larger panels.  In the
developed modeling method, artificial viscosity was added to an existing material damage
model to overcome the convergence problems.  Fracture strength predictions using this
modeling method compared well with experimental data for both small and large notched
panels.  Furthermore, the developed method was able to overcome convergence problems
using the quasi-static solution procedure.  This characteristic makes the developed modeling
method  much more computationally effective than modeling methods that require dynamic
solution procedures, which are often used to partially treat the non-convergence problems.

KEYWORDS:   damage tolerance, composite progressive failure, finite element modeling,
artificial viscosity.

INTRODUCTION

Predicting notch strengths of composite laminates with cut-outs is an important and difficult
modeling problem that has been studied extensively.  This type of modeling is required to
study the damage tolerance of composite structures such as airplane fuselages and other
composite pressure vessels.  Numerous analytical techniques ranging from semi-empirical
fracture models to comprehensive numerical methods have been proposed [1].  Most existing
modeling methods work well for small coupons, but are not effective for larger panels [2].
Large panels here indicate panels that are wider than ten inches.  Comprehensive numerical
methods are required to study the damage tolerance of structures with multiple failure modes.
For example, there are three failure modes in a damage tolerance study of an airplane
fuselage:  skin fracture, stiffener failures, and skin/stiffener joint failures.

In this study, a modeling method that uses finite element analyses together with a progressive
failure model was developed to simulate failures of large composite panels with cut-outs.
Figure 1 shows the type of geometry and loads to be studied using this modeling method.  In
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this paper, notch strength predictions for flat notched panels under uniaxial tension are
presented.  The materials under consideration here are continuous fiber reinforced composite
systems such as graphite/epoxy.

cut-outcut-out

cut-out

Figure 1:  Geometry and loads to be studied

Modeling failures in composites is difficult for at least two reasons. First, the failure
mechanism is complex.  It involves many failure modes including fiber breakage, matrix
cracking, and shear failures.  These different failure modes cause different types of material
degradation.  In addition, these failure modes interact.  To accurately predict notch strengths,
the material model must capture the relevant and important failure modes and the
corresponding material degradations.  Second, the finite element analyses must overcome
numerical problems caused by the material degradations.  This material nonlinearity in
composites is severe because the fibers, the main load carrying constituent, fail in a brittle
manner.  The brittle fiber failure introduces a singularity in the constitutive relations.  This
singularity can cause serious convergence problems in the nonlinear solution process of the
finite element analyses.  Furthermore, brittle failure is a form of strain softening, which may
cause the results to be mesh sensitive [3].

The first problem, the failure mechanism, has been extensively studied and many composite
progressive failure models have been proposed.  In this study, a composite failure model
recently developed by Shahid and Chang [4] was adopted.  The focus of this study was on the
second problem, for which there is very little reported work.  The goal was to overcome
numerical problems caused by the brittle fiber failure, so that accurate notch strength
predictions could be made.

Although not studied extensively, the non-convergence problem is important to the notch
strength modeling problem, especially for large panels.  In small coupons, accumulated
damage including fiber failure is normally confined to a small area at the notch before final
failure occurs.  However, for large panels, experiments have shown that damage can
accumulate to a substantially larger area before final failure occurs [5].  The extensive damage
could significantly reduce material properties in this area which could potentially cause the
convergence problems. In the small coupon analyses, even if numerical problems prematurely
terminated analyses, notch strength predictions based on maximum analysis loads can often
be made without great loss of accuracy.  This practice will often underpredict notch strengths
of larger panels.  For larger panels, numerical problems due to brittle fiber failures must be
overcome to obtain accurate notch strength predictions.
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NUMERICAL PROBLEMS

The numerical problems that prematurely terminated the finite element analyses include the
non-convergence problem in the Newton-Raphson nonlinear solution scheme in most cases
and floating point problems in a few other cases.  Floating point problems can be cured by
simply degrading stiffnesses to small, but non-zero numbers.  However, the non-convergence
problem is not trivial.  A non-convergence problem is the condition where the solver can not
find an equilibrium solution after several Newton-Raphson iterations inside a load increment,
even after the load increment had been cut back several times.  Note that Arc-length methods
are not solutions to these problems.  All analyses in this study were displacement controlled,
and the displacement boundary condition was defined a-priori to increase monotonically.

The brittle material degradation caused by fiber failures in composite is the main cause of the
convergence problem.  Figure 2 shows this troublesome characteristic in the on-axis stress
and strain behavior of a unidirectional ply subjected to a uniaxial tension load. This abrupt
and total stiffness degradation is a singularity in the constitutive relations.  The brittle
degradation often causes two conditions that can lead to the non-convergence problem:
shocks in the displacement field, and an ill-conditioned consistent tangent stiffness.

εxx

σxx

σxx, εxx

Figure 2:  Abrupt stiffness degradation caused by fiber failure

A displacement field shock is a large and sudden jump in the structure deformation.  This
occurs when the loaded composite laminate adjusts itself to the directional stiffness loss.  This
directional stiffness loss is unique to brittle failures in laminate composites.   For a “strain
driven” finite element analysis, large deformation moves the solution (equilibrium
displacement field) far away from the current displacement field, making it difficult for the
nonlinear solution scheme to converge.

The consistent tangent stiffness is the coefficient matrix in the linear matrix equation used to
advance the solution in the nonlinear solution scheme [6].  When this matrix becomes ill-
conditioned, the solution scheme has more difficulty converging.

In the developed modeling method, an existing composite progressive damage model was
adopted to model the failure response of composite structures, and artificial viscosity was
added to this damage model to overcome the convergence problem.  The following sections
describe the modeling method, a brief description of the composite failure model, and the
artificial viscosity material model.  Notch strength comparisons between experimental data
and model predictions are presented, together with the effects of the artificial viscosity on
fracture strength predictions.
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MODELING METHOD

The commercial finite element code ABAQUS/Standard [7], together with a user defined
material model was used to predict notch strengths of notched composite panels.  ABAQUS
reduced integration layered shell elements S4R and S8R were used.  The loads were uniaxial
tension and were perpendicular to the cut-outs (first problem in figure 1).  The load was
applied quasi-statically by fixing the panel’s bottom side and prescribing a displacement
boundary condition to the top side (displacement control analyses).  The full Newton-
Raphson method (not modified Newton) was used in the nonlinear solution process.  Finite
deformation theory was used since large deformations were anticipated at the notch.

The quasi-static solution procedure makes this modeling method very effective
computationally compares to modeling methods that require dynamic solution procedures.
Although, the notch strength problem is a static problem, dynamic solution procedures are
often used because it can partially improve the convergence characteristic of the analyses.

The composite progressive failure model used in this study was based on a model recently
developed by Shahid and Chang [4], which describes the failure criteria, and degradation
rules.  This material model is a nonlinear elastic model (elastic with damage).  Four failure
modes are considered:  fiber breakage, fiber compression failure, matrix cracking and shear
failure.  Modified Hashin’s failure criteria were used to predict the failure modes [8].  Failures
and damages are tracked in each ply, and ply stiffnesses are reduced based on the cumulative
damage state of the ply. The constitutive relations are as follows:

σxx

σxx

σx

  =
Qxx(d) Qxy(d) 0
Qyx(d) Qyy(d) 0

0 0 Qss(d)

εxx

εyy

γxy

                                       (1)

where d is the material damage state, and Qij are stiffnesses.

The important degradation characteristic is that stiffness degradations are gradual and small
for matrix cracking and shear failure modes, and the degradation is abrupt and total for the
fiber failure modes (see figure 2).  The degradations due to matrix cracking and shear failures
cause no convergence problem in the analyses.  However, the brittle degradation due to fiber
failure can cause severe convergence problem.

To overcome the convergence problem caused by the fiber failure mode, artificial viscosity
was added to the material model.  The added artificial  viscosity acts as a shock absorber and
damps out displacement jumps and discontinuities in the stress and strain fields.  The
viscosity term also adds viscous stiffness to the material, which helps to keep the consistent
tangent matrix from becoming ill-conditioned.  The added viscosity will also help to reduce
the mesh sensitivity problem [3].

The constitutive relations of the progressive damage model with the added artificial viscosity
is as follow:
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b(d)  =  0                                   tf > t > (tf+t0)     
                                                                         (3)

b(d)  =  b0[1- 
(t-tf)

t0
]                  tf < t < (tf+t0)     

where εij  are the strain rates, b0 is the artificial viscosity parameter, tf is the fiber failure time,
and t0 is the viscosity ramp down period.  b0 and t0 are parameters required for the viscous
model.  However, a constant t0 was used in this study so that the viscous model is essentially a
simple one parameter model.  Since the artificial viscosity may add undesirable effects to the
analysis result, this viscosity should be added only when it is needed.  In the current model,
the artificial viscosity is added after the fiber failure mode is detected.   The viscosity  is also
removed slowly over a predetermined period after this fiber failure occurs.

For quasi-static analyses, time in the strain rate equation is directly related to the “load”
progression in the analysis.  For example, if the total displacement boundary condition is
applied at time 1.0, then half of this displacement boundary condition is applied at time 0.5.
Figure 3 shows the effect of the artificial viscosity to the material degradation of a
unidirectional ply subjected to uniaxial load.

εxx

σxx

σxx, εxx
higher viscosity

Figure 3:  Effects of artificial viscosity on the fiber failure mode

The artificial viscosity can change the results of an analysis;  too much viscosity will increase
a structure’s stiffness, and erroneously increase the notch strength prediction.  Thus, it is
important to use enough viscosity to overcome convergence problem, but not too much.  For
this modeling method to work, the problem must have a “proper range” of artificial viscosity.
When using an artificial value in the proper  range, assuming it exists, the artificial viscosity
will be enough to overcome convergence problems, and will not cause error to the strength
prediction.  Figure 4 shows the idea of the “proper viscosity range” in an ideal problem.

The proper  range of artificial viscosity is problem dependent, since the susceptibility of an
analysis to convergence problems and the notch strength prediction depends on the loading,
the geometry, the material, the discretizations, and the solution path.  This means there is no a
priori knowledge of the proper amount of viscosity, and analysis iterations may be required to
obtain a valid notch strength prediction.  Limiting the viscous model to one parameter (b0)
will simplify any required  parametric studies.
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Figure 4:  Proper range of artificial viscosity in an ideal problem

MODEL VERIFICATION

Finite element analyses were performed to validate the developed modeling method for 11
test cases where notch strength experimental data was available.  These test cases included 7
small coupons and 4 large panels.  The small coupon test data was obtained from Sandia
National Laboratories [9].  The large panel test data was obtained from the Boeing Company
[5].  The load in all test cases was uniaxial tension. Table 1 shows the geometry, material, and
lay-up for the test cases.

Table 1. Geometry, material and lay-up of test cases.

w

2a

R

Case w (mm) a (mm) R (mm) Material Lay-up

70B 38.1 6.35 6.35 T800/3900-2 [(45/90/-45/0)2]s

54B 38.1 6.35 6.35 T800/3900-2 [-45/0/45/902/-45/902/45/0]s
76B 38.1 6.35 6.35 T800/3900-2 [45/90/-45/0/±45/90/±45/0/±45]s

70C 38.1 6.35 1.59 T800/3900-2 [(45/90/-45/0)2]s

70E 25.4 9.5 1.59 T800/3900-2 [(45/90/-45/0)2]s

54E 25.4 9.5 1.59 T800/3900-2 [-45/0/45/902/-45/902/45/0]s
76E 25.4 9.5 1.59 T800/3900-2 [45/90/-45/0/±45/90/±45/0/±45]s

P8 914. 102.. 0.89 AS4/938 [±45/90/0/±60/90]s

P9 914 114. 0.89 AS4/938 [±45/0/90/±30/0]s

P12 1524. 152. 0.89 AS4/938 [±45/0/90/±30/0]s

P12
B

1524. 152. 0.89 AS4/938 [±45/90/0/±60/15/90/±60/0/90/±45]
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For comparison, the same analyses were performed using the progressive damage model
without the added artificial viscosity.  Material properties and parameters required for the
composite progressive damage model can be found in reference 4.

Table 2 summarizes notch strength results.  These results show that analyses with and without
artificial viscosity predicted the notch strength of small coupons well.  Analyses without the
viscosity severely underpredicted the notch strength of the large panels.  Notch strength
prediction for large panels using analyses with the viscosity compared well with experimental
data.

Table 2:  Failure load comparison

Test Experimental data (N) Model with viscosity (N) Model w/o viscosity  (N)
70B 45,400 47,200 47,200
54B 31,200 45,000 45,000
76B 50,300 57,000 57,000
70C 44,100 47,200 46,700
70E 16,900 21,500 21,400
54E 13,800 16,500 15,600
76E 25,800 27,100 25,400
P8 347,000 356,000 191,000
P9 316,000 312,000 169,000
P12 601,000 650,000 312,000
P12B 668,000 601,000 245,000

Table 3 shows the effects of artificial viscosity on failure load predictions for seven of the
cases shown above.  These results show that a low level of viscosity was required to
overcome the non-convergence problem, and that failure load predictions were not very
sensitive to the viscosity level.

Table 3:  Effects of artificial viscosity on failure load prediction

analysis 1 analysis 2 analysis 3
Case b0 Failure

load (N)
b0 Failure

load (N)
b0 Failure

load (N)
70B 1.E-5 47,200 1.E-4 47,200 1.E-3 50,700
54B 1.E-6 45,000 1.E-5 45,000 1.E-4 45,000
70C 1.E-5 47,200 1.E-4 48,000 1.E-3 51,200
70E 1.E-6 21,500 1.E-5 21,500 1.E-4 21,500
76E 1.E-6 27,100 1.E-5 27,100 1.E-4 32,000
P8 1.E-4 356,000 1.E-3 356,000 3.E-3 401,000
P9 1.E-4 312,000 1.E-3 334,000 3.E-3 343,000
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CONCLUSION

It has been demonstrated that artificial viscosity can be used to overcome non-convergence
problems caused by brittle fiber failures when modeling composites. A simple artificial
viscosity model along with a modeling method on using this viscous model to predict notch
strengths of composites has been presented. Together with the progressive damage model
developed by Shahid and Chang [4], the developed artificial viscosity modeling method was
successfully used to predict the notch strength of both small and large composites panels
subjected to uniaxial tension load.  The artificial viscosity modeling method allowed accurate
notch strength predictions for large panels, which could not be effectively done previously.

ACKNOWLEDGEMENTS

This work was supported by the U.S. Department of Energy under Contract #DE-AC04-
94AL85000.

REFERENCES

1. J. Awerbuch, and M. S. Madhukar,  “Notched Strength of Composite Laminates:
Predictions and Experiments-- A review”, Journal of Reinforced  Plastics and
Composites, Vol. 4, pp. 1-159, 1985.

2. L. B. Ilcewicz, et. al., “Tension Fracture of Laminates for Transport Fuselage Part 4:
Damage Tolerance Analysis”, Fourth NASA/DoD Advanced Technology Conference,
NASA CP3229, pp. 254-298, 1993.

3. A. Needleman, “Material rate dependence and mesh sensitivity in localization problems”,
Compu. Methods Appl. Mech. Eng., 67, 68-85, 1987.

4. I. Shahid, and F.K. Chang, “An Accumulative Damage Model for Tensile and Shear
Failures of Laminated Composite Plates”, Journal of Composite Materials, Vol. 29, pp.
926-981, 1995.

5. T.H. Walker, et. al., “Tension Fracture of Laminates for Transport Fuselage - Part 2:
Large Notches”, Third NASA Advanced Technology Conference NASA CP 3178, pp.
727-758, 1992.

6. T.J.R. Hughes, Nonlinear Finite Element Methods, Stanford University custom course
materials, Stanford Bookstore, 1996.

7. ABAQUS is a commercial general purpose finite element code, Hibbit, Karlsson &
Sorensen Inc., Pawtucket, Rhode Island, USA, 1994.

8. Z. Hashin, “Failure Criteria for Unidirectional Fiber Composites”, Journal of Applied
Mechanics, 47, pp. 329-334, 1980.

9. W. Lu, and K. Trinh, “An Experimental and Computational Study of Progressive Failure
of Laminated Composites with Cut-outs”, 10th International Conference on Composite
Materials, Whistler, British Columbia, Canada, August 14-18, 1995.



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 405

EFFECT OF STRAIN RATE ON TENSILE FRACTURE
BEHAVIOUR OF FIBRE REINFORCED POLYAMIDE
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SUMMARY:  Tensile testing of four different woven fabric polyamide composites was
performed at various loading rates ranging from 1x10-3 to 3m/s using a servohydraulic testing
apparatus. Two kinds of reinforcements, carbon fibre (CF) and glass fibre (GF), and two
kinds of matrices, polyamide-6 (PA6) and modified polyamide-6 (mPA6), were the
components of the four composites. The results showed that both tensile strength and failure
strain of these composites tend to increase with increase of strain rate except for GF/mPA6
whose tensile strength and failure strain were stabilized at high rates (>1x100 1/s). Fracture
regions of the tested specimens were also observed to study micromechanisms of tensile
failure using a polarized optical microscope. The results showed that in the composites with
mPA6 matrix, extensive microcracking occurred in the matrix regions  prior to the final
failure. Rate effects on the tensile fracture behaviour of  the polyamide composites are
discussed on the basis of these experimental results.

KEYWORDS:  polyamide composites, tensile behaviour, strain rate dependence, high speed
testing

INTRODUCTION

Dynamic tensile testing of continuous fibre reinforced polymer composites has been
performed to characterize the tensile mechanical behaviour of the composites [1-6]. Dynamic
mechanical properties such as elastic modulus, tensile strength and failure strain were
obtained in these studies by using specific high speed tensile testing systems such as a one bar
method [1], split-Hopkinson pressure bar techniques [2-5] and a falling weight impact tester
[6]. Dynamic testing results are sometimes compared with static data obtained by different
tests to study rate effects on the mechanical properties. On the other hand, as one attempt to
extend static test to a higher rate test, Béguelin and Kausch have developed a high speed
testing system using a modified servohydraulic testing machine and an optical extensometer
[7]. They have applied this system to study rate effects on the tensile mechanical behaviour
of polymers in a wide range of loading rates.

In the above studies,  most of the attention  were paid to thermoset matrix composites. With
increasing interests in thermoplastics as matrices for polymer composites, many works have
been carried out to characterize the mechanical behaviour of thermoplastic matrix composites;
however, few attempts have been made to study the dynamic tensile behaviour of the
composites. In the present study, dynamic tensile testing of continuous fibre reinforced
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polyamide composites was carried out by means of the high speed testing system developed
by Béguelin and Kausch, and effects of strain rate on the tensile fracture properties were
investigated. In this paper, the experimental results are presented, and the tensile failure
mechanisms of this type of thermoplastic matrix composites are discussed.

EXPERIMENTAL PROCEDURE

Material and Specimen

Four different polyamide composites were studied in this work. Plain woven fibre cloth made
of carbon fibre (CF) or E-glass fibre (GF) was used as the reinforcement in these composites.
The matrix was polyamide-6 (PA6) or modified polyamide-6 (mPA6). It is known that mPA6
has higher stiffness and strength than PA6. The four composites are  denoted hereafter by
CF/PA6, CF/mPA6, GF/PA6 and GF/mPA6. Thin laminates of 1mm thickness containing six
plies of reinforcements were fabricated for each material. The fibre volume fractions were
56% for CF/PA6 and CF/mPA6, 51% for GF/PA6 and 54 % for GF/mPA6. Tensile specimens
were cut from the laminates, and the direction of the warp threads corresponded with the
tensile loading direction. Specimen geometry is shown in Fig.1.

Testing Apparatus

Tensile testing of the four composites was carried out in a range of loading rate from 1x10-3 to
3 m/s using a servohydraulic testing machine. This apparatus has been modified so as to
reduce dynamic effects at high rates of loading by using a viscoelastic damper in the loading
unit [8]. A piezoelectric load cell was used for the measurement of load in high sensitivity.
Strain was measured by means of an optical extensometer that was designed for the purpose
of dynamic testing [8]. Two optical fibres were placed on specimen surface at an interval of
35 mm as shown in Fig.1, and the tensile deformation of the specimen was evaluated from the
positions of two light points emitted through the optical fibres.

Microscopic Observation

Polarized optical microscopy (POM) was carried out to investigate fracture micromechanisms
of the composites. Longitudinal cross sectional area near failure region was examined by
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POM.  For each of the four composites, a thin sample (about 100 µm thickness) was prepared
from the failure region of a tested specimen by using cutting and polishing technique. The
prepared samples were observed on a polarized optical microscope under transmitted and/or
reflected light.

RESULTS AND DISCUSSION

Tensile Testing

Stress-strain relations of four different polyamide composites obtained at the lowest loading
rate (1x10-3 m/s) are shown in Fig.2. A knee phenomenon was observed for all four
composites. It has been postulated that the nonlinearlity in woven fabric composites is caused
by micromechanical deformations such as shear deformation of the longitudinal threads,
extensional deformation of the matrix regions and transverse cracking of the transverse
threads [9,10].  It is clearly seen from Fig.2  that the nonlinear stress-strain behaviour after
the knee
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point was much larger in the glass fibre composites than that in the carbon fibre composites.
Dependence of the  initial tensile modulus on strain rate is shown in Fig.3.  The tensile moduli
of CF/PA6,  CF/mPA6 and GF/PA6  tended to slightly increase as strain rate increased,  while
the modulus of GF/mPA6 appeared to be insensitive to strain rate.

Dependence of the tensile strength on strain rate is shown in Fig.4. The tensile strength of the
carbon fibre composites increased with increase of strain rate. CF/mPA6 exhibited the highest
tensile strength of all four composites at all strain rates as a result of the combination of high
strength carbon fibre and mPA6 matrix. Thus, the better tensile properties of mPA6 than PA6
was well transferred to this type of composite system. The tensile strength of GF/PA6 also
increased with increase of strain rate. The increase was 54% at the highest rate (4x101 1/s),
while that of CF/PA6 was 28%. It should be noted that the tensile strength of GF/PA6 at the
highest rate was almost equivalent to that of CF/mPA6, which possessed the highest strength
at all rates. On the other hand, the tensile strength of GF/mPA6 increased as strain  rate
increased up to 1x100 1/s  and then  slightly decreased  with increase of strain rate.
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As a result, the strength of GF/mPA6 was equivalent to that of CF/PA6 and higher than that
of GF/PA6 at the lowest rate (1x10-2 1/s) but the least of all four composites at the highest rate
(3x101 1/s).

Dependence of the failure strain on strain rate is shown in Fig.5. The failure strain of the glass
fibre composites was larger than that of the carbon fibre composites as expected because glass
fibre generally shows larger elongation than carbon fibre.  The failure strain of the carbon
fibre composites  slightly increased with increase of strain rate.  The failure strain of GF/PA6,
on the other hand,  increased as strain rate increased, whereas the failure strain of GF/mPA6
increased up to 1x100 1/s and then slightly decreased at higher rates. These strange odd rate
dependencies on the tensile strength and the failure strain of GF/mPA6 appear to be related to
the tensile failure  mechanism of this composite discussed later.

Strain-rate dependence of the absorbed fracture energy is shown in Fig.6. The absorbed
energy was directly estimated by numerical integration of the stress-strain curves. The
absorbed energy for the glass fibre composites was higher than that of the carbon fibre
composites at all strain rates tested, which is ascribed to the larger failure strain of the glass
fibre composites as seen in Fig.5. Values of the absorbed energy for the carbon fibre
composites and GF/PA6 tended to increase with increase of strain rate. However, the rate
dependence for GF/mPA6 was very similar to those of the tensile strength (Fig.4) and the
failure strain (Fig.5). Thus, it appears that the modified polyamide resin mPA6 fulfills its
superior tensile performance as a matrix for carbon fibre composite at all strain rates tested.
On the other hand, mPA6 loses its good function as a matrix for glass fibre composite under
high strain rates (>1x100 1/s).

Fracture Mechanism

Failure regions of the carbon fibre composites at the highest loading rate (3 m/s) are shown in
Fig. 7. For CF/PA6, a relatively straight fracture line perpendicular to the tensile direction
was observed, whereas pull-outs of fibre bundles were significant in CF/mPA6. This tendency
was seen at all the testing rates. Failure regions of the glass fibre composites at the highest
loading rate (3 m/s) observed under transmitted light are shown in Fig.8. Dark regions in
these photographs are thought to correspond to the damages such as matrix cracking,
debonding, interfacial  failure  and  delamination.  More extensive  damage  zone was  clearly
observed  in
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GF/mPA6 than that in GF/PA6. The damage development prior to the final tensile failure of
GF/mPA6 was larger than that of GF/PA6 at all testing rates.

POM photographs of the failure regions of the carbon fibre composites at the highest loading
rate (3 m/s) are shown  in Fig.9. For CF/mPA6, microcracks were formed perpendicular to
the tensile direction and  they were observed in the matrix regions and the transverse threads.
It is also seen that these cracks propagated toward the interface between the longitudinal
threads and the transverse threads.  As a result, interfacial debonding must be generated.    On
the other hand, such kinds of failure modes were not observed in CF/PA6. POM photographs
of the failure regions of the glass fibre composites generated at the highest loading rate (3
m/s) are shown in Fig.10. For GF/mPA6, extensive microcracks were observed in both the
matrix regions and the transverse threads. Interfacial debonding and delamination were also
seen in GF/mPA6.  For GF/PA6, only a few cracks were initiated at the fracture point.   At all
the loading rates,  microdamage formation was observed  in both the carbon  and the glass
fibre composites with mPA6 matrix. Thus, the modified polyamide composites tended to
generate microcracking in the matrix regions and also in the transverse threads under tensile
loading condition. This may be related to the brittleness of mPA6. As seen in Figs.4, 5 and 6,
the tensile failure properties of the carbon fibre  composites could be improved by using
mPA6 as a matrix at any testing rates. It is therefore considered that the microdamages
observed in CF/mPA6 (Fig.9 (b)) did not affect the tensile fracture properties. On the other
hand, in the case of GF/mPA6 (Fig.10 (b)), extensive microcracking occurred prior to the
final failure and it prevented the increase of the tensile strength under  high strain rates
(>1x100 1/s), although GF/mPA6 showed better tensile performance at low loading rates
(<1x100 1/s).

CONCLUSIONS

Tensile fracture properties of four different polyamide composites were studied at loading
rates from 1x10-3 to 3 m/s using a high speed tensile testing apparatus. Carbon fibre
composite with modified polyamide-6 matrix showed better tensile performance at all testing
rates than carbon fibre composite with polyamide-6 matrix. Tensile mechanical properties
such as tensile strength, failure strain and absorbed failure energy for both the carbon fibre
composites tended to increase with increase of strain rate. Glass fibre composite with
polyamide-6 matrix showed superior tensile performance especially at higher strain rates. The
tensile mechanical properties of this composite dramatically increased as strain rate increased.
On the other hand, the tensile mechanical properties of glass fibre composite with modified
polyamide-6 matrix increased as strain rate increased up to 1x100 1/s and then slightly
decreased at higher strain rates (>1x100 1/s). As a result, the mechanical properties of the
modified composite were higher than those of the unmodified composite at low rates (<1x100

1/s).  However, the relation was reversed at higher rates (>1x100 1/s). Extensive microdamage
formation observed in the modified composite was related to this kind of rate dependence.
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IMPROVING  OF  THE  FRACTURE  TOUGHNESS OF
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SUMMARY:  Metal matrix composites of QE22 magnesium alloy reinforced with SiC
particles of different shapes were produced using powder metallurgical technique. Particle
content of up to 25 volume per cent  was chosen. The fracture toughness tests were carried out
at room temperature and at 125°C in the as extruded  as well as in the T6 heat treated
condition. The reinforcement decreases in general the fracture toughness of the alloy QE22.
Sharp irregular SiC particles reduce the fracture toughness of composites more than that of
the blocky type. This was observed for composites tested under all experimental conditions.

KEYWORDS:   fracture toughness, magnesium alloy, SiC particles, powder metallurgical
technique

INTRODUCTION

Light  metal  matrix  composites  offer  higher specific strength, higher  elastic moduli,wider
temperature range for application and lower thermal expansion than conventional light metals
and alloys. These can be exploited by designers seeking high temperature strength,
dimentional stability and light weight. Although  aluminium and its alloys  have been
frequently used as  the light metal for the matrix of MMCs, magnesium alloys  with a much
lower density have recently been considered  as  an  alternative  to Al  for the matrix [1-3].
Incorporation of ceramic reinforcements into a light metals matrix enhances markedly the
physical and mechanical properties of these metals, but the composites exhibit low fracture-
related properties, which  limit  their widerspread application [4-6]. Therefore, the fracture
toughness behaviour  of metal matrix composites has  been the  subject of  the  recent studies
[7,8]. The examination of the effect of the particles shape and content on the fracture
toughness of a magnesium alloy, QE22, which is a heat treatable and relatively temperature
resistant magnesium alloy was the main objective of the present work.

TEST PROCEDURE

Powder metallurgical technique was  used to produce metal  matrix composites. For the
matrix  QE22  magnesium alloy powder of  39 µm average  diameter was prepared  by  gas
atomizing. The  alloy  powder was mixed with SiC particles of 9 µm average diameter. The
consolidation of the cold prepressed alloy powder-particle mixture was carried out by
extrusion. Two types of particle shapes, blocky and sharp, were used to examine the effect of
the particle shape on the mechanical properties of  composites. The content of SiC particles
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reinforcement was in all cases 25 volume per cent. Unreinforced QE22 magnesium alloy
powder was consolidated under the same conditions for use as a reference  material to
compare the mechanical properties. Examination of the unreinforced alloy and composites
were  carried out on samples in the as extruded as well as in the T6 condition. For the T6 heat
treatment the specimens were solution  treated at 530°C for 6 h followed by air cooling and
ageing for 8h at 204°C. The microstructures of alloy and composites were examined by light
microscopy. Fracture toughness tests were carried out at room and elevated temperature using
the short rod specimen method of measuring  fracture toughness [ 8-10 ]. The fracture
surfaces of the tested specimens were  examined in the scanning electron microscope.

RESULTS AND DISCUSSION

The  micrographs of the figures 1 and 2 show the microstructures of the materials tested.
Figure 1 shows the particle distribution for composites of 20 volume per cent of blocky and
sharp particles respectively. The SiC particles are aligned  in the extrusion direction. The
microstructure of the matrix alloy of the composite contains much finer  precipitates than  the
unreinforced QE22, ( Fig. 2a ). A comparison of  the microstructure of the composite in the
extruded and in the T6 condition indicates that the particles facilitated the precipitation of the
second  phase, which  may be Mg12Nd  or  Mg12 Nd2Ag, ( Fig. 2b ) [ 11-14].

                                          a.                                                        b.

Fig. 1:  Microstructure of  extruded QE22 + 20 vol. % SiC composites.
a) Blocky shape particles,  b) Sharp shape particles.
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                              a.                                                           b.

Fig. 2:  Microstructure of  QE22 + 20 vol. % SiC  composites
a) as extruded,   b) as T6  heat  treated condition.

The fracture toughness tests of materials in extruded condition were carried out at room
temperature and at 125°C, as well as in the T6 heat treated condition. Figure 3 shows the
results of fracture toughness of unreinforced and composites  reinforced by SiC  particles of
blocky type. The fracture toughness values of composites decrease with increasing content of
the reinforcement  independently of test  conditions. However, the T6  heat treated composites
reveal lower fracture toughness compared with those extruded. The results of fracture
toughness values of specimens carried out at 125°C were higher than those tested at room
temperature.

Fig. 3:  Showing the results of  fracture toughness tests on QE22  alloy  and composites with
blocky type SiC particles

Figure 4 shows the results of fracture toughness of composites reinforced by SiC particles of
the sharp type. The fracture toughness values of composites were lower compared with the
unreinforced alloy. The fracture toughness values of composites reinforced by the SiC
particles of the sharp type show little change with increasing content of particles. These
unexpected results may be due to proper distribution of the particles in the matrix alloy and
the production procedure as a whole.The differences between the fracture toughness values of
these composites in the as extruded as well as T6 condition  were not as much  observed as by
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composites with SiC particles of blocky type. Nevertheless, composites with SiC  Particles of
the blocky type  show higher  fracture  toughnesses over  the   whole  particle content  range
than  those of  sharp  type, ( Fig. 5 ).

Sic Particle Content (Vol.), Sharp Type

Fig. 4:  Showing the results of  fracture toughness tests on QE22 allow and composites with
sharp type SiC particles

Sic Particle Content (Vol. %)

Fig.5:  The effect of particle shape on fracture toughness values of composites at RT .

The fractograph of the fracture surfaces of composites showed a prefentially oriented fracture
plane in the extrution  direction ( Fig. 6 ). In addition  the fracture  surface  of composites
revealed mainly a brittle fracture appearance.  Occationally some dimples like ductile fracture
around the particles and frequently in the form of the elongated dimples in the extrusion
direction on the plane perpendicular to the fracture surface were observed  ( Figs. 7, 8 ). The
micrographs of figure 1 indicate on proper distribution of the reinforcement but sometimes
clustering  of  the  particles  due  to poor mixture of  alloy  powder and  particles was
observed ( Fig. 8 ). This may be one reason for the scatter of the results.
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Fig. 6:  A  fractograph  of  the  short rod   specimen  of  the   composites  with  20 vol. % SiC
particles ( blocky type )

Fig. 7:   Showing the fracture surface of a composite tested with some elongated dimples
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Fig. 8:  Showing an example of  SiC particles  clustering  and  dimple  like  fracture  around
some particles

CONCLUSION

1. The QE22 magnesium  alloy may be reinforced using powder metallurgical technique
by SiC  particles of blocky and sharp shapes.

2. As a result of production route  the composites show  directionally oriented
microstructures in the extrusion direction.

3. The SiC particles are responsible for the fine  microstructure in composites and
facilitate the precipitation of the second phase on T6 heat treatment.

4. The fracture toughness of  the QE22 alloy  decreases  with  the  SiC  particle
reinforcement. However, the decrease  in fracture  toughness depends on  the  particle
shape  and  content.  The fracture toughness  of  the  composites  as  improved   more  in
the case of blocky type particles as reinforcement than for the sharp particles.

5. T6 heat treatment of the composites causes additional embrittlement of the composites.

6. The particles  facilitate  crack  formation  on loading. This may be confirmed by the
effect of particle shape on fracture toughness of tested composites.
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INTERFACE MODELLING IN LAMINATE
COMPOSITES FOR FREE-EDGE EFFECTS ANALYSIS

Mohamed Haboussi, Hélène Dumontet, Jean Louis Billöet
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ENSAM/UPMC/ENS Cachan, 151 Bd. de l'Hôpital 75013 Paris

SUMMARY:  Two interface models based on physical considerations are suggested and used
to analyse the free-edge effects in unidirectional multi-layered composites. These models
question the pertinence of the classical perfect interface model to represent the interface
physical reality. The first model is transition spatial evolution behavior law defined for an
interlayer according to the laying direction. It is based on a microscopic analysis of the fiber
distribution in the interface vicinity between two layers. The numerical simulation of this
model gives exact stress tensor in all the laminate, especially the values of the interlaminar
stresses which verify exactly the free-edge conditions. The second model is an interface law
defined on material surface, resulting from the resolution of a problem to the limits on the
interlayer, simulating a very thin flexible layer. This model also gives no singular free-edge
interlaminar stresses.

KEYWORDS:  unidirectional laminates, free-edge effects, transition behavior law, wall
effect, asymptotic expansion method, material surface law, singular interlaminar stresses

INTRODUCTION

The idea that the quality of a composite does not depend only on the nature and properties of
its constituents but also of their binding region is now known [1]. Many samples exist where
the interface modelling wake has been considered responsible for real or supposed
miscalculations [2,3]. Enhancing the interfacial region analysis is not a simple task, as this
zone does not exist itself, it is formed during the material manufacture [4]. Thus, some
unidirectional thermodurcissable laminate processes like RTM, induce microscopic scale
changes, that manifest by resin focusing at the interface. This focusing is due notably to
specific fiber distribution at the interface vicinity, generated by "the wall effect", introduced
by Billöet for laminate composites [5], Fig. 1.

The aim of this work is to investigate the influence of a refined interfacial regional description
on free edge effect and to compare this approach with classical methods of analysis.

Usually, at the free-edge vicinity of a laminate plate, a complex 3D state stresses is observed,
presenting an important concentration effect, able to provoke delamination failures. The
classical theories or the piece wise approach do not reveal this state of stresses, many
structural free-edge effect developments have been then proposed these last years, [6]. In
these models, the interlaminar interface is commonly assimilated to a perfect surface, or
sometimes to a very thin layer of an adhesive material, [7]. These approaches, after
simulation, generate singular free-edge interlaminar stresses. These singularities create
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difficulties in the application of onset delamination criteria, as they overestimate the physical
interlaminar stresses, [8].

In this work, we start by setting a transition behavior model for the interface region or the
interlayer. This model constitutes the essence of our approach. The evolutive law has
therefore been served in a 3D finite element tensile test simulation of a (0°,90°)s laminate.
Comparisons with classical results show that our approach allows the best perception of the
stresses in the totality of the composite laminate, especially at the free edge.

This approach presents the inconvenient of being numerically expensive and badly adapted to
the study of any multi-layer containing several interfaces. We have therefore decided to
develop an interface law defined on a material surface, translating the evolutive continue
behavior of the interface region to render our approach more profitable. In order to achieve
this, we have used the asymptotic expansion method where the interface thickness constitutes
the small parameter of the problem.

We obtain a first interface law, asymptotically equivalent, to transmission conditions through
a thin interlayer, relating by stiffness the stresses interface vector to the displacement jumps.
Note that, we have mathematically obtained the supposed imperfect interface model proposed
in [3].

Several basic numerical tests have permitted the theoretical validation of the interface law.
The interlayer was successively discretized for different values of its thickness. The numerical
stiffnesses values converge when the thickness decreases towards the theoretical values given
by the interface law.

Furthermore, the interface law is implemented in the industrial finite element software
ABAQUS. Different tests validate the interface card implementation and show its capacity to
restore the stress and the displacement vector at the interface correctly.  Finally, this law has
been used to analyse the free-edge effects in (0°/90°)s laminate in extension, presenting a very
thin flexible interface, representing an adhesive material.

INTERLAYER TRANSITION NOTION

The classical piecewise approach that averages the behavior in the thickness of each layer and
assimilates the interfacial region as a perfect adherence surface is only an approximation of
the reality. Indeed, the interface, which is the area separating two layers, is a layer of very
weak thickness, Fig. 1.

This layer is constituted in part of resin in the case of organic matrix laminates, with a specific
fiber distribution.

So, to describe more clearly the interlaminar unidirectional laminate interface, we propose a
model that takes into account the three dimensional and heterogeneous nature of the interface.
This model is based on the wall effect notion, a classical notion in granular mechanics [10].
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Fig.1: Laminate micrographic section (S. I. Anderson and K. Nielsen, ECCM 5 1992)

Wall Effect Comments

The wall effect allows us to demonstrate the fiber specific spatial distribution in the vicinity of
a contact surface. In the case of a laminate, the contact surface can be a layer whose
reinforcements are oriented differently to the studied layer or the composite fabric mould
wall.

Let Ω' be a longitudinal surface of a layer, parallel to the wall Ω, Fig. 2. In full mass, by unit
area of this surface Ω', the fiber section area Sf and the resin one Sr are in the same proportion
as the volume rates (Sf + Sr = Vf + Vr = 1).

If Ω' and Ω are too close in comparison with the fiber diameter, the surface fiber fraction Sf

becomes insignificant compared to the resin fraction Sr (Sf<<Sr).

Ω ï 

Ω V 

x 
3 

h 
t 

= f 

V 
f 

F , ( ) V 
f 

stochastic distribution 
of fibers wall effect 

wall
f 

Φ 

Fig. 2: Definition of the wall effect and the transition area

In contact with the wall, by a geometrical effect, the layer enriches in resin and sufficiently far
from the wall by a distance equal to the fiber diameter Φf, we find the full mass composition,
the fiber rate is then equal to its average value   V f . This description explains for example the
external appearance of the moulding manufactured composite.
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Transition Behavior Law

Fig. 3: Fiber rate distribution along  the thickness
V f = 50% , Φ f = 20µ m ( ) 

      

V f 

Φ 
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V 
f 

x 3 

 Fig. 4: Theoretical evolution of Vf

The study of volume fraction of the resin is based on the definition of a representative volume
(or slice) of a periodic fiber arrangement whose width corresponds to the periodicity.

Therefore, we quantify the volume fraction of the fibers in the region situated between the
plan Ω' and the wall Ω. We show that the distribution according to x3 depends, for a given
arrangement, on the diameter and the average volume rate of the fibers in the layer.

The curve, Fig. 3, represents this distribution in the case of an hexagonal fiber arrangement. In
numerical simulations, we have retained an evolutive fiber distribution in a reduced zone
whose thickness is equal to the fiber diameter, Fig. 4.

The elasticity tensor of the transition region, 
C ijkl , is then obtained by a classical

homogenisation technique [9]. It appears as a function of x3 due to the x3 evolution fiber rate,
linking up with the behaviors of the adjacent layers , Fig. 5.
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Fig. 5: Evolutive behavior law
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NUMERICAL STUDY

The laminate studied is made of 4 elementary unidirectional layers, (0°,90°)s, with the same
thickness, h, Fig. 6. The layers are transversely isotropic with the following characteristics :

E11 = 38250 MPa ; E22 = E33 = 9200 MPa
G23 = 3135 MPa ; G13 = G12 = 3770 MPa ; ν12 = ν13 = 0.325

90Á 

2b=16h

h 
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x 2 
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displacement along x
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0Á
90Á 
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x 
2 

Fig.6 a: Laminate plate (0°,90°)s                         Fig. 6 b: F. E. modelized part

A refined meshing of the plate has been implemented, Fig. 7, using quadratic 20 nodes solid
finite elements listed C3D20 on the industrial software ABAQUS.

Fig. 7: F. E. meshing

It contains 1200 elements and 26259 degrees of freedom. This specific element permits the
introduction of an evolutive law on the thickness.

Two numerical simulation types have been carried out :
- the first corresponds to the classical perfect piecewise approach of the interface, without a

transition law, referenced "SLT".
- the second corresponds to the proposed model and takes into account the evolutive

transition law identified previously, referenced "LTE".
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Fig. 8: σ33  along the interface with an expansion at the vicinity of the free edge

Fig. 9: σ23 along the interface with an expansion at the vicinity of the free edge

The results in figures 8, 9, 10 and the expansions associated, show the concentration effect
expected of the stresses at the intersection of the free edge and the interface. On the other
hand, successive meshing refinements at the interface and the free edge vicinity show the non
singular and singular character of the free-edge interlaminar stresses respectively, when using
a continuous evolutive behavior interface law and conditions of a classical perfect interface.

So, the taking into account of the fiber specific distribution in the vicinity of the interface
leads to more physical stresses [12], which are more appropriate for delamination onset
criteria applications.

In addition, this approach allows us to consider a resin interlayer met in some injection
manufacturing processes (RTM). Similarly, the existence of transition film at the composite
periphery during their manufacturing with kit under pressure can be simulated.

These numerical calculations, undertaken in ABAQUS, have needed a very thin discretization
of the interface region. Nevertheless, it is necessary to note that the cost of this approach
render it badly adapted to the study of any industrial multilayer; this is why, we have decided
to develop a simplified transition element, so as to integrate them in a more industrial
meshing, making the approach numerically profitable.
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Thus, a first interface model based on asymptotic calculations is established. It permits us to
substitute this interlayer discretization for an interfacial law defined on a material surface
without thickness. Its numerical implementation in an industrial software code resulted to a
representative interface card of a transition layer composed by an adhesive material.

Fig. 10: σ33  along the free edge (x2=0)

ASYMPTOTIC INTERFACE LAWS

Using asymptotic development, we seek to replace the very thin interlayer behavior law given
in Fig. 5. To make matters simpler, we assume, that it concerns a linear elastic behavior per
part that connects with the adjacent layers behavior :

  C r ijkl  represents the elasticity tensor of the resin.   e  is a dimensionaless number less than 1.   l  is a
length equal thereafter to 1, which will not affect the general character of the statement. More
flexible than the adjacent layers, the interfacial region behavior and particularly the resin one
is a function of its dimensionaless thickness :
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The typical studied tensor is then an orthotropic rigidity tensor, function of the expanded
variable   y 3 = x 3 / e , the reduced thickness   e  and a real power value   m .

We use the asymptotic expansion that consists to research displacements and stresses in the
interlayer function of the small parameter   e  ' under the form :

  

e U x 1 , x 2 , x 3 ( ) = U 0 x 1 , x 2 , y 3 ( ) + eU1 x 1 , x 2 , y 3 ( ) + o ( e 2 ) 

e σ x 1 , x 2 , x 3 ( ) = e n 0 σ n 0 x 1 , x 2 , y 3 ( ) + e n 0 + 1 σ n 0 + 1 x 1 , x 2 , y 3 ( ) + o ( e n 0 + 2 ) 
(5)

  n 0  depending on m value.

Displacement and stresses   ( 
e U , e 

σ )  are solutions of a classical problem with perfect
adhesion conditions on the interfaces I+ et I- between the interlayer and the adjacent layers.
To this problem, we add a "non-interpenetrability" physical condition :

e U ( x 3 − ξ e ) − e U ( x 3 ) 3 − ξ e       − 
e 

2 l 
≤ x 3 ≤ 0     0 ≤ ξ ≤ 1 

(6)

By replacing (4) in these equations, we obtain succession balance equations corresponding to
the development orders. At the first order, the resolution of the problem provides the
following interface law asymptotically equivalent to transmission conditions through a very
thin layer, whose behavior is given by (3).

Mechanical interpretation of the interface law :

When m<1, a case corresponding either to quite flexible or rigid layer, we find perfect
transmission conditions.
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When m3 1,a case corresponding to a flexible or a very flexible layer, we obtain interface
conditions that permit sliding and decohesion, the stiffnesses (k1,k2,k3) being respectively the
coefficients of elastic sliding and decohesion.

- when these coefficients take infinite values, we find again the transmission law of
perfect interface, m<1.

- when they take zero values, the interface does not ensure its binding function

(stresses transmission at the interface, σ 0 = 0 , m �1 ).
- when k1, k2 and k3 take intermediate values, the interface is elastic.
- when the normal stress   σ 33 is negative (crushing), the relation (8) imposes the

normal displacement continuity, according to the laying direction.

The interface region plays a role in the global composite system resistance through stiffnesses
k1, k2 and k3, which control the transfer level of stresses.

NUMERICAL LAW INTERFACE TREATMENT

In this paragraph, we are going to show that previously established interface conditions can be
implemented in an industrial software ABAQUS.

- Elementary tests are first undertaken to validate both the interface law on the
theoretical aspect and its implementation.

- The interface card has then been used to analyse the influence of a thin flexible
interlayer on laminate free-edge effects.

Plane strain elementary tensile test :

The test structure is an isotropic plate with an isotropic flexible behavior interlayer, (m=1),
submitting to a tension displacement loading, Fig. 11.

U = 1  µ m 

E = 69 GPa  

ν   = 0.33

x 
2 

x 
1 

2 

E = 2eE 

ν   = ν     
c 

c 

U = 1  µ m 

Fig. 11: Elementary test Fig. 12: Normal stiffness (MPa/mm)

A first interface law validation can be made by comparison between explicit stiffnesses
obtained analytically by formula (7) to stiffnesses obtained numerically equal to the ratio
between the interlayer stresses and the jump displacements, for different decreasing small
thickness values. We note that for sufficiently thin thickness, the numerical normal stiffness
converges towards the explicit one, Fig. 12. For this simple tensile test sample, it is not
possible to obtain numerically the tangential stiffness by discretizing the interlayer, because
the sliding and the shear stress vanish in this case.
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To see if the interface law correctly restore the stresses and displacements at the interlayer, we
have replaced the interlayer by a material surface where we have traduced the interface law
using an interface card, elaborating by associating two finite elements in ABAQUS ; a spring
finite element, and a contact finite element insuring the "non-interpenetrability" condition and
authorising the weak sliding.

We can thus verify in figures 13 and 14, for example, that the interface card, whose results are
referenced as "CI", restore the interlayer lateral displacement and the shear stress well that
naturally tends to zero in this case.

Fig. 13: Interlayer lateral displacement               Fig. 14: Interlayer shear stress

Since the law and its implementation are validated, we have then used it to simulate the free-
edge effects in a laminate, presenting a thin flexible interlayer.

Tensile test of a (0°/90°)s laminate composite

Fig. 15: Interlaminar stresses at the free-edge       Fig. 16: σ33 distribution along the free edge
                                       Vicinity

For this study, we use the same geometrical and mechanical characteristics of the (0°,90°)s

laminate used previously.
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The first important test result undertaken in this part of the work shows that the stresses
obtained by the interface card, with a certain degree of approximation representative of a
flexible thin layer, are not singular, Fig. 15. These stresses have the same magnitude as the
stresses obtained before using a transition evolutive behavior law.

Nevertheless, in Fig. 16, a loss of the free-edge stress gradient intensity can be seen. This can
be explained by the flexible character of the interface, whose stiffnesses here correspond to
those of pure resin. This is not the case for the evolutive behavior.

In conclusion, the established interface law is representative of a very thin flexible layer. It is
defined on material surface and allows us to undertake numerical simulations of thin and
flexible layer cheaply. Now, we are working on the global evolutive behavior tensor to
establish a representative surface material interface law.
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SUMMARY : A ceramic plate is often added to the surface of the polymer composite backing
in order to create a mechanism to destroy the projectile and spread the impact energy. In order
to lessen the weight of the hard ceramic face plate and introduce additional energy dissipation
and defeating mechanisms, a Gradient Design Composite (GDC) was developed; Ceramic
spheres are embedded in a matrix to form a face component while the backing plate is
composed of Spectra Shield® composite.

The ceramic spheres have the capability of defeating the projectile similar to ceramic plate.
The ballistic limit of a GDC composite is a function of sphere size. The bigger the sphere, the
bigger the penetration hole, thus improve the ballistic performance by having more backing
materials to participate in absorbing the kinetic energy. Visual examination of the
experimental panel shows that the backing material have gone through severe delamination
and out-of-plane deformation.

KEYWORDS:  composite armor, gradient design concept, small arms body armor

INTRODUCTION

Composite materials have been used successfully as a light weight material for many
protective applications under low and high velocity impacts. By proper selection of material
systems and design of fiber architecture, it has been shown that a high level of damage
containment can be achieved as demonstrated in a compression after impact test [1]. As the
velocity of impact and the nature of the impactor changes, as in the case of a very high
velocity projectile( ~ 3000 ft/s.), a ceramic plate is often added to the surface of the polymer
composite backing in order to create a mechanism to destroy the projectile and spread the
impact energy over a wide area on the backing plate. Current small arms protective body
armor systems used in the U.S. Army frequently consist of a ceramic face backed by fiber
reinforced composite. These body armors is used to protect effectively against threats such as
.30 caliber type bullets which have a higher and more concentrated energy impact than
fragments. In order to lessen the weight of the hard ceramic face plate and introduce
additional energy dissipation and defeating mechanisms against the projectile, a Gradient
Design Composite (GDC) was developed by a combination of material and geometric
hybrid [2].
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The Gradient Design Composite - GDC (Fig. 1) is a design concept wherein the material
system consists of a harden component, an energy dissipation component and a damage
containment component which are organized according to a gradient of varying functions.
Ceramic spheres of various sizes are embedded in a matrix of appropriate rigidity to form a
face component. The backing plate is composed of fiber reinforced composite with various
levels of structural integration.

Fig. 1:  Gradient design concept for multifunctional ballistic composites

The goal of a recent study [3] was to verify the ballistic protection of Gradient Design
Composite (GDC) consist of aluminum oxide ceramic spheres as a hard/facing layer and
Spectra Shield® as a backing layer. The target zone for armor protection was: areal density
between 6.0 to 10.0 lb/ft2 and Ballistic protection based on “Military Standard V50 Ballistic
Test for Armor, MIL-STD-662E” of 3000-4000 ft/s.

EXPERIMENTAL WORK

Experimental Design

The experimental design of the research program was aimed to verify the ballistic protection
performance of the GDC with areal density between 6.0 to 10.0 lb/ft2. A two layer composite
armor of a ceramic sphere layer bonded by epoxy and a Spectra Shield backing could be
designed with various sphere sizes and thickness of ceramic layer and backing plate offering a
range of protection levels. An analytical model developed by Florence [4], was modified and
employed for predicting ballistic limit velocities in the experimental design stage.

V50 = [σο ε Hb π R2 (1 + ψ) / 0.91mp] 1/2

where, the values used in the computations were the following
V50: the ballistic limit of the armor

σο: the ultimate tensile strength of the backing plate, 3.0 x 109 Pa (Spectra® 1000 fiber tensile
strength was used in calculation for estimation of an ultimate strength of Spectra
Shield® backing plate.)

ε: the rupture strain of the backing plate, 3.4% (Spectra“ 1000 fiber breaking elongation was
used in the calculation)

Hc, Hb: the thickness of the ceramic tile and back-up plate, respectively.

Multiaxial linear systems maximizing
strength and energy absorption

Hardened layer with spheres for destroying the
projectile tip and creating a greater surface area
to contact the plate - rapidly dispersing the
energy
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ρc, ρb: densities of ceramics and backing composite materials, respectively; 2610 kg/m3 for
aluminum oxide sphere layer, 3400 kg/m3 for ceramic tile and 1000 kg/m3 for Spectra
backing layer

mp: the projectile mass.
mt: the mass of the target involved in the penetration, varies depending on the thickness of the

two layers process, mt=πR2 (ρcHc +ρbHb)

ψ: the ratio of mt/mp
R: the radius of the zone of the target affected by the impact
r: the projectile radius, 3.81 mm.

A constant impact target zone of R=17.5 mm was used for all the experimental panels. This
value is based on previous test information [2]. Fig. 1 shows predicted V50 as function of the
weight of the experimental panels.  The panels with areal density below 6.0 lb/ft2 were added
to evaluate the backing (Spectra Shield®) only. The experimental panels with areal density
above 10.0 lb/ft2 were added to allow investigation of 3 layer sphere structures. Table 1
provides detailed description and predicted performance of the experimental panels. Spectra
Shield® layers varied from 105 to 145. One, two, and there layers of ceramic spheres were
used while two sizes of spheres: 7/32” or 1/2”. The V50 performance of the panels were
predicted to be from around 3000 to 4000 ft/s based on Florence’s model [4] in which the
value of R, the radius of the target zone affected by the projectile, used was 17.5 mm for all
the experimental panels.

Materials and Panel Fabrication

Spectra Shield® was provided in roll form [0/90], 54” wide, weighing 3.8 oz/yd2 or 0.027
lb/ft2 per ply. The Spectra Shield® prepregs were prepared with Kraton thermoplastic resin,
which is a copolymer of styrene and butadiene produced by Shell.
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Fig. 2:  Experimental panels - predicted V50 vs. areal density

Target Zone
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Table 1:  Experimental panels - predicted performance

Panel No. No. of Layers Predicted Performance
Spectra Shield Spheres (7/32”)Areal Density (lb/ft2) V50 (ft/s)

1- 3 145 0 3.991 2923
4 - 6 105 1 5.855 2859
7 - 9 125 1 6.405 3229
10 145 1 6.956 3593
13 105 2 8.82 3367

16-17 125 2 9.37 3768
22 - 23 105 1 (1/2”) 9.667 3499

27 105 3 11.785 3808

A specially designed steel mold was used to make 12”x12” ballistic testing samples. Dake
Hot Press was used for hot pressing the prepregs. Thermocouples were used to monitor the
temperature of the upper and lower platens and  Frekote 700-NC releasing agent by The
Dexter Corporation was used for mold release.

The Spectra Shield® prepregs were stacked to desired number of layers/total areal density
using the following empirical equations

Thickness of the panel(in) = N (# of plies) x 0.0053 (in, thickness/ply)                      (2)

Areal Density (lb/ft2)= 4.9 x thickness of the panel (in)                                       (3)

The layers were placed into the hot mold (125°C ) for 20 minutes under constant press of 125
Psi, and observe the temperature of the filled mold maintained at 120°C. Then the panel was
let to cool down to 100°C under pressure and removed from the mold.

Processing of the Sphere/Hard Facing Layer

As mentioned before, in order to see the effect of aluminum oxide spheres size as hard facing
plate, two  sizes were selected: 7/32” and 1/2”, these spheres were fabricated into 1,2 or 3
layers. Fig 3. shows the arrangement of 7/32” ceramic spheres. In the case of 1/2” spheres
(panel No. 22 and 23), in order to fill the gaps between the spheres a smaller size (1/8”)
spheres were added as filler as seen in Fig. 4. The spheres were bonded to each other as well
as to the backing material by epoxy (Shell Epon Resin 828 and Shell Epi-Cure 3282). The
spheres and epoxy were placed on the bottom of the mold, and then the spheres were evenly
arranged and distributed to maximize the packaging density inside the mold. At this stage, a
Spectra Shield Panel made by hot press was placed into the mold on top of the sphere
mixture. Then the mold was closed, and placed on the press for curing under pressure of 500
Psi. To get the desired mechanical properties, all the assembled armors were post cured under
100°C for 2 hours.
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Fig. 3:  Arrangement of 7/32” ceramic
spheres

Fig. 4:  1/2” spheres and 1/8” spheres as
filler

Panel Properties

Table 2 list the structure and physical properties of the experimental samples that were made
for the study.

Table 2:  Experimental panels - structure and physical properties

Panel
No.

Spectra
Layer

Spheres
layer/size

Spectra
Thickness

(in)

Spheres
Thickness

(in)

Total
Thickness

(in)

Spectra
Weight

(lb)

Spheres
Weight

(lb)

Total
Weight

(lb)
1 145 0 0.833 - 0.833 3.950 - 3.950
4 105 1/ 7/32” 0.602 0.228 0.831 2.838 3.084 5.92
7 125 1/ 7/32” 0.722 0.227 0.949 3.418 3.088 6.51
10 145 1/ 7/32” 0.838 0.226 1.064 3.975 3.125 7.10
13 105 2/ 7/32” 0.603 0.439 1.042 2.860 5.556 8.416
16 125 2/ 7/32” 0.720 0.452 1.171 3.419 5.446 8.87
23 105 1/ 1/2” 0.607 0.541 1.147 2.885 7.085 9.97
27 105 3/ 7/32” 0.603 0.755 1.358 2.877 8.509 11.386

RESULTS AND DISCUSSIONS

Ballistic Testing

Ballistic testing were carried out at H. P. White Laboratory, Inc. in accordance with the
“Military Standard V50 Ballistic Test for Armor, MIL-STD-662E”. The projectile used for
the testing was 7.62 mm M60 Ball type with a lead core encased in a brass jacket. The
projectile weighs about 7 to 9 grams. The exact type and weight of the projectile are
proprietary information.

A machine gun was used for the firing. The samples were rigidly mounted by heavy duty
clamps with the area of impact normal to the line of fire. A witness plate made of 0.002” thick
aluminum sheet was located 6 inch behind and parallel to the test sample. Four electronic
counter type chronograph measuring devices were used to measure the velocity of the
projectile.

One to four shots were fired on each sample. The location of the next shot was selected upon
inspecting the target after the previous shot. The normal up-and-down firing procedure was
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used. In this study, the ballistic limit V50 is defined as the average of the highest partial
penetration velocity and the lowest complete penetration velocity.  Table 3 shows the results
obtained in the ballistic testing.

In the case of Panel No. 10, and 27, the V50 values were incalculated due to a missing data:
either partial penetration or complete penetration information was unavailable. In these cases
the high partial or the low complete projectile velocity were chosen to represent the ballistic
performance of the experimental panel. Fig. 5 shows the ballistic performance of the GDC
panels.

Table 3:  Summary of ballistic testing results

Panel No. Spectra
Layer

Spheres
layer/size

Average
Thickness

(in)

Average
Weight

(lb)

Number
of Shots

V50 High
Partial

Low
Complete

1,2,3 145 0 0.839 3.95 6 2456 2372 2551
4,5,6 105 1/ 7/32” 0.835 5.91 4 2943 2900 3000
7,8,9 125 1/ 7/32” 0.952 6.51 2 3493 3428 3557
10 145 1/ 7/32” 1.070 7.10 2 Incalculable NA 3560
13 105 2/ 7/32” 1.036 8.40 2 3527 3472 3582

16,17 125 2/ 7/32” 1.176 8.85 2 3583 3549 3617
22,23 105 1/ 1/2” 1.156 9.97 2 3703 3674 3732

27 105 3/ 7/32” 1.302 11.37 2 Incalculable 3794 NA

Fig 5:  V50 results of the experimental panels

Figures 6-A,B,C,D, and E shows the penetration hole created on the facing (sphere) layer.
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Fig.6A: Penetration hole panel No. 1 (no
spheres)

Fig. 6B: Penetration hole panel No. 5  (1
layer)

Fig. 6C:  Penetration hole panel No. 17 (2
sphere layers)

Fig. 6D:  Penetration hole panel No. 27 (3
layers)

Fig. 6E: Penetration hole panel No. 23 (1/2”)

Table 4 contains information regarding the size (diameter) of the penetration hole from the
front and the thickness of the Spectra Shield® layers that did not showed evidence of
delamination (pre-delamination thickness). These results shows the direct relationship
between the sphere size and sphere layers on the front penetration hole. Fig. 6 illustrated the
relation between the number of sphere layers and the size of the penetration hole. There are no
evidence that the Spectra Shield® layer - the backing layer influence the size of the
penetration hole.

Fig. 7 - A and B shows typical delamination and Out-of plane deformation of the Spectra
Shield® layer as observed from the back side of the experimental panels after the ballistic
testing. Taking into the consideration the difficulties in measuring and averaging the intact
layer (as reported in Table 5) it is clearly evident that the bigger the penetration hole size, the
delimitation region start earlier due to decrease in the projectile velocity.



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 471

Table 4  Penetration hole and pre-delamination thickness

Panel No. Spectra

Shild®
Spehers

layer/size Penetration
Hole Diameter

Size (mm)

Pre-Delamination
Thickness

inch/number of
layers

1,2,3 145 0 4.66 0.551/104
4,5,6 105 1/ 7/32” 15.58 0.353/67

7,8,9 125 1/ 7/32” 14.99 0.384/72

10 145 1/ 7/32” 14.36 0.532/100

13 105 2/ 7/32” 23.14 0.260/49

16,17 125 2/ 7/32” 20.92 0.369/70

22,23 105 1/ 1/2” 35.18 0.230/43

27 105 3/ 7/32” 27.71 0.468/88

Fig.7:  Typical Delamination and Out-of plane deformation of the Spectra Shield®

A - Panel No. 2 and B - Panel No. 16

COMPARISON OF RESULTS WITH PREDICTION

Experimental V50 as well as the predicted V50 based on Florence’s model of the experimental
panels are listed in Table 5.  Only the experimental panels with both facing/sphere layer and
backing/Spectra Shield® layer are listed. The last column in Table 5 shows the difference
between the experimental V50 and the predicted V50 (% Difference = (V50 Experimental -
V50 Predicted)/V50 Experimental). It is clear that the modified Florence model with several
simplifying assumptions provide a good prediction regarding the ballistic velocities at the
experimental design stage. However, when measuring R - the radius of the zone of the target
affected by the impact and recalculate V50 values based on the penetration hole size as listed
in Table 5 a totally different values for V50 are obtained. Table 6, lists the predicted V50 from
Florence’s model based on:
- cone radius from previous study (R=17.5mm)
- actual measured value of the cone radius.
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Table 5:  V50 -Experimental vs. Prediction

Panel
No.

Spectra
Layer

Spheres
layer/size

V50
Experimental

V50
Predicted

%
Difference

4,5,6 105 1/ 7/32” 2943 2859 +2.8

7,8,9 125 1/ 7/32” 3493 3229 +7.6

10 145 1/ 7/32”
Incalculable

<3560
3593 -0.9

13 105 2/ 7/32” 3527 3367 +4.5

16,17 125 2/ 7/32” 3583 3768 -5.2

22,23 105 1/ 1/2” 3703 3499 +5.5

27 105 3/ 7/32”
Incalculable

>3794
3808 -0.3

In order to overcome the above limitation, it is suggested to try and introduce a geometric
factor into Florence’s model. The geometric factor could provide a link between the material
and geometric parameters of the ceramic spheres and the ballistic limits. more experimental
results are needed to explore the values of this suggested factor and relay them with the
spheres size, shape and packaging.

Table 6:  V50 - 2 Predictions

Panel No. Spectra
Layer

Spheres
layer/size

V50
Predicted

R=17.5 mm
Actual R

V50
Predicted
R=actual

4,5,6 105 1/ 7/32” 2859 7.79 792
7,8,9 125 1/ 7/32” 3229 7.50 834
10 145 1/ 7/32” 3593 7.18 862
13 105 2/ 7/32” 3367 11.57 1632

16,17 125 2/ 7/32” 3768 10.46 1539
22,23 105 1/ 1/2” 3499 17.59 3536

27 105 3/ 7/32” 3808 13.86 2494

CONCLUSIONS

The ceramic spheres have the capability of defeating the projectile similar to ceramic tiles as
evident by the flattening of the projectile. The fracture cone radius varied according to the
sphere radius and energy dissipation was through the breaking up of the ceramic spheres and
failure of the backing composite by shearing, fiber cutting and extensive delamination. The
ballistic limit of a GDC composite is a function of sphere size. The bigger the sphere, the
bigger the penetration hole, thus improve the ballistic performance by having more backing
materials to participate in absorbing the kinetic energy. Visual examination of the
experimental panel after the ballistic testing shows that the backing material (Spectra Shield®

composite) have gone through severe delamination and out-of-plane deformation.
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HYPERVELOCITY IMPACT DAMAGE TO
COMPOSITE MATERIALS

R. C. Tennyson and G. D. Shortliffe

University of Toronto Institute for Aerospace Studies
4925 Dufferin Street, North York, Ontario, Canada, M3H 5T6

SUMMARY :  This paper describes an experimental program undertaken to study the impact
damage of laminated graphite/PEEK plates and cylinders subjected to particle impacts at
velocities ranging from 3 to 7 km/s.  This velocity range corresponds to that found in space
due to impacting micrometeoroids and space debris (MOD).  To assess this problem, impact
tests were conducted at three facilities in the U.S., with most of the tests undertaken at the
NASA Johnson Space Center in Houston, using their two-stage light gas guns.  Aluminum
spheres were fired at composite material targets using various diameters and velocities to
determine the damage correlation with energy, laminate thickness and material properties.
Flat plate targets were first investigated to establish damage thresholds, followed by tests on
laminated cylinders characteristic of the robot arm structures being designed for the Space
Station.  This paper presents the results of these studies showing the correlations found in
terms of impact crater size, front face total damage, rear face spallation damage and
secondary damage resulting from the ejecta plume impacting the rear wall of the cylinder.

KEYWORDS :  hypervelocity impact damage, composite materials, orbital debris, design.

INTRODUCTION

Spacecraft in low Earth orbit (LEO) are vulnerable to impact damage resulting from collisions
with micrometeoroids and orbital debris (MOD).  Micrometeoroids originate naturally from
planetary or asteroidal collisions and cometary ejecta.  Although there is no particular
direction in which micrometeoroids approach the Earth, spacecraft experience a bias in the
direction of travel (known as the RAM direction).  This can readily be seen from the impact
distributions measured on the NASA Long Duration Exposure Facility (LDEF) which spent
almost six years in space.  Figure 1 presents this data for impacts arising from the MOD
environment and it is quite apparent that the RAM direction recorded significantly more
impacts, although it is noteworthy that even the back surface was hit as well.  Artificial space
debris consists of everything from spent satellites and rockets to aluminum oxide fuel
particles, paint chips and fragmentation objects from collisions of these bodies in orbit.  A
plot of the MOD environment as a function of altitude and particle size is shown in Fig. 2.
Although micrometeoroids have been a design issue since the 1960’s, concern about the
rowing amount of orbital debris did not receive serious attention until the mid-1980’s.  The
problem has grown to such an extent that the probability of impact by space debris exceeds
that due to micrometeoroids in some cases.  There is currently an astounding 2.5x106 kg of
debris in LEO.  Since first entering space in 1957, almost 20,000 objects have been launched
with approximately 7,000 still in orbit.
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Polymer matrix composites are used extensively in spacecraft structures and components,
such as antenna struts, panels and low distortion frames.  The largest composite structure in
space is the Canadian robot arm on all of the Space Shuttles.  A much more complex robot
system consisting of graphite/PEEK tubes is currently being assembled for the Space Station
Remote Manipulator System.  Although these materials provide significant advantages in
terms of high specific stiffness and strength, as well as low thermal expansion properties, the
problem of MOD impact damage needs to be addressed.

Fig. 1:  Circumferential distribution of micrometeoroid/debris impacts on LDEF
(NASA M&D/SIG Rept; Aug. 1990).

Fig. 2:  Micrometeoroid and orbital debris flux vs. particle size as a function of altitude
(NASA CR#BB000883A, Jan. 1991).

Very few studies have been conducted on MOD hypervelocity impact (HVI) damage to
polymer matrix composites.  Some of the earlier work on graphite/epoxy plates includes that
done by Yew et al [1] (identified in graphs as “Austin” data) at the NASA Johnson Space
Center in 1986 using two of their light gas guns to achieve hypervelocity impact conditions.
A wide range of plate thicknesses was investigated using quasi-isotropic lay-ups.
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A more detailed series of tests was reported by Christiansen in 1988 [2] (identified in graphs
as “Eagle” data) in which both low and high modulus graphite/epoxy plates and tubes were
studied.  Again, various target thicknesses were used and different impact angles were
employed.  It was observed that fiber modulus has a greater effect than lay-up.  Christiansen
developed two impact damage models based on this data for energies above and below 150 J.
Lower energy impact data on both graphite/epoxy and PEEK plates were reported in [3]
(identified as “Auburn” data) but the range of test parameters was very restricted.

The following report presents the results of a series of tests on PEEK/IM7 and PEEK/AS-4
flat plate and cylinder laminates of varying thickness and lay-ups conducted at the NASA
Johnson Space Center (JSC” data), the Southwest Research Institute (“SwRI” data), and the
NASA Marshall Space Flight Center (“MSFC” data) using their two-stage light gas guns.

EXPERIMENTS

Test Set-Up

A series of flat plates (primary target) were tested in these facilities with a second plate
(secondary target) located about 33 cm behind the primary impact plate.  The purpose of the
second plate was to determine the ejecta damage emanating from the first wall impact and
assess the extent of rear wall penetration and overall structural degradation (i.e., loss in
stiffness and strength).  All tests were conducted with aluminum impactor spheres of varying
diameter and at different velocities.  Energies ranging from 2 to 2000 J were investigated.  In
the following graphs, results from other test programs are also included for comparison
purposes.  A summary of our test data is presented below in Table 1.

Table 1:  HVI shot matrix performed on graphite/PEEK composite
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A subsequent series of tests on composite cylinders were performed using the 0.50 Cal two-
stage light gas gun at the Johnson Space Center.  The gun is equipped with a Cordin high-
speed camera system, capable of snapping 2.25 million frames per second of the projectile
impact and the debris cloud formation processes.  The cylinder targets were 30 cm long, 33
cm in diameter and 2.7 mm thick.  Aluminum spherical projectiles, 3.18 mm to 9.13 mm in
diameter, travelling at velocities ranging from 6.4 km/s to 6.91 km/s, were used in all of the
experiments.  Only normal impacts were performed.  The test results for this series are
summarized below in Table 2.

Table 2:  HVI database for the composite cylinder targets.

Target Projectile Damage
Shot Id Dp

[mm]
V

[km/s]
E
[J]

Dc *
[mm]

#1 3.18 6.4 961 8.5
#2 5.16 6.8 4646 13.2
#3 5.95 6.91 7396 14.3
#4 9.13 6.56 24007 18.3
#5 9.13 6.56 24009 18.4
#6 9.13 6.55 23937 18.2

*The equivalent circular diameter (Dc) represents the diameter of a circle which encompasses
the same area as the irregularly-shaped crater hole or damage area.

HYPERVELOCITY IMPACT (HVI) TEST RESULTS

Entry Crater Damage

The entry crater model derived from the HVI data is presented in Fig. 3.  It is based on a

functional relationship between the observed entry crater diameter, D
*
c (mm) , and an energy

parameter E
t

Dp

3 , where E is the projectile’s kinetic energy (Joules), t is the target thickness

(mm), and Dp is the projectile diameter (mm).  This parameter was first introduced by
Christiansen [2] for use with composites, and is reused in this report with similar success.

Although other test data for graphite/epoxy materials are included, the model is fitted with a
regression line, forced to pass through zero, which only considers those data points involving
PEEK matrix targets, impacted with aluminum or glass spherical projectiles.

Each entry in the legend of the graph provides four distinct pieces of information.  A legend
entry consists of a data point marker, the test series alias, the type of target material (carbon
fibre/PEEK or GRE), and the type of projectile material (aluminum, glass, or nylon).  For
example, a legend entry such as :  “� JSC PEEK (Al)” implies that solid squares on the graph
represent data points for the “JSC” test series using PEEK based composite targets.  The
projectiles used in the experiments are aluminium spheres.
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Fig. 3:  Entry crater model.

The functional relationship is given by,

Dc =.93 E
t

Dp

3 (1)

The model is generally applicable to PEEK and epoxy matrix based composites.  The carbon
fibres used all have a modulus in between 135 and 235 GPa.  Applicable laminate thicknesses
range from 0.5 mm up to 6.7 mm.  The model is independent of laminate lay-up.  It is
consistent for a broad range of projectile diameters, extending from 0.4 mm to 9.13 mm,
travelling at velocities ranging from 4 to 7.5 km/s. Aluminum, glass, and nylon projectiles are
compatible with the model.

Total Entry Damage

From a design point of view, the entry damage on the front face is more critical since it
includes the crater hole and associated damage to the laminate.  Entry damage, as defined by
the equivalent diameter method, is plotted in Fig. 4 as a function of the same energy
parameter.  Included in this plot is the regression curve based on C-scan measurements of the
sub-surface damage zones.  It can be seen that even though the delamination lies below the
surface, the enhanced area is only about 20% greater than the surface area.  The entry damage
area can be estimated from measuring the crater area, based on the equivalent diameter
method, using the formula:  Entry Area = 20 x Crater Area.
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Fig. 4:  Entry damage diameter vs. E
t

Dp

3 .

Rear face spallation damage on the primary impact plate was also measured, the results of
which are plotted in Fig. 5.  The regression analysis indicates that the damage area is
comparable to that observed on the front face for a given energy parameter.

Fig. 5:  Spall damage diameter vs. E
t

Dp

3 .
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Fig. 6:  Crater vs. projectile diameter.

A plot of the crater diameter as a function of the projectile diameter is shown in Fig. 6.   The
regression curve was constructed only through the PEEK data, excluding the nylon cylinder
results.  There appears to be no energy dependence for the range of parameters studied.
Interestingly, one can see that the nylon results correlate with the curve quite well, although
the sub-millimeter SiC particle impact data do not agree at all.  Generally, one can assume
that for hypervelocity impacts for particles greater than 1 mm in diameter, the crater hole size
produced will be about 2.7 x the projectile diameter.  Below this threshold, it would appear
that the hole diameter can be taken as equal to the particle diameter.

SECONDARY DEBRIS PLUME DAMAGE

Considerable effort was made to investigate the debris plume size and corresponding damage
to the rear plate. The debris plume is composed of impactor fracture particles and delaminated
spallation particles.  Based on detailed mapping of the debris impact sites (see Fig. 7), the
primary debris plume cone angle was measured for flat plates.  These results are plotted in
Fig. 8 and demonstrate a consistent angle of about 11.6º.

The next series of experiments using the composite cylinders produced some valuable insight
into the debris and ejecta cloud processes.  The Cordin high-speed camera is capable of
snapping approximately 80 frames of the target over the entire impact process, for an elapsed
time of about 100 µs.

They depict the progression of the intact projectile, the initial impact, the formation of the
debris cloud, and finally, the rejection of ejecta out the front surface of the cylinder.  An
excerpt of the footage produced in the #4 experiment is shown in Fig. 9.  In the first frame,
the incoming projectile can be seen just prior to impacting the surface of the cylinder.  In the
subsequent frames, the formation of the secondary debris and ejecta clouds is clearly
apparent.  Analysis of the debris cloud velocity reveals that the cloud tip travels at
approximately the same velocity as the projectile.
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Fig. 7:  87 distinct craters catalogued.

Fig. 8:  Debris cone angle vs. E
t

Dp

3 .

The energetic debris clouds generated in shots #4 and #6 completely destroyed the rear wall
of the cylinder, as can be seen in Fig. 10.  The photographic analysis, combined with post
impact visual observations of the cylinders, yields a debris cloud cone angle of,

θdc � 17º (2)

where θdc represents the 100 mm cutout radius of holes from the debris cloud.  For the
cylinders tested, the damage zone was about 200 mm in diameter.  This is more than the 11.6º
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previously found during the flat plate tests.  The vastly higher impact energies involved may
contribute to the wider debris cloud spread.

Fig. 9:  High-speed photography of the impact process in model #4.

STRUCTURAL FAILURE ASSESSMENT

In the design of a composite structure for spacecraft applications, there are two apparent
failure modes which must be considered:
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1. An energetic MOD fragment creates a large crater and surrounding damage area, causing
structural failure.

2. An energetic secondary debris cloud destroys a larger area of the rear wall of an enclosed
composite structure (such as a cylinder).

The first scenario, structural failure of the cylinders due to a large entry crater, is highly
unlikely, due to the improbability of encountering a large enough MOD particle.  However,
the fracture damage from the debris plume is sufficiently large in area to cause a major
reduction in structural stiffness and buckling strength.  For example, the effect of a 200 mm
diameter ‘cutout’ on the buckling strength of a cylinder is shown in Fig. 11.  Strength
reductions of the order of 52% and 61% were found for compression (Fx), torsion (Mx) and
bending (My) loading, respectively.

Fig. 11:  Effect of cutouts on reduction of buckling strengths.

CONCLUSIONS

As part of this study, two dozen HVI experiments were conducted using flat plate and
cylindrical sections of PEEK matrix based composites.  Many parallel studies were uncovered
which had investigated HVI response in similar composites.  All of these experiments were
amalgamated to form an extensive HVI database specific to carbon fibre PEEK and epoxy
based composites.

From the database, an entry crater damage model was produced.  The entry crater diameter

was found to be functionally dependent on a defined energy parameter, E
t

Dp

3 , over a wide

range of target thickness, lay-up, fibre and matrix material, as well as projectile diameter,
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velocity, energy, geometry, and composition.  In general, the crater diameter can be modelled

by he relationship Dc =.93 E
t

Dp

3 .

The initial projectile impact produces a secondary debris cloud of high energy projectile and
target fragments.  The debris cloud cone angle, which spans the radius of influence
attributable to debris cloud damage, was estimated to be 17°, as observed during tests on the
cylinders.  The secondary debris cloud is capable of producing severe damage to any
spacecraft composite component lying in its path.
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LOW VELOCITY IMPACT FAILURE ANALYSIS OF
SANDWICH BEAM

Ya-Jung Lee, Yau Shyu

Department of Naval Architecture and Ocean Engineering, National Taiwan University, 73
Chou-shan Street, Taipei, Taiwan, R.O.C.

SUMMARY:  As concluded experimentally on low-velocity impact behavior of sandwich
beam subjected to the cylindrical impactor, the core material and face sheets dominate the
failure modes. The main failure pattern of sandwich beam with lower density core material is
shear cracks in foam (Mode I), whereas crushed in core and damage in the top face sheets
right underneath the impactor (Mode II) when core material density is higher. Finite element
software ABAQUS is used, and maximum stress failure criterion and a modified stiffness
degradation method are adopted to investigate the initiation of failure, the failure modes and
post-failure behavior of sandwich beam. The numerical results are in good agreement with
experimental results. Parametric studies, including stiffness ratio of face sheets to core and
ratio of impactor diameter to simple support span, are also conducted

KEYWORDS:  Impact, sandwich beam, post-failure behavior, stiffness degradation,
maximum stress failure criterion.

INTRODUCTION

Owing to the advantages of lightweight and high bending strength, the composite sandwich
materials play an important role in today's industry. In marine engineering, more and more
ships of small sizes such as fishing boats, and yachts, use sandwich panels in ship hull
construction. However, inadvertent collision during the fabrication process, wave impact
during sailing, and so on, may induce damage of sandwich structures and cause significant
reduction of the stiffness and strength of materials. Thus, further understanding of impact
loading, impact response and impact damage of composite sandwich is necessary for the sake
of safety.

Much work has been done on impact resistance and impact tolerance of composite sandwich
panels as in Ref. [1]-[3]. However, because of the complication of contact behavior between
the projectile and sandwich panels, it is very difficult to predict the impact behavior by
establishing mathematical model. An well-known approach, proposed by Tan and Sun in Ref.
[4], considered for determining the impact response is, firstly, to measure the local contact
behavior of the panel by static indentation test; secondly, to use this experimental results in
conjunction with an impact analytical model. This approach, however, can not be regarded as
true prediction since it requires the fabrication of the entire sandwich and indentation tests to
be made for various impactors and structures under consideration. The true prediction should
possess the ability to predict the impact response from a knowledge of the behavior of the
individual components of the sandwich panels as in Ref. [3]. Therefore, many of researches
use finite element method to analyze the impact responses and predict the fracture initiation of
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materials, however, simulation on post-failure behavior by FEM is rarely seen.. The
objectives of this study is to develop a failure analysis procedure by FEM, which can
investigate the failure modes and post-failure behavior of sandwich beam subjected to the
cylindrical impactor. Maximum stress failure criterion and a modified stiffness degradation
method are adopted to analyze the failure responses, and compared with the experimental
results. After verification of this failure analysis procedure, parametric studies, including the
stiffness ratio of face sheets to core and ratio of impactor diameter to simply-supported span
are conducted as well.

LOW VELOCITY IMPACT TESTS

Sandwich panels made of laminated face sheets MAM (M : REM 300-65 glass mat; A : T-900
Aramid)  and two DIVINYCELL core material with different density 0.1, 0.2 g/cm3 are taken
into consideration. These sandwich panels are fabricated by IHI craft in Japan. The dimension
of specimens is 9cm4.5cm and specimen are simply-supported at two edges with a span of 6
cm. The detailed description of test system and test procedure can be referred to Ref. [5]. As
stated before by authors in Ref. [5], the main failure pattern of sandwich beam with foam core
density of 0.1 is shear cracks in core material, located at some distance away from the impact
point and with an inclined direction of 40~50 degrees. As the impact energy increases, the
cracks will extend to the face-core interface, and then induce the delamination. The
characteristic of impact force history when shear cracks occur is an sharp load drop. In
contrast, when foam core density changed to 0.2, no shear cracks are found in core material,
but crush in core and damage in top face sheets beneath the impact point are found, however,
no abrupt load drop is shown in the impact force history. As mentioned above, it is evident
that the core material has a great influence on failure modes, and for the sake of simplicity,
the failure modes of sandwich beams with core density of 0.1 and 0.2 are named as Mode I
and Mode II, respectively.

NUMERICAL SIMULATION AND DISCUSSION

The commercial finite element software ABAQUS and user-defined subroutine UMAT are
used to simulate the failure behavior of sandwich beams. Because of the line load condition,
the sandwich panels subjected to a cylindrical impactor can be modeled as 2-D plain strain
problem. Since the core material dominates the failure behavior, an precise understanding of
the response of core material to stress is required, especially the yielding or failure behavior.
In Ref. [6], Shaw and Sata suggest that failure of foam is governed by the maximum principal
stress, independent of the minor principal stress and that statement is strongly supported by
Patel and Finnie in Ref. [7] and Zaslawsky in Ref. [8]. The micro-structure of foam
considered in this study is similar to those used by Ref. [6]-[8], and due to the foam behavior
which yields plastically under compression, but cracks under tension, the maximum principal
stress failure criterion is chosen to predict the onset of cracks and yielding in foam core. The
failure prediction and the algorithm as well as an illustration to modify the stiffness when core
is degraded due to cracks or yielding are as follows;

    When σ1 > Xt ,    cracks occur,    then  E1, G12, ν12   are reduced to zero

    When σ2 > Xc ,   yielding occur,    then  E2, G12  are modified depending on
                                          the plastic behavior of foam material
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where, Xt and Xc  are the tensile and compressive stresses of foam core , respectively.

As for the face sheets, because the delamination and matrix crackings on laminated face
sheets have little effects on failure mechanism, it can be reasonably ignored and only fibers
damage is considered. When fibers damage occurs in tension or in compression, a degradation
factor of 0.14 is used to modify the E1 as suggested by Ref. [9].

STATIC TESTS SIMULATION

According to the phenomenon that the damage patterns of sandwich beams under dynamic
condition are similar to those produced under static condition, thus, for saving the computing
time, the check on performance of  numerical failure analysis is conducted under static case.

Mode I

The typical static tests curve of sandwich beams indented by a cylindrical impactor is shown
in Fig. 1. For convenience, several checkpoints are marked along the curve. Initially, the
specimen is loaded up from checkpoint O to A, without any observable damage. Over the
checkpoint A, minor matrix crackings on top face sheets and yielding of the core in the region
underneath the indentor result in the reduction of bending stiffness of specimen. When the
load path reaches B, the loading immediately drops from B to C due to the onset of shear
cracks in core and the extension of cracks along the face-core interfaces. During the path CD,
the specimen continuously deforms without further extreme failure. The comparison between
numerical and experimental F-d curves is shown in Fig.2. It can be seen that those curves fit
each other well. On the numerical F-d curve, there is a slight drop resulted from fibers
breakage right over the level of A. This discrepancy is owing to the drawbacks of that method
which simulates the fibers damage by multiplying a degradation factor right after the failed
elements detected.

The progressive illustrations of simulation for shear cracks and yielding in core are shown in
Fig.3, Fig.4, respectively. It can be concluded from Fig.3 that the progressive crack failure
pattern is in consistence with the one observed during experiments.

Fig.1: The basic pattern of static indentation Fig.2: The comparison on numerical and
of sandwich beam with core density 0.1 experimental results
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Fig. 3: The progressive shear crack failure    Fig 4. The progressive yielding in core

Mode II

When the core density is changed to 0.2, under the same configuration and loading condition,
the failure patterns of sandwich beams are different from those of Mode I. From Fig. 5, the
specimen is loaded from O to A without any failure, however, over the level of A, the core
exhibits plastic behavior and face sheets are damaged in the region right under the indentor.
As going further along the path AB, the degree of plasticity in core and damage in face sheets
grows continuously. When checkpoint B is reached, fibers of top face sheets beneath the
indentor are almost broken totally and a vertical crack located in the center line of the core is
found. As the loading path moves, the crack propagates downward and the loading-carrying
capacity of specimen loses gradually as seen in path BC. The comparison on computational
and experimental F-d curves is shown in Fig.6. Although these curves are generally in
consistent with each other, however, as mentioned before, the modeling on fibers damage
needs to be further improved.
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Fig. 6:  The basic pattern of static indentation of sandwich beam with core density=0.2

Fig. 7:  The comparison of numerical and experimental results

Dynamic impact analysis

After verification on static failure analysis of sandwich beam, the same failure analysis
procedure is applied to the impact study. Due to the low velocity impact, effect of strain rate
is not considered here. The mass of the impactor is 1.52Kg and the incident impact velocity is
2.174 m/s, making the impact energy 3.59 Joules. As expected, the failure patterns of
sandwich beams with core density 0.1 and 0.2 are almost the same to those produced in static
tests. Fig.7 shows the comparison on numerical and experimental impact force histories of
sandwich beam with core density 0.1. It is evident that they fit each other very well.

COMPARISON ON STATIC AND DYNAMIC BEHAVIOR

As concluded above, under the low impact velocity considered in this study, the failure modes
and failure patterns of dynamic cases can seem to be simulated from static cases. This
conclusion can be further supported from the viewpoints of energy. In static case, the work
done to specimens by the indentor can be obtained from integrating the force-displacement
curve of the indentor. The amount of this work can also be regarded as the energy absorbed
by specimens under the assumption of no energy loss. In dynamic case, there are two ways to
calculate the energy absorption of specimens. (a) computing the loss of kinetic energy of the
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projectile during impact (b) calculating the work done by the projectile in use of integrating
the dynamic force-displacement curve of the projectile. These methods to evaluate the energy
absorbed by sandwich beam are compared in Fig. 8. From Fig. 8, it is surprisingly shown that
three curves fit each other very well. Further, at the same energy level, the energy absorbed
curves are shown to be quite the same under various combinations; large mass impactor with
low velocity and small mass one with high velocity. From the discussion above, it can be
reasonably concluded that the dynamic behavior can be approximately simulated from the
static one. For example, if the energy needed to move along the loading path from O to B as
shown in Fig.2 is known, then the estimation whether the specimen will fail or not, for given
impact velocity and mass of the impactor, can be done by comparing the static energy value
with that of  1/2 mv2.

 

Fig. 7: The comparison on impact force Fig. 8: The comparison on energy absorbed
histories curves

PARAMETRIC STUDY

Core Material

Under the same face sheets MAM and geometric configuration, several sandwich beam with
different core material densities are investigated. Core densities of 0.08, 0.1, 0.13, 0.16, 0.2
are taken into account and denoted by H80, H100, H130, H160, and H200, respectively. The
elastic properties, yielding strength, and failure strength of each are listed in Table 1. The
effective in-plane elastic property of face sheets is about 14.25 Gpa. The results of parametric
study are tabulated as shown in Table2.

Table 1: Material properties of DIVINYCELL foam core

Core E (MPa)
yielding
strength
(MPa)

failure
strength
(MPa)

H80 80 1.2 2.2
H100 115 2.0 2.75
H130 140 2.5 4.2
H160 170 3.4 5.1
H200 230 3.8 5.8
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Table 2: Parametric study on core materials

Core
failure

strength of
sandwich(N)

energy
needed to

fail

failure
mode

H80 1454 4.79 Mode I
H100 1874 4.51 Mode I
H130 1888 8.18 Mode II
H160 2066 6.86 Mode II
H200 2287 6.03 Mode II

From Table 2, it can be seen that the failure modes of sandwich beams with core H80, H100
are Mode I, the others are Mode II. Typically, no matter failure modes, the higher the core
density is, the higher the failure strength of sandwich beam is. However, for the
corresponding failure modes, the higher the core density is, the smaller the energy needed to
fail is. These results show that sandwich with core material of higher density has better static
fracture resistance, however, worse impact resistance from the viewpoint of energy.

Ratio of indentor diameter to span

The diameter (R) of the indentor is fixed to 1.2 cm, and the span (S)of simple support
boundary condition are changed to 2 cm, 3 cm, 4 cm and 5 cm, thus, the corresponding ratio
of R/S is 0.12, 0.15, 0.2 and 0.3. The results of parametric study are shown in Table3. Under
the ratio of R/S considered, failure modes of all the sandwich beams are Mode I. As the ratio
of R/S increases, the failure strength of specimen also increases, however, the opposite
tendency is obtained from the energy viewpoint. Therefore, as the increase of ratio of R/S,
sandwich beams have better static fracture resistance, but worse impact resistance.

CONCLUSION

To simulate the failure mechanism of sandwich beams subjected to a cylindrical impactor, the
maximum principal stress criterion and a stiffness degradation method are coded into the user-
defined subroutine UMAT provided by finite element software ABAQUS. This failure
analysis procedure can precisely model two of different failure modes; Mode I: shear cracks
in core and Mode II: yielding in core and damage in top face sheets right under the indentor.
In the range of impact velocity considered in this study, it can be concluded that the dynamic
behavior can be simulated from static results. The parametric studies on core density, and
ratio of R/S are also conducted. The failure modes of sandwich beams with lower core density
trend toward Mode I, whereas toward Mode II with higher core density, however, all the
failure modes of sandwich beams are Mode I in the range of ratio of R/S considered in this
study.

Table 3: Parametric study on ratio of R/S
R/S failure

strength of
sandwich(N)

energy
needed to

fail

failure
mode

.12 2219 6.048 Mode I
0.15 2389 4.51 Mode I
0.2 2639 4.173 Mode I
0.3 3222 4.085 Mode I
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SUMMARY:   An investigation of water absorption effects on the impact fracture mechanism
and compression after impact (CAI) behavior was conducted using carbon fiber reinforced
thermoplastic matrix composite (AS-4/PEEK) and aramid fiber reinforced epoxy matrix
composite (K-49/828), which have a quasi-isotropic stacking sequence of [0°/45°/90°]2S. The
impact tests were carried out using a falling weight tester. Impact-induced internal damage
was observed with a scanning acoustic microscope (SAM). The delamination area of AS-
4/PEEK was much smaller than that of a CF/epoxy composite (MM-1/982X), and no
influence of water absorption was observed. In contrast, that of K-49/828 was the largest, and
the impact-load-induced delamination area was increased by water absorption. In the case of
AS-4/PEEK, the compressive strength of the impacted specimen at 3J was the same as that of
a virgin specimen, and no influence of water absorption was observed. Impact energy affected
the CAI strength of K-49/828 as much as that of MM-1/982X. The fracture surface was
closely examined using a scanning electron microscope, and the fracture mechanisms were
discussed.

KEYWORDS:   delamination, CF/PEEK composite, aramid fiber reinforced epoxy matrix
composite, impact loading, compression after impact, water absorption, nondestructive
inspection, scanning acoustic microscope

INTRODUCTION

Advanced fiber-reinforced polymer matrix composites (FRP) that have high strength and high
stiffness-to-weight ratios are now widely used in high technology engineering applications.
When these are used in a service condition, impact events, such as tool drops, occur, and
environmental exposure also affects the mechanical properties of FRPs. Hence, influences of
impact and environment on mechanical properties of FRPs must be clarified. It is well known
that carbon/epoxy laminates are susceptible to low velocity impact [1,2]. To improve impact
resistance, ductile matrix such as PEEK [3] and aramid fibers [4-6] are reported to be
alternative candidate materials. In this study, effects of water absorption on impact fracture
and compression after impact (CAI) behavior were investigated using carbon fiber reinforced
thermoplastic matrix composite (AS-4/PEEK) and aramid fiber (Kevlar 49) reinforced epoxy
matrix composite (K-49/828), having a quasi-isotropic stacking sequence of [0°/45°/90°]2S.
We compared the results with those of carbon fiber reinforced epoxy matrix composite (MM-
1/982X) [1].
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EXPERIMENTAL PROCEDURES

The composites used in this study were carbon fiber reinforced thermoplastic matrix (PEEK)
composite (AS-4/PEEK) and aramid fiber (Kevlar 49) reinforced epoxy matrix composite (K-
49/828), having a quasi-isotropic stacking sequence of [0°/45°/90°]2S. Average thickness,
fiber-volume fraction, tensile strength and initial elastic modulus are listed in Table 1. The
data for MM-1/982X [1] is also listed. Rectangular specimens of 200mm in length and 40mm
in width were used.

Specimens were immersed in distilled water at 80°C for 2 months. The weight gain of the
specimens in time is shown in Fig.1, with the data of angle-ply AS-4/PEEK ([45°]3S) and
unidirectionally reinforced AS-4/PEEK ([0°]14)[7]. In the case of AS-4/PEEK, the quasi-
isotropic laminates absorbed more water than angle-ply and unidirectionally reinforced
laminates. The angle-ply and the unidirectionally reinforced laminates were well fabricated,
and no void was observed. However, the quasi-isotropic laminates contained many voids.
Figure 2 shows the surface and the side surface of the quasi-isotropic laminate of AS-4/PEEK.

Fig. 1: Relationship between weight gain and (immersional duration)1/2

This is the reason why the quasi-isotropic laminate of AS-4/PEEK absorbed more water than
other laminates ([45°]3S and [0°]14). The weight gain of K-49/828 leveled off at 2.0%. The
weight gain of MM-1/982X was about 1.0%[1]. Specimens immersed in water will be
referred to as “wet” specimens, while the specimens held in room air referred to as “dry”
specimens.

Table 1: Materials used in this study

Name AS-4/PEEK K-49/828 MM-1/982X
Construction of laminate [0°/45°/90°]2S

Average thickness  mm 2.0 2.4 2.5
Fiber volume fraction  % 61 66 59

Tensile strength MPa 720 500 840
Initial modulus GPa 48 31 63
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The impact tests were carried out by a falling weight tester. The steel ball (1/2 inch in
diameter) was attached to the falling weight. By this steel ball, the center of specimen whose
both ends (75mm) were fixed was impacted. Compression tests after impact (CAI) were
performed on impacted dry and wet specimens, as well as non-impacted dry and wet
specimens as a reference. Aluminum tabs were glued to both ends of a specimen, giving a
gage length of 63mm. Compression tests were carried out at a constant crosshead speed of
1mm/min, using a electro-hydraulic servo controlled fatigue testing machine (Shimadzu,
EHF-FB20, Load Capacity: 200kN).

The internal damage after impact was observed using a scanning acoustic microscope (SAM,
Olympus Optical Co., UH3) with a pulse wave of 50MHz for 1600ns gate time. The fracture
surfaces of the specimens were observed using a scanning electron microscope (SEM, JEOL,
JSM-5400LV).

EXPERIMENTAL RESULTS AND DISCUSSION

Impact Test

Figures 3 and 4 respectively show the front and rear surfaces of impacted dry specimens of
AS-4/PEEK and K-49/828. Front surface of AS-4/PEEK has a crease and rear surface has
cracks. For K-49/828, there is no crease and crack. This means that the visible surface damage
of K-49/828 is less than that of AS-4/PEEK.

Figures 5(a) and (b) show SAM photographs of a AS-4/PEEK specimen before and after
impact test. In the case of AS-4/PEEK, even a virgin specimen had internal defects introduced
by insufficient matrix infiltration. Therefore, the subtraction of SAM images between virgin
and impacted specimens was adopted to evaluate impact-induced delamination. The result is
shown in Fig. 5(c). We use the same method for K-49/828, which had no internal defect such
as observed in AS-4/PEEK.

       
 (a)surface                                                           (b) cross section

Fig.2: Virgin specimen (AS-4/PEEK)

Figure 6 shows the impact-induced delamination area as a function of impact energy.
Delamination area of AS-4/PEEK was smaller than that of MM-1/982X, and no influence of
water absorption was observed. For K-49/828, impact induced-delamination area was the
largest, and it was increased by water absorption. The threshold impact energy below which
no-delamination occurred was 3J for both dry and wet AS-4/PEEK specimens. For K-49/828,
it was assumed to be almost 0J.
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On the fracture surfaces of an impacted AS-4/PEEK specimen, many defects introduced
during manufacturing could be observed (Fig.7). Those defects were imaged by SAM as
white areas, shown in Figure 5(a). Figure 8 shows a cross section of an impacted point. A
crack is initiated at a defect. Improved manufacturing process will further increase the impact
resistance of the composite.

  

(a) Front surface (b) Rear surface

Fig. 3: Impacted specimen (AS-4/PEEK)

The characteristic fracture feature of AS-4/PEEK is that the fiber surface was covered by
matrix material, irrespective of water absorption (Fig.9). This indicates that the composite had
superior fiber/matrix interfacial strength. There is little difference in fracture morphology
between dry and wet specimen. For K-49/828, the fracture was caused by interfacial
debonding (Fig.10), indicating low fiber/matrix interfacial strength of the composite. Figure
11 shows the magnified fiber surface in K-49/828. Although water absorption was reported to
promote fiber splitting [8-10], the number of fiber splitting of the wet specimens were less
than that of dry ones. This means that water absorption degraded the fiber/matrix interfacial
strength, thereby promoting the impact-induced delamination by water absorption.

 (a) Front surface (b) Rear surface

Fig. 4:  Impacted specimens (K-49/828)
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Fig. 5 (a):  SAM photograph of virgin specimen (AS-4/PEEK)

Fig. 5 (b):  SAM photograph of impacted specimen (AS-4/PEEK)

Fig. 5 (c):  Extracted delamination (AS-4/PEEK)
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Fig. 6:  Relationship between impact energy and delamination area

Fig. 7: Fracture surface (AS-4/PEEK, Fig. 8 Cross section of an impacted point
Dry specimen, Impact energy: 5J) (AS-4/PEEK), Dry specimen, Impact energy: 5J)

(a)Dry specimen                                                  (b) Wet specimen

Fig. 9  Fracture surface of AS-4/PEEK (Impact energy: 5J)

CAI Test

The relationship between impact energy and residual compressive strength after impact is
illustrated in Fig. 12. In the case of AS-4/PEEK, the compressive strength of the impacted
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specimen at 3J was the same as that of a virgin specimen, because no impact-induced
delamination occurred. Above 3J, however, residual compressive strength decreased with an
increase in impact energy. Also we must note that no influence of water absorption was
observed. The compressive strength of K-49/828 was the lowest in all FRPs tested, as the
aramid fiber has low compressive strength [11].

To examine the ratio of the residual compressive strength to the compressive strength of non-
impacted specimens, the relationship between impact energy and normalized residual
compressive strength was analyzed (Fig.13). The normalized strength was defined by residual
compressive strength divided by compressive strength of non-impacted specimen in a
respective environment. The normalized strength of AS-4/PEEK was the highest, indicating
superior resistance against impact. For K-49/828, it was almost the same as that of MM-
1/982X.

(a) Dry specimen                                                    (b) Wet specimen

Fig. 10: Fracture surface of K-49/828
(Impact energy: 5J)

(a) Dry specimen (b) Wet specimen

Fig.11: Magnified fiber surface
(K-49/828, Impact energy:5J)

The relationship between impact-induced delamination area and normalized residual
compressive strength is illustrated in Fig. 14. At a certain delamination area, the normalized
residual compressive strength of K-49/828 was higher than that of MM-1/982X. However,
impact-induced delamination area of K-49/828 was larger than that of MM-1/982X (Fig.6).



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 510

Therefore, as is shown in Fig. 13, the normalized residual compressive strength of K-49/828
and MM-1/982X was similar when compared at a certain impact energy.
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CONCLUSIONS

1. Even though composites have initial defects introduced by a defective manufacturing
process, the delamination area can be accurately evaluated by the subtraction of SAM
images between virgin and impacted specimens.

2. The surface damage tolerance of K-49/828 is superior to that of AS-4/PEEK.

3. Delamination area of AS-4/PEEK was the smallest, and no influence of water absorption
was observed. For K-49/828, impact induced-delamination was the largest, and it was
increased by water absorption. The impact-induced delamination tolerance of PEEK
matrix composite is superior to that of epoxy matrix composite.

4. The compressive strength of K-49/828 was the lowest in all FRPs tested. However, the
normalized residual compressive strength of K-49/828 was the same as that of MM-
1/982X. In the case of AS-4/PEEK, the normalized CAI strength was the highest,
indicating superior resistance against impact. Also there is no influence of water
absorption in AS-4/PEEK, showing superior resistance against water absorption.

5. At a certain delamination area, the normalized residual compressive strength of K-49/828
was higher than that of MM-1/982X. However, the delamination area of K-49/828 was
larger than that of MM-1/982X. Therefore, the normalized residual compressive strength
of K-49/828 became almost the same as that of MM-1/982X, when compared at a certain
impact energy.

6. The fracture surface examined indicates that AS-4/PEEK has superior fiber/matrix
interfacial strength. However, K-49/828 has low fiber/matrix interfacial strength. In the
case of K-49/828, the number of fiber splitting of the wet specimens were less than that of
dry ones, bcause water absorption degraded the fiber/matrix interfacial strength.
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LOW VELOCITY IMPACT DAMAGE OF ORGANIC
FOAM CORE SANDWICH COMPOSITES

William J. Craft, Derke R. Hughes, and Ajit D. Kelkar

Department of Mechanical Engineering, North Carolina A&T State University,
Greensboro, NC 27411, USA

SUMMARY:   The purpose of this study was to determine the amount of damage resulting in
a sandwich shell composite due to impact by a mass with different impact energies.  In
addition, information on the failure characteristics versus the energy of the impact was
desired.  While there has been substantial work on impact damage of a number of laminated
composites, little work exists on sandwich composites.  The authors intended to investigate
low velocity impact of sandwich panels using a drop weight system.  The dynamic response
of sandwich shells to low velocity impact is complex, and our ability to detect threshold
damage is important, and the influence of core density on impact dynamics has not been
investigated.  We  just concluded tests on 23 sandwich panels of three core densities at the
Wright Patterson Flight Dynamics Laboratory Dynatup drop weight facility. Impact energies
ranged from 0.28 to 36.9 Newton Meters.

While the number of samples is low, we have been able to determine the threshold energy
producing incipient front-face damage as well as the energy producing maximum impact
force after which catastrophic front face failure results.  In addition, we have compared our
results with those of laminated composite panels with a comparable number of plies.
Sandwich panels are surprisingly robust, particularly resisting lower energy damage, and the
density of the core has minimal affect on the panel stiffness.  However, core density has a
dramatic affect on the contact forces at impact.  In addition, peak forces during impact are
equivalent to peak forces achieved in quasi-static tests indicating that the inertia of a sandwich
system is of no significant influence.

KEYWORDS:   low velocity impact, sandwich plates, damage, damage tolerance

INTRODUCTION

Low velocity impact is important in sandwich shell composites for a number of reasons.
Perhaps most importantly, low-velocity impact can lead to damage which is frequently not
detected by visual means.   Secondly, it can lead to damage which substantially reduces the
ability of the structure to survive the loads it was designed to resist.  Since modern aircraft
and aerospace vehicles are designed to minimize added weight, there is less margin of safety
than with fixed structures making an accurate knowledge of failure more important.

Since composite materials are typically strong and stiff, they are prime candidates for aircraft
structures, and since many applications are stiffness rather than strength driven, sandwich
shell composites are ideal candidates for efficient aerospace structures.  Some properties
shared by many fiber-reinforced composites laminates include a low ultimate strain and
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strength through the thickness [1]. Sandwich shell composite core materials also have a low
shear and compression strength in comparison to the face sheets.   By comparison to
laminates, sandwich shell structures exhibit excellent stiffness and strength in bending and a
low specific weight.

While this sounds like an ideal structural material for aeronautical and aerospace applications,
impact resistance restricts the use of such structures where public safety is an issue.  Low
velocity impact testing, where velocities are under 12.2 m/s, is particularly important because
1) it can weaken the material without producing visible damage, 2) there are so many
phenomena including improper manufacturing and assembly of sandwich shell components
which can lead to this damage, and 3) the need to create more cost-effective, stiff, light-
weight structures is forcing the industry to reconsider sandwich shells.  Other factors limiting
the usefulness of such materials include their tendency to absorb moisture. In fact foam cores
made of polymethacrylimide (PMI) absorb high amounts of water as compared to honeycomb
cores [2].  The objectives of the research were to investigate the low velocity impact damage
at different energies, to determine the characteristics three different core densities contribute
to the impact resistance of sandwich composites, and to compare the nature of damage
inflicted by static and dynamic events.

PREPARATION OF PANELS

Only sandwich plates formed into layered flat plates of dimension 178 mm by 254 mm are
used for this study.  The thickness of the plates is standardized at 19 mm although a planned
extended study will include other core thicknesses. The external (face) sheets are made of
nine laminae made of single plain weave carbon graphite fibers with an epoxy resin
(Diaminodiphenly Sulfone).  This  produces a final sheet of from 1.65 to 1.73 mm in
thickness.  The resulting plane weave laminate is similar to the [0/90] orientation in
unidirectional laminates.  The [0/90] stacking sequence is a common one which parallels that
of the Cristescu [3] study.  The McQuillen & Gause study, where a stacking sequence of [+_
45/02/+_45]s was used, gave very similar results for low velocity impact damage [4].

The external sheets of graphite epoxy laminates were fabricated and tested in the Center for
Composite Materials Research (CCMR) within the Department of Mechanical Engineering at
North Carolina A&T State University.  The outer and inner face sheets were laminated in a
hydraulic press.  The Hydraulic Press was initially heated to 121°C and allowed to reach a
pressure 689.5  kPa and temperature of 177°C. throughout all layers of

The coefficient of expansion for the resin and fibers are substantially different, and they can
cause parasitic internal stresses unless processing is done carefully and consistently.  After the
laminate has been maintained at the prescribed temperature and pressure, the laminate was
allowed to cool at 2 degrees per minute.  This rate allows enough time for an annealing action
reducing the parasitic stresses due to the thermal expansion mismatch. Material Property tests
were conducted on the face sheets via an MTS-810 machine; the in-plane properties along the
fiber directions are: 68.2 GPa (tensile modulus), 633 MPa (tensile strength), and 412 MPa
(compressive strength).  The external sheets strength properties were taken from a nine ply
laminate specimens cut from sheets originally of dimension 0.42 Meter by 0.51 Meter.  The
tensile tests followed the American Standard for Test and Materials (ASTM) D 638-94b.
Compression tests followed ASTM D 1621-94.
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Rohacell is a polymethacrylimide (PMI) foam.  The core material for our sandwich panels
was fabricated from one layer of  Rohacell. The construction was chosen to approximate an
efficient structure maintaining both high stiffness and strength, in resisting bending loads.
Rohacell foam can be acquired in a variety of densities and shear and compressive strengths.
One important consideration in using it for this work is that we could experiment with
combinations of core properties to obtain an optimized structure.

The Rohacell core is easily machinable and the cost is less than standard honeycomb
(Nomex); however, it is hygroscopic and it has both a low shear strength and stiffness.  Mass
densities of 32, 52, and 75 Kg/M3 have been selected for the core since they represent a range
of properties of sandwich cores, and the effect of core density on impact damage is an
important part of the study.  They are referred to as R-31, R-51, and R-71.  The Table below
indicates some important stiffness and strength parameters for Rohacell.

Table 1: Rohacell stiffness and strength properties

Density
(Kg/M3)

Young's
Modulus
(N/mm2)

Shear
Modulus
(N/mm2)

Tensile
Strength
N/mm2

Compressive
Strength
N/mm2

Shear
Strength
N/mm2

Flexural
Strength
N/mm2

32 36 13 1.0 0.4 0.4 0.8

52 70 19 1.9 0.9 0.8 1.6

75 92 29 2.8 1.5 1.3 2.5

Once the face sheet is formed, the internal sheet is bonded to each of the external sheet in an
oven with AF-163 film adhesive.  A prescribed heating and cooling rate as part of the curing
process helps to control parasitic stresses.  Once the sandwich shell laminated composites
structures are assembled, they are checked for warping and dimension.  They are edge cut to
their final shape required for low velocity impact tests, measured for dimensional tolerances,
and weighed.

There was concern that conventional cutting equipment could cause delamination at the face-
core interfaces, and an Ingersoll-Rand HS-3000 water jet system was used to final cut all
specimens. The closed cell geometry is destroyed near machining cuts, and since a water jet
was used, each specimen absorbed some water and had to be dried.  To do this, specimens
were placed into an autoclave for 6 hours at 71.1°C.  After cooling, Dow Corning RTV # 737
100% silicone rubber was applied to specimens for water proofing and left intact there
through C-SCAN evaluations.

All impact studies were performed at the Wright-Patterson Flight Dynamic Laboratory
Dynatup machine drop weight system.  In our configuration, the system employs a free-
falling drop weight and precision recording system The drop weight mass was 3.37
Kilograms, and contact with the specimen was made through a 12.7 mm radius indentor
normal to the specimen centers. The Boeing test fixture simulating simple support was used.
The fixture is important since it controls fixity; fixity affects specimen compliance which
changes the force-time impact curve.
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EXPERIMENTAL RESULTS

All impact specimens were identical except for the density of the Rohacell foam core. The
specimens of Table 2. are sorted by density and drop height. A total of twenty-three
specimens were tested in the Dynatup machine. For completeness, specimen ID, impact
velocity (m/s), maximum contact force (Newtons), and impact duration (msec.) are displayed.
The drop height was measured using a precision gage block set.  The quantities including
impact velocity, impact force, and impact event duration were all determined experimentally
through drop-weight accelerometers which had an output sampling rate of 40 samples per
millisecond. All other data  in this study can be derived from these values.

Table 2: Tested impact specimens sorted by core density and drop weight height

Specimen
ID

Drop
Height

mm

Density
designation

Impact vel.
(m/s)

Contact
force
(N)

Impact
duration
(msec.)

1 25.40 R-31 0.7071 1458.90 10.97

2 39.42 R-31 0.8778 1569.30 11.65

3 51.77 R-31 0.9997 1721.40 12.15

4 75.74 R-31 1.2009 1887.70 12.90

5 101.60 R-31 1.3929 2176.90 12.57

6 127.00 R-31 1.5575 2264.00 13.25

7 139.70 R-31 1.6368 2303.60 13.43

8 25.67 R-51 0.7102 1672.90 9.05

9 39.22 R-51 0.8717 1949.10 9.70

10 51.36 R-51 0.9967 2216.00 9.88

11 75.77 R-51 1.2009 2393.50 10.55

12 101.50 R-51 1.3929 2471.80 11.23

13 127.00 R-51 1.5575 2698.20 10.95

14 139.70 R-51 1.6368 2537.60 11.75

15 25.40 R-71 0.6706 1790.30 8.02

16 38.86 R-71 0.8656 2162.20 7.93

17 51.13 R-71 0.9967 2471.30 8.43

18 75.44 R-71 1.1979 2985.10 8.25

19 101.20 R-71 1.3868 2852.90 9.72

20 101.60 R-71 1.3929 2890.30 9.40

21 127.00 R-71 1.5606 3253.70 8.85

22 127.00 R-71 1.5636 2944.60 9.60

23 138.90 R-71 1.6368 3047.30 9.92

Before dynamic tests were conducted, a static test was conducted on a sample of each density.
Static tests were run on a universal testing machine with the same indentor and Boeing fixture
which would be used in all drop weight impact tests.  All static tests was conducted at
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crosshead velocities of 0.02 millimeters per second.  Samples required 5 to 10 minutes for the
maximum contact force to occur. In each case, the time force curve was smooth until it was
reached.  Afterwards, the force decreased somewhat erratically and was accompanied by
popping noises indicating the integration of additional damage.

An initial drop height for each density was selected by trial-and-error.  The initial heights
were chosen so that a contact force of about 50% of the static test maximum contact force
would be developed.  From this initial setting, the drop weight height was increased until
additional drop heights produced no higher contact force maximum.  After this, the drop
weight heights were decreased until a height was reached which produced no detectable
impact damage.

Two techniques were used to determine the force producing incipient damage in these
sandwich plates.  Incipient damage was determined by: 1) decreasing the drop weight height
until there was no visible asymmetry in the force-time curves and 2) noting at what level the
impact force-time plot first deviated from a smooth curve.  This point was characterized by
substantial "ringing" in the accelerometer output.  As it turns out, both methods produced
results which were very similar.  This is to be expected if the inertia of the plates is negligible
in the impact event and if there are no significant time-dependent mechanics at work.  A post-
impact study of foam core structures has been reported by Caprino and Teti [5]; new theories
of non-linear behavior mechanics have been proposed by Kuhhorn and Schoop [6], but our
study did not extend past the energy producing maximum contact force since this constitutes
failure of the outer face sheet.

The force-time histories for all twenty-three specimens of all three density core sandwich
panels were numerically smoothed and displayed in an overlay as Figure 1.  All impact tests
on all twenty-three sandwich panels are included.  These graphs are separated into three
sections as a function of core densities and drop heights.  For comparison, one overlayed
graph of force-time histories for R-51 for the lowest, mid-level, and highest impact energies is
also reproduced in as recorded format, Fig. 2.
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The fact that higher impact forces are developed in stiffer panels for a given drop height is
easily seen in Fig. 3 where three specimens (numbers 4, 11, and 18) were subjected to [almost
identical] drop heights of about 75 millimeters.  The force change due to the foam cores is
substantial even though all face sheets are identical.  Note also the increased contact time and
the equal impulse to all three specimens.  The largest impact force developed in the R-71
highest density core panel specimen is 58% more than the force developed during impact with
the R-31 specimen.
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Figs. 4 and 5 are overlays of tests on all twenty-three specimens. The maximum impact force
is shown both as a function of drop height and core density.  Least square generated curves
are generated for the portion of the curves indicating a leveling-off at the high drop heights as
a result of the inability of the specimen to sustain additional impact load.

For low drop heights, the R-51 and R-71 curves in Fig. 4 are linear as indicated by the dark
lines.  The R-31 curve is less linear in this range indicating the potential that some damage
has already occurred. Impact duration in milliseconds is plotted vs. drop height for each of the
three core density specimens.  Fig. 5 shows data and a linear curve fit for each density foam.
Even though there is scatter, the figure demonstrates that lower density cores contribute
dramatically to the ability of the panels to decelerate the drop weight more slowly, thereby
extending the drop height at which catastrophic failure occurs.  As a practical measure, we
attempted to compare the performance of sandwich panels to that of laminated panels of
equivalent numbers of layers, panel dimensions, and fixture.

Prior impact tests were conducted by the authors on 16, 32, and 48 ply laminated panels [7].
While these panels were made of quasi-isotropic layers of uniaxial laminates, the results
attained on 16 ply panels parallels closely the current study.  Fig. 6 shows a comparison of the
threshold damage energy levels in panels in each study. Note that the energy required to
produce incipient damage in the R-31 sandwich and the 16 ply laminates are virtually
identical.  What is remarkable is the energy required to produce threshold damage in
sandwich panels.  R-51 and R-71 density core sandwich composites with 9 ply plain weave
graphite laminate face sheets are about as resistant to incipient damage as are laminated
panels of 32 ply and 48 ply, respectively.

While sandwich panels are robust in absorbing energy without suffering incipient damage,
they lack resistance to damage at higher energies.  This is clearly shown in Fig. 7.  In this
case, the energy producing maximum force and damage of the front face sheet is plotted for
each of the three density foam sandwich panels.  Beside these data are plotted the equivalent
energies producing backface spalling in 16, 32, and 48 ply laminated panels.  Here there is
substantial improvement in the laminated thicker panels.
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Calculations were also made comparing the coefficients of  D [bending stiffness] Matrix for
the sandwich specimens with those of the laminated specimens of [7]. While bending stiffness
coefficients for the laminated panels varied greatly, those of the sandwich panels were almost
identical no matter which density core is used; they varied by less than 1%.  In ongoing
studies, deflection measurements were made on sandwich beams made of the same panels of
this study.  Such materials deflected up to four times the amount predicted by bending theory.
This indicated that there is substantial shear deformation  in low-density sandwich panels.
This may also help explain the resistance of these panels to low energy impact.

CONCLUSIONS

This work shows that damage in sandwich shells and laminated composite structural panels is
substantially different.  A major difference is the localization of damage in sandwich panels.
In this case, the face sheets become more loaded in membrane rather than in bending.
Another difference is the compliance of the core in sandwich panels as a factor in their
damage resistance. While we did not present extended data about NDE techniques, we C-
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SCANNED all tested panels.  That information is currently being analyzed, however it has
been difficult to determine the nature and degree of damage to sandwich panels through C-
SCAN techniques.

Another interesting result is the substantial effect of core density on impact force. Higher
impact forces were developed at a given drop height in panels made of stiffer cores even the
classical laminate theory bending stiffness coefficients hardly changed. However, impact
forces developed only until the material strength limit was reached no matter how much the
impact energy was increased. At threshold damage levels, there was little difference in contact
forces developed.

There was also no indication that the inertial of sandwich panels had an affect on the
maximum force sustained at peak energy impact. Perhaps the most interesting finding was the
ability of sandwich panels to perform exceedingly well in resisting initial damage.  In fact, the
higher density sandwich panels performed better than laminated panels of over 2.5 times their
specific weight. On the other hand, if failure of a sandwich panel is defined as failure of the
outer skin, then thin laminated panels perform about the same as sandwich panels while thick
laminated panels perform substantially better.
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SUMMARY:   The response of aramid fibre-reinforced composites to ballistic impact is
investigated using the finite element method.  A user material routine incorporating fibre
breakage, delamination, and matrix crushing has been developed and implemented within the
LS-DYNA3D code.  Post failure response has been implemented for the various failure
modes using the MLT approach.  Penetration and backplane delamination due to a 1.1g
fragment simulating projectile (FSP) have been predicted for flat plates.  The effect of post
failure modelling on the extent of damage and on the backplane response is shown to be
significant.

KEYWORDS:   ballistic impact, post failure, delamination, fibre breakage

INTRODUCTION

Fibre-reinforced laminate composite materials offer a variety of desirable characteristics for
ballistic helmet applications such as light-weight, high strength, good damage tolerance, and
tailorability.  However, a major disadvantage of composite materials is the existence of the
so-called backplane deformation.  This deformation mode occurs through delamination of the
composite after partial penetration by the projectile.  In such cases, complete penetration of
the helmet may be prevented, but the motion of the delaminated backplane can be sufficient to
cause serious head injury to the helmet wearer.  In order to support further optimisation of the
ballistic performance of composite materials, a more thorough understanding of the
mechanisms causing backplane deformation is required.  This paper presents a numerical
study into the parameters determining the extent of backplane deformation.

For a given impact velocity, the extent of penetration and backplane deformation will be
determined by the amount of energy transferred from the projectile to the composite material.
Langlie and Cheng [1] indicated that punching of the material, fibre breakage, and
delamination are the major mechanisms of energy absorption in ballistic composite materials.
While a variety of models exist for the prediction of failure initiation in composite materials,
recent work [2,3,4] has shown that post failure models can significantly improve damage
predictions and reduce mesh sensitivity in models of low velocity transverse impacts on
graphite fibre-toughened epoxy resin systems.  In the current research, the effects of post
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failure behaviour on the predicted delamination and backplane response under ballistic impact
conditions are studied.

The impact of a fragment simulating projectile on woven Kevlar laminates is simulated using
the LS-DYNA3D [5] finite element code modified to incorporate user material subroutines
developed as part of this research.  Models of 9 mm thick plates were considered under impact
velocities of 500 m/s.

CONSTITUTIVE MODEL

Failure Criteria

Failure criteria for fibre breakage and matrix fracture or crushing were based on a modified
version of the Chang and Chang model [6,7] implemented within a user material subroutine
written for this work.  Delamination was modelled outside of this constitutive routine as
described below.

Since the current research considers woven composite materials, the mechanical properties
are assumed equal in both in-plane directions.  Therefore, fibre breakage can be caused by
tensile and shear stresses acting in the in-plane directions, leading to the following failure
criteria
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where i=1,2, Sij are the in-plane strength values (either tensile or shear), and ri are the failure
thresholds which are equal to 1.  When fibre breakage occurs in the i-direction, σij are set to
zero.

During impact, the composite material in the impacted area will be compressed by the FSP.
This will lead to high compressive stresses in the impacted area and high shear stresses in the
surrounding area.  When these stresses exceed their related strength values, the composite will
fail and the FSP will punch a hole in the material.  This penetration failure mechanism was
modelled using the following criterion
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where S3j are the through-thickness strength values (either compressive or shear), and r3 is the
failure threshold and is equal to 1.  When penetration failure occurs, all stresses are set to
zero.
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Post-Failure Model

The post-failure model used in this study, known as the MLT model, was developed by
Matzenmiller et al. [8] and is summarised below.  This constitutive model was specifically
developed to describe anisotropic damage in elastic-brittle fibre-reinforced composites.  The
elastic-brittle behaviour of these materials is characterised by the formation and evolution of
microcracks (surface discontinuities) and cavities (volume discontinuities).  These defects are
considered irreversible and cause primarily stiffness degradation.  A set of damage variables,
wi, were introduced to indicate the state of anisotropic damage and to reduce the stiffness in
the damage related directions.  The model assumes linear elasticity if the damage state (state
of defects) does not change.  This implies linear elastic unloading and reloading until the
previous damage state is reached again.  All non-linear effects of the constitutive behaviour
are attributed to damage.  Further, the orthotropic nature of the material is maintained
throughout the damaging process.  The stress-strain response according to the MLT-model,
indicating the stiffness reduction due to damage, is depicted in Fig. 1.

Following Matzenmiller, et al. [8], the stiffness reducing damage variables wi are introduced
in the compliance matrix C
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and the stiffness matrix is obtained by inverting the compliance matrix: S = C-1

The MLT model is based on classical continuum damage mechanics which assumes that only
the undamaged part of the cross-section (net-area) carries loading, i.e.  transmits stresses [9].
Consequently, the failure criteria should be defined in terms of the effective stresses, referred
to the net area.  In the MLT damage model, the effective stresses ˆ σ  and the nominal (true)
stresses σ are related by

{ ˆ σ } = [M] { σ} (4)

where,
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If we substitute Eqn. 4 into the previously defined failure criteria and write the resulting
criteria in terms of strains, we find the following failure criteria for the MLT-model for
example for longitudinal tensile fibre failure:
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The symbol gi is used to indicate that the failure criteria are expressed in terms of strains
instead of stresses.  The damage variables are represented by Weibull distribution functions,
e.g., for longitudinal tension
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which is the “nominal” failure strain for a linear elastic material (in the absence of damage
growth).  Similar relations hold for the other damage parameters.  The exponent m in Eqn. 8
determines the shape of the Weibull function.  Fig. 2 shows the effect m has on the post-
failure strength.  High values of m approach instantaneous failure.

The damage thresholds ri indicate the boundary of the elastic range.  The material behaves
linear elastically within these boundaries.  The role of the damage threshold is equal to that of
the yield stress in plasticity.  The damage thresholds are initially set to 1, but will
monotonically increase with increasing damage once failure has occurred.  When at a certain
time the strain state exceeds the boundary of the elastic range, the damage thresholds and
damage variables need to be updated.  Matzenmiller et al. [8] derived a method to
accommodate coupling of growth for the individual damage variables in the various damage
modes.  For reasons of simplicity, damage growth coupling was not implemented in these
preliminary calculations and the damage variables only grew when the corresponding strains
increased.
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The above model was implemented as a user material subroutine for brick elements in LS-
DYNA3D.  A numerical advantage of the MLT-model is that the damage level and, therefore,
the failure mechanism, is based on the strain state.  Thus, the duration of unloading after
failure directly depends on the strain rate, which is significant in high velocity impacts.  The
elements that failed in penetration are deleted when w33 is equal to 0.999.

Delamination Failure

Delamination is implemented in the current model by meshing the bottom layer of the
composite separately and connecting this layer to the rest of the plate with so-called tiebreak

interfaces (slide line type 9 in LS-DYNA3D).  The tiebreak interface rigidly connects the
nodes of the slave segment to those of the master segment until the failure criterion is
exceeded.  The tiebreak failure criterion is given by
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            (10)

where σn and σs are the normal and shear interface stresses, respectively, and Sn and Ss are the
corresponding strengths.  Delamination occurs when Fdelam > 1.  At this point, the interface is
allowed to separate, simulating inter-ply cracking.  A similar approach was undertaken by
Hung et al. [9], who also modelled delamination in LS-DYNA3D with tiebreak interfaces and
their numerical results were in good agreement with experimental data.

MATERIALS

Elastic properties used for the woven aramid material studied are listed in Table 1.  The
strength values for the composite are given in Table 2.  The 4340 steel FSP material was
modelled using a yield strength of 1,034 MPa and a hardening modulus of 685 MPa.  Young's
Modulus was taken as 207 GPa and Poisson's Ratio was 0.3.

Table 1:  Elastic properties for woven aramid from [1]

Young's Moduli
(MPa)

Poisson's Ratio Shear Moduli
(MPa)

Density
(g/cm2)

   E11 E33  ν21 ν31   G12 G31 ρ

28,269 5,516 0.05 0.07 2,579 2,579 1.439

Table 2:  Strength properties for woven aramid, partly from [1]

Tensile Strength
(MPa)

Compressive
Strength (MPa)

Shear Strength
(MPa)

S11 S22 Sn S33 S12 S23 S31 Ss

482.6 482.6 100.0 350 34.5 350 350 100
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The strength values in Table 2 were obtained from [1], except for Sn, Ss, S33, S23, and S31

which were chosen to give reasonable results.  These values are physically unrealistic, but
planned impact tests on plates and helmets will provide more realistic values for these
strengths.

MODEL

A finite element model of a woven aramid composite plate was built using I-DEAS Masters
Series, Version 2.1.  The planar dimensions of the plate were 100 mm by 100 mm and the
thickness was 9 mm.  The plate was impacted by a .22 calibre chisel-nose Fragment
Simulating Projectile (FSP, MIL-P46593).  The FSP was made of 4340 steel and weighed 1.1
grams.  The impact speed of the FSP was 500 m/s.

A typical mesh of the flat plate model with the FSP is shown in Fig. 3.  Both the plate and the
FSP were modelled with 8-node brick elements.  To reduce the computational time, only one-
half of the problem was modelled through symmetry.  Fig. 4 shows a close-up of the impact
site and FSP.

An automatic eroding contact algorithm was used to simulate contact and penetration between
the FSP and the impacted area of the plate.  This algorithm uses a penalty function approach
to prevent penetration of contacting elements.  In the event of failure of the composite through
the erosion criterion given by equation Eqn. 3, the failed elements are deleted and the contact
surfaces are automatically updated to consider the next layer of material.  A delamination
plane (tiebreak interface) was inserted adjacent to the inner-most layer of elements.

RESULTS

Figure 5 compares the effects of post failure modelling on the FSP velocity time histories.  In
the instantaneous failure model, the stresses are immediately set to zero once the material fails
in a certain mode.  As already shown in Fig. 2, the stiffness degradation in the MLT model
strongly depends on the value of m.  Figure 5 shows that a higher amount of post failure
strength leads to a higher energy transfer from the FSP to the composite material, which
results in greater deceleration of the FSP.  When the energy absorption is sufficient, complete
penetration of the composite is avoided and backplane deformation occurs.  This is the case
for m=2, where the FSP is completely stopped by the backplane and rebounds.  In all other
cases the backplane is completely penetrated by the FSP.  The predicted final velocity of the
FSP after complete penetration depends heavily upon the post failure treatment.  Figure 5 also
shows that the MLT predictions approach those using instantaneous failure for high values of
m.

The backplane displacement time histories for a node located at the centre of the delaminating
backplane are shown Fig. 6 as function of the post failure exponent m.  The only case for
which the backplane was not penetrated by the FSP was for m=2.  In all other post failure
cases the backplane was initially pushed down by the FSP, but eventually failed in crushing.
Therefore, the nodal displacements for these cases are not representative for the total
backplane displacement.  The instantaneous failure case was omitted because the backplane
area under the FSP was completely eroded.



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 538

Figure 7 shows a series of deformed mesh plots for m=2.  Penetration of the upper layers
occurs through crushing and transverse shear failure as seen in Figs 7 (a) and (b).  The nature
of the eroding contact algorithm can be observed as a progressive removal of elements ahead
of the penetrator.  As the FSP nears the backplane its velocity decreases, resulting in lower
normal compressive strain rates and through-thickness shear strain rates.  This enables the in-
plane stresses to build up before the element is eroded.  Therefore, the dominant failure mode
will gradually change from crushing to fibre breakage.  When the FSP reaches the backplane
its velocity will be so low that crushing of the underlying composite material will no longer
occur and the composite will fail in fibre breakage and delamination.  This agrees with
Langlie and Cheng’s findings [1], who observed that the failure process in a composite plate
under ballistic impact can be visualised by three subsequent layers dominated by through-
thickness failure, in-plane tensile failure, and delamination failure, respectively.  Figure 8
shows the case for m=10, where the backplane is initially pushed down, but eventually fails in
crushing.

DISCUSSION AND CONCLUSIONS

The foregoing shows that the damage exponent m has a considerable effect on the impact
response of the composite material.  Unfortunately, m has no physical meaning and cannot be
directly determined from experiments.  Williams and Vaziri [4] suggested that m can be
numerically calibrated to give the best representation for a certain impact test.  Impact tests on
flat plates and helmets are underway and these tests will hopefully yield a reasonable estimate
for m.  In addition to m, the numerical damage predictions are also strongly affected by the
strength values.  Material testing on the woven composite material and the aforementioned
impact tests will yield better estimates for these strength parameters.

Despite its limitations, the implemented post failure model yields more realistic results than
could have been obtained with the instantaneous failure models currently implemented in LS-
DYNA3D.  The MLT model is a promising and versatile numerical tool for simulating
progressive damage in fibre reinforced composite materials.

In future, mesh refinement and delamination layers between each ply layer or between groups
of plies at regular intervals through thickness will further improve the current model.  Post
failure modelling in the delamination criterion and linking the constitutive model with the tie-
break interface model will also yield a more realistic response.
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PERFORATION CHARACTERISTICS OF FABRICS
MADE OF HIGH STRENGTH PE FIBERS

K. Takahashi and H. Komatsu

Research Institute for Applied Mechanics, Kyushu University, Kasuga, Fukuoka 816, Japan

SUMMARY : Perforation study was performed for textile fabrics made of high strength PE
fibers to study effects of textile structure, strand twisting and fiber surface treatment on
perforation energy, i.e., fabrics resistance at perforation. An air gun facility was used to
accelerate a steel bullet in a velocity range 50-200 m/s. High speed photography was
performed to observe high speed deformation of specimen cloth until breakage.  The results
shows that two kinds of perforation modes exist depending on the textile structure, and the
perforation energy depends on the bullet velocity.

KEYWORDS : polyethylene, fabrics, ballistic impact, perforation

INTRODUCTION

Textile fabrics made of high strength fibers have been widely used for industrial and leisure
purposes. As the textile fabrics are regarded as high impact materials, they have been utilized
to protect mankind under the conditions in which people may be injured by projectiles.  For
example,  specially designed clothes such as space suits and bulletproof jackets are made from
high impact textile fabrics. Therefore, it is important to understand the impact resistance of
fabrics to know the limit of such clothes and to improve their properties. Also, fabric
composites have been developed by impregnating fabrics into resins. Therefore, it is useful to
characterize the impact properties of fabrics to know the impact resistance of the composites.

Aramid fibers such as Kevlar 29 and 49 have been widely used for high impact clothes, while
high strength polyethylene (PE) fibers have been also developed. Since some of PE fibers
have lower density and higher strength than the aramid fibers, the PE fibers may have an
advantage over the aramid fibers as fabrics for high impact clothes.

A few attempts have been made to study impact performance of textile fabrics. Montgomery
studied the effects of the shape of projectiles on impact energy absorbed by fabrics [1,2].
Wilde et al. studied impact performance of fabrics based on high speed photography [3,4].
Recently, Morrison et al. investigated the perforation phenomena of aramid laminates [5]. On
the other hand, Leech et al. studied impact behavior of cloths and nets by projectile
theoretically, and proposed a model to explain the behavior [6].

In the above studies, the velocities of the projectiles were in the range of several hundred
meter per second. On the other hand, in the present study, impact testing was performed at
relatively low bullet velocities (<200 m/s). Dependence of the bullet velocity on the
perforation energy absorbed by PE cloths was mainly investigated.
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EXPERIMENTAL

Material

High strength polyethylene cloths tested in the present study are shown in Table 1. In Table 1,
surface treatment means that the oil used during the process of fiber forming is removed.
Photographs of typical cloth surfaces and schematic drawings of the corresponding textile
structures are shown in Fig.1. The mechanical properties of the row fiber which is used for the
fabrication of cloth, are as follows:

    density: 0.98 g/cm2, tensile strength: 2.92 GPa, tensile modulus: 137 GPa.

Air Gun

A multipurpose air gun was used for the impact testing and the testing facility is shown in
Fig.2. The air gun consists of a high pressure vessel, a launcher barrel and a low pressure
vessel in which cloth specimen is held. The length of the whole apparatus is 4,000 mm. High
pressurized air of 5 liter  up to 150 atm can be filled up in the high pressure vessel using air
compressor or high pressure gas cylinder. The inner diameter and the length of the launcher
barrel are 25 mm and 2,000 mm, respectively.  The diameter and the length of the low
pressure vessel are 600 mm and 1,100 mm, respectively, and the inside pressure is reduced to

about  10-2 torr. This vessel has two pairs of window for observation.  The projectile (sabot)
used for the present study is made of polyethylene, and the geometry is shown in Fig.3.

Measurement of Bullet Velocity and High Speed Photography

The whole system for the measurement of bullet velocity and high speed photography is
shown in Fig.4. A chrome steel bullet (9.5 mm diameter and 3.55 g mass) is placed in the
front of the polyethylene sabot, and the accelerated sabot stops at the sabot stopper placed at
the end of the launcher barrel. As a result, only the steel bullet flies and collides against cloth
specimen. The bullet velocity Vi before the collision is measured from the time difference

when the bullet crosses over the two laser lights as shown in Fig.4. The deformation process
of the cloth specimen after the collision and the bullet velocity Vo after the perforation are

obtained using multiplex photography with  transmitted light pulse emanated from the multi-
flash.

Absorbed Perforation Energy

If a steel bullet collides against cloth specimen at velocity Vi and the velocity reduces to Vo
after perforation, then the perforation energy absorbed by the cloth can be estimated from the
difference of the kinetic energy of the bullet before and after the perforation, i.e.
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2 − V 
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(1)

where Ei and Eo are the kinetic energies before and after the perforation, respectively, and m

the mass of the steel bullet.
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Fixation of Cloth Specimen

Cloth specimen is fixed perpendicular to the direction of bullet flight and the bullet collides at
the center of the cloth. Detail of the specimen fixture is shown in Fig.5 (1). An example of
cloth specimen after impact test is also shown in Fig.5 (2). Figs.5(3) and (4) show the two-
dimensional distribution of elongation for unperforated cloth A obtained at Vi =59.9 m/s, and

Fig.5(5) show the side view of the same specimen just after the impact. The side view of
perforated cloth A obtained at Vi =76.8 m/s is shown in Fig.5 (6).

RESULTS AND DISCUSSION

High Speed Photography

Typical examples of high speed photography are shown in Fig.6(a) for cloth A and Fig.6(b)
for cloth B. In the caption of Fig.6, PI expresses the interval of light pulses. For both cloth A
and B, the figure (1) shows an unperforated result photographed at a velocity very close to the
critical velocity at which perforation occurs. The figures (2), (3) and (4) show perforated
results obtained at higher impact velocities. It is clearly seen from Fig.6 that for cloth A, the
yarns are cut off completely and there is no pull-out of yarn after the perforation; on the other
hand, the steel bullet perforates through the cloth B pulling out several yarns. It is also noted
that for cloth B, different pull-out modes can be observed depending on the velocity Vi. In the

present study, cloths A, A’ and D show the same tendency of perforation with cutting of yarns
as shown in Fig.6(a). On the other hand, for cloths B, B’, C and E, steel bullet perforates
through each cloth accompanied with pull-out of yarns as shown in Fig.6(b).

Critical Perforation Velocity and Critical Perforation Energy

When a steel bullet collides a cloth specimen, the bullet cannot perforate through the cloth at
the velocities lower than a critical value of impact velocity. The bullet perforates though the
cloth when the impact velocity reaches a higher value than the critical velocity. This critical
velocity is called the critical perforation velocity Vic and the corresponding energy absorbed

by cloth is called the critical perforation energy Ec.  For each cloth, Vic and Ec are shown in

Fig.7 and Fig.8, respectively. The results shown in Fig.7 and 8 are very useful to estimate the
perforation resistance of each cloth. However, these results may not present enough
information to compare the perforation energies absorbed by the cloths which have different
conditions such as the size of yarn, strand twisting, textile structure and raw material.  In this
study, the specific perforation energy is defined by

E 
R 

= E 
c 

W 
R 

(2)

where WR is the areal weight density, which is the weight of cloth per 1 m2. For each cloth,

ER value is shown in Fig.9. Although ER does not reflect the effect of each of the above

conditions on the perforation energy, it is a convenient method to evaluate the perforation
energy from comprehensive point of view.

The followings are obtained from the data for the specific perforation energy ER.
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(1) Effect of surface treatment
Treated cloth absorbs larger energy than untreated one even if the yarn size, the number of
twists, the textile structure and the areal weight density are the same in both cloths. It appears
that this is mainly because the frictional force between yarns in the treated cloth becomes
larger than in the untreated one owing to the removal of oil used during fiber forming process.

(2) Relation between the areal weight density and perforation energy
Regarding plain woven untreated polyethylene fiber cloth, the specific perforation energy
absorbed by cloth A is much lower than those of cloths C, D and E as shown in Fig.9. The

difference of the mean values is approximately 10 J/kg/m2. The critical perforation energy Ec
is shown as a function of the areal weight density WR in Fig.10. A linear relation between Ec
and WR  is observed in Fig.10. It is also observed that Ec of cloth A is lower than that of cloth

D, although both cloths have the almost same WR value. It may be understood that this is due

to the effect of the number of twists considering that the other conditions are the same in both
cloths. Thus, it is expected that the number of twists, 160 times/m, for cloth D gives higher Ec
value than 80 times/m for cloth A.

On the other hand, the Ec value of basket woven untreated polyethylene cloth B is lower by

20 % than the extrapolated value of the plain woven untreated cloths. It is expected that  a
group of basket woven cloths also has a linear relation between Ec and WR , and a straight

line situated at a lower position than the line for the plain woven cloths may be drawn in
Fig.10. This is further discussed in the following.

(3) Relation between the difference of textile structure and perforation energy
As described above, the perforation energy absorbed by plain woven cloth is larger than that
absorbed by basket woven cloth. This relation may originate in the difference of textile
structure. By comparing plain woven and basket woven cloths, in which the size of yarn and
the yarn density are the same, it can be said that the frictional force between yarns in plain
woven cloth is larger than in basket woven cloth, because the number of the crossing points of
warp and fill for plain woven cloth are four times that for basket woven cloth. This results in
the larger perforation energy absorbed by plain woven cloth.

Dependence of Perforation Energy on Vi

It is interesting to know the Vi-dependence of the perforation energy absorbed by cloth when

steel bullet collides the cloth at relatively low velocities (≤ 200 m/s) exceeding the critical
perforation velocity. Dependence of the perforation energy, Ei-Eo, on Vi is shown in Fig.11.

Fig.11 (a) shows the classification of marks used in the figures (b)-(h). The figures (b), (c) and
(g) show the examples of the case in which steel bullet cuts off the yarns. On the other hand,
the figures ( d), (e), (f) and (h) show the examples of the case in which steel bullet perforates
through the cloth accompanied with the pull-out of yarns. From these experimental results,
the following can be shown with respect to Vi-dependence of perforation energy.

(1) Relation between the difference of pull-out modes and perforation energy
Perforation energy absorbed by cloth depends on the pull-out mode, i.e. the number of yarns
pulled out. In general, larger number of pull-out results in larger absorbed perforation energy.
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(2) Vi-dependence of perforation energy

Perforation energy of polyethylene cloth tends to increase with increase of Vi in a certain

range of velocity greater than the critical velocity and decrease at higher velocities. However,
for cloth B (Fig.11(d)) and cloth E (Fig.11(h)), wide scatters are observed in the data because
the perforation energy varies with the pull-out mode. In general, the perforation energy tends
to increase with increasing Vi. In Figs.11(d) and (h), Vi-dependence of the perforation energy

is not clear for the velocities greater than 200 m/s. Considering the Vi-dependency of the other

cloths, it is expected that for cloth B and E, the perforation energy also decreases with
increase of Vi for Vi>200 m/s, and then reaches a constant value. This Vi-dependency appears

to depend on the shape and size of projectiles and the range of the impact velocity [2].

Generally, absorbed perforation energy by cloth due to the collision of steel bullet depends on
the way of the specimen fixation and the mechanical  properties of the row fibers. It is also
considered that the pull-out resistance of yarn, the change of textile density generated by the
collision and the microdamage morphology of yarn and filament including heat effects have
influence on the perforation energy. A further study is needed for understanding the detailed
mechanisms.

CONCLUSIONS

Perforation study of high strength polyethylene fiber cloths was performed in a velocity range
50-200 m/s using an air gun facility. The followings have been shown by the study.

1. The perforation energy initially increases linearly with increase of the bullet velocity.
However, it tends to decrease over a limit which is around at 150 m/s.

2. The critical perforation energy, which is defined as the minimum energy required to cause
perforation, can be shown as a linear function of areal weight density of fabrics.

3. Two kinds of perforation modes, that is, cutting of yarns and pull-out of yarns are observed
    depending on the textile structure.

4. Effects of fiber surface treatment as well as of strand twisting are shown to exist.
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USING A HOMOGENIZATION PROCEDURE FOR
PREDICTION OF MATERIAL PROPERTIES AND
THE IMPACT RESPONSE OF UNIDIRECTIONAL

COMPOSITE

A. D. Resnyansky 1 and E. I. Romensky 2   

1 School of Mechanical and Manufacturing Engineering, UNSW, Sydney 2052, Australia
2 Sobolev Institute of Mathematics Siberian Division of Russian Academy of Sciences,

Novosibirsk 630090, Russia

SUMMARY:  The aim of the work is to design hierarchical model for description of the
dynamic behaviour of unidirectional composite. On the basis of the Maxwell-type viscoelastic
model [1] a procedure of derivation of dynamic equations for the composites is proposed. The
space arrangement of constituents in the direction transversally to the symmetry axis is out of
consideration. In the present paper the bonding between the constituents is assumed to be
perfect. Comparing data of the known theories and experiments with the results obtained, the
effective elastic characteristics are in good agreement for fibrous composites, and are
coincident with the known theory [2] for laminated composites. Assuming finite elastic
deformations, the procedure gives the equations containing the well-known plastic spin. The
model obtained is applied to the problem of the shock-wave propagation in an obliquely
loaded laminated composite. The shock-wave splitting is observed that is in agreement with
the experiment [3]. The phenomenon is explained by analysis of peculiarities of the load-
deformation curve. The cause is seen in the variation of the strength properties of the
composite due to the reinforcement rotation during the loading.

KEYWORDS:  hierarchical model, homogenization approach, shock-wave propagation, off-
axis loading, laminated composite

INTRODUCTION

Practical needs in the consideration of composite as a homogeneous anisotropic medium gave
a rise in popularity of homogenization procedures. This consideration provides quite correct
general description of the process of loading. Simple homogenization rules work quite well in
numerous applications and they are very convenient for the finite-element computations of
structures containing composite members. However, in some cases the micromechanical
peculiarities are of interest and description of residual stresses and internal microstresses is
required.

Micromechanical approaches give a useful information but they are restricted to the
consideration of individual fibre [2, 4-6]. Therefore, the homogenization approach is best
suited for an analysis the composite as a whole. Most of the known procedures aim to derive
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elastic moduli of composite in order to use the anisotropic theory of elasticity in finite element
computations.

Our objective is to design a procedure for derivation of evolution equations. In doing so the
effective elastic characteristics are a by-product. Three-level hierarchy is established during
the application of the procedure. The low level is associated with the microstructural process
in the composite's constituents (irreversible processes in the lattice caused by dislocations and
microdefects). In the paper this level is realized by the description of the constituents by the
Maxwell-type viscoelastic model [1]. The second level is associated with the micromechanics
of the composite and results from the description of the fibre-matrix interaction. Finally, the
upper level is presented by the description of the composite as a whole (the phenomenological
description) within the framework of the conservation laws and constitutive equations; these
latter are derived from the basic model (the low level) and the homogenization procedure (the
second level).

The resultant equations can also be used in the finite element computations. An application of
the model to the three-point bending problem is presented in the proceedings [7]. The
Onzager principle, expressing the symmetry of inelastic reactions to the load,  is valid for the
model. This principle is of fundamental significance for the design of finite-element algorithm
because it enables one to derive the symmetrical stiffness matrix.

THE HOMOGENIZATION APPROACH: BRIEF DESCRIPTION

Homogenization procedure has to take into consideration a great number of factors. The
composite is a very complex structure and the interaction between components is hard to
analyse. Therefore, a certain degree of idealisation is necessary to describe both the composite
as a whole and at least the main features of the constituents' interaction.

The main problem in the design of the phenomenological theories is to take into consideration
as many factors as possible and to make the derivation as simple and utilitarian as possible.
As a basis, we take quite complex model for the description of the constituents. This gives us
some reserve in manipulation by assumptions of the second level. Because the utility of
derivation and thermodynamical correctness of the model are among our aims, we select a
simple set of assumptions for the description of the constituents’ interaction.

Due to the presupposed perfect bonding of components the equality of velocities in the fibres
and matrix is the case. The load transfer between the components is quite complex and
depends on the length and quality of fibres. Distribution of radial and circumferential stresses
around fibre and the interaction of the stress fields among individual fibres and matrix are also
nontrivial issues in the micromechanics of composites. Taking as an example the fibrous
unidirectional composite, we consider that the following assumptions are absolutely
necessary: i)  the difference between the constituents’ stresses in direction of the fibre line can
not be neglected; ii)  this difference induces internal microstresses acting in the longitudinal
direction. For simplifying assumptions we take: i) stresses in the transversal direction are
distributed uniformly in both composite’s components; ii) the mixture rule for stresses in the
longitudinal direction is valid. Mathematical representation of the assumptions stated above
is:

σ σ σij ij ij i j( ) ( ) , ( , ) ( , )1 2 11= = ≠ (1)
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Here the x1 - direction is assumed to be coincident with the fibre direction, the stresses inside
fibres are σ ij

( )1 , inside matrix - σ ij
( )2 , `averaged' stresses of the composite as a whole - σ ij .

Hereafter, the upper indices in parentheses are associated with the number of a composite's
constituent (“1” - fibre, “2” - matrix). It is assumed that only the difference between σ11

1( ) and
σ11

2( )  can not be neglected. This difference generates internal microstresses determined by
variable ∆ 11 that presents the difference between elastic microstrains ε 11

1( ) and ε11
2( ) :

∆ 11 11
1

11
2= −ε ε( ) ( ) . (2)

Connection with the internal microstresses is obvious because microstresses σ ij
k( )  are related

to elastic microstrains ε ij
k( )  by the Hooke's law. An interesting peculiarity of this structural

parameter is that it is irreducible at elastic deformations of the composite as a whole including
the stress release. Therefore, ∆ 11 is connected directly with the residual stresses in the
composite.

On the microlevel the longitudinal stress σ 11 is a sum of the longitudinal microstresses σ ij
k( )

proportionally to the fibre volume fraction c:

σ σ σ11 11
1

11
21= + −c c( ) ( )( ) (3)

Thus, this procedure avoids the fibre arrangement, the component's bonding and local
distributions of the transverse stresses but enables the longitudinal microstresses to be taken
into account. Additional hypotheses for elastic microstrains and thermophysical variables
(temperature T  and specific entropy s) are:

T T T s c s c s= = = + −( ) ( ) ( ) ( ), ( ) ,1 2 1 21 (4)

ε ε ε11 11
1

11
1

= −( ) ( )
, (5)

ε ε ε ε εij ij ij ij ijc c i j= − + − − ≠( ) ( )( ) , ( , ) ( , ),( ) ( ) ( ) ( )1 1 2 2
1 11 (6)

here ε ij
k( )

 - microstrains induced in the constituents by the irreversible processes after the
stress release has occurred.

The origin of the least obvious hypothesis (5) results from the micromechanical consideration
of the loading-unloading cycle of unidirectional composite in the longitudinal direction. A
detailed analysis and derivation of (5) have been carried out in [8]. Absolutely similar
hypotheses are constructed for the unidirectional laminated composite.

Introduction of the assumptions for microstrains and temperature gives an opportunity to
connect all microstresses, microstrains and corresponding thermophysical characteristics to
the macrovariabes. If the equations of dynamic behaviour for each the composite's
components are given, then, using the hypotheses stated above, we can obtain: i) relationships
between stresses and strains (including the temperature and entropy); ii) equations of the
dynamics of composite.



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 555

Detailed derivation for the case of small elastic deformations is stated for the unidirectional
fibrous and laminated composites in [8,9]. Generalisation for the case of finite elastic
deformations is based on the use of a transformation of a rectangular system associated with
fibre into the Cartesian coordinate system. In fact, the transformation is a matrix of the fibre
rotation and it determines fibre location in the stress release state.

The transformation of the tensor variables (strains, stresses, the structural parameter ∆ )
results in the appearance of the plastic spin in the right-hand sides, which are responsible for
the inelastic behaviour of composite. In general form the system of equations of the model is:

da

dt
a

u

x
a

ij

ik
k

j
ik kj+ = −

∂
∂

ψ ,                
db

dt
b

ij

ik kj= θ ,

d

dt
ij

ij ik kj ik kj

∆
∆ ∆= − + −λ θ θ , (7)

where

~ ~ ~ ~ ~,ψ α σ α σ α σ β11 11 11 12 22 12 33 1= + + + q

~ ~ ~ ~ ~,ψ α σ α σ α σ β22 12 11 22 22 23 33 2= + + + q (8)

~ ~ ~ ~ ~,ψ α σ α σ α σ β33 12 11 23 22 22 33 2= + + + q

~ ~ ,
~ ~ ~ ~ ~,ψ α σ λ β σ β σ β σ γij ij q i j= = + + + ≠66 11 1 11 2 22 2 33

here α β γij i, ,  - the coefficients derived by use of the homogenization procedure from the

functions of the Maxwell-type model for the composite’s components [9], they depend on the
relaxation functions and the stress state in the constituents. The symmetry of coefficients in
(8) expresses the fundamental fact - the Onzager symmetry principle. In the system (7) θ ij  are

components of a tensor which is responsible for irreversible change in the fibre orientation, it
is a given function when the functions ~ψ ij  are given. The tensor with components bij  is a

tensor of irreversible rotation for fibre, ~
~q E= ∆ , a tilde-variable 

~
f ij  is a tensor in the

rectangular system associated with either the fibre or the normal to lamina, it is expressed
through that in the Cartesian system by the standard transformation rule: f b f bij ik km mj=

~
. The

system (7) is completed by the conservation laws for energy and momentum, and a given
dependence of the internal energy E on the strain tensor, structural parameter and entropy.

EFFECTIVE ELASTIC CHARACTERISTICS

To illustrate the influence of the fibre content on elastic muduli, the characteristics in this
section will be analysed for the case of isothermal deformation. Invoking the procedure of
homogenization, the Hooke's laws for constituents yield the stress-strain relations which are
typical for the transversely isotropic material:
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σ ε ε ε11 11 11 12 22 12 33= + +C C C ,

σ ε ε ε22 12 11 22 22 23 33= + +C C C , (9)

σ ε ε ε σ ε33 12 11 23 22 22 33 662= + + = ≠C C C C i jij ij, ,

where

C C11

2 1 2

12

1

2
1 1

= + +
+ +

−
+

=
+ +

− −

λ µ
λ

λ µ λ µ
λ

λ µ
λ

λ µ λ µ
, ,

C C22

1 1

23

1 1
1 1 1 1

=
+

+ =
+

−
− − − −

λ µ µ λ µ µ
, , . (10)

( )C C C66 22 23

1
1

2

1
= − =

−

µ
,

here λ µ,  are the Lame coefficients. Expressions in the angle parentheses present the mixture
rule K cK c K= + −2 21( ) . K cK c K= + −2 21( ) . The longitudinal and transverse Young's
moduli E E1 2, , the shear modulus G2 and the longitudinal and transverse Poisson's
coefficients ν ν1 2,  can be easy linked with  Cij :

( ) ( )[ ]
( )E

C

C C
E

C C C C C C

C C C
1

12
2

22 23
2

22 23 11 22 23 12
2

11 22 12
2

2 2
=

+
=

− + −

−
, ,

G C
C

C C

C C C

C C C2 66 1
12

22 23
2

11 23 12
2

11 22 12
2= =

+
=

−
−

, , .ν ν (11)

It is interesting to note that the procedure applied to the laminated structure gives the elastic
moduli which coincide identically with those stated in the popular monography by
Christensen [2]. Therefore, we shall analyse the dependencies of the elastic constants on the
fibre content only for the fibrous composite.

The well-known estimates for an effective modulus of the composite Kc (K f  - the respective

elastic modulus of fibres, Km - the elastic modulus of matrix) are the Voigt estimate (the
mixture rule) and the Reuss estimate, respectively:

K cK c Kc f m= + −( )1 , ( )1 1K c K c Kc f m= + − ,

where c - the fibre volume concentration.

The longitudinal Young's modulus E1 for the composite in most of theories is in very good
agreement with the Voigt estimate (the rule of mixture), experiments are in agreement with
this rule, too. Our formulas are not an exclusion and they are practically coincident with the
linear dependence of the mixture rule.
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Fig. 1: The transversal Young’s modulus (a) and the rigidity modulus (b) for the glass/epoxy
fibrous composite

Theoretical and experimental dependencies are not so simple for the transversal Young's
modulus E2 and the rigidity modulus G2. The well-known approximation for the moduli is the
Reuss estimate. It is interesting to note that our dependence for the rigidity modulus is exactly
the Reuss estimate. Experiments stated in [4] give the moduli (points in Fig. 1)  for the
glass/epoxy composite (elastic constants for fibre and matrix are E G Paf = 731. ,

G G Paf = 302. , ν f = 022. , E G Pam = 345. , G G Pam = 18. , ν m = 035. ). Our results

(curves 1 according to equations (10), (11)) are compared in Fig. 1 with the theory of [4] and
the Reuss estimate of the effective moduli. It is seen that the discrepancy between all the
theories and experiment is of the same order.

Experimental data for the graphite/epoxy-resin composite by Goggin [10] are stated by points
in Fig. 2. Elastcic data for the constituents are: the type 1 fibre E GPaf = 395 , ν f = 028. ; the

type 2 fibre   E G Paf = 230 , ν f = 028. ; the fibre in the transversal direction:

E GPaf = 276. , ν f = 028. ;  the epoxy resin system: E G Pam = 39. , ν m = 033. . Fig. 2, (a)

corresponds to the transversal Young's modulus E1, Fig. 2, (b) -  the rigidity modulus G2, Fig.
2, (c,d) -  the longitudinal and transversal Poisson's ratios ν1 and ν 2 , respectively. Curves 1,
2, 3 in Fig. 2, (a) correspond to the three types of fibres mentioned above according to the
formulas (10), (11), curve 1 in Fig. 2, (b-d) - to the fibre type 1 calculated by the same
formuli.

The data by Goggin have quite large scatter, especially for the Poisson's ratio. The Young's
modulus of the fibre type 2 is less than that of the fibre type 1. However, the transverse
Young's modulus of the composite with the fibre type 2 is higher than that with  the fibre type
1 (Fig. 2, (2)). Appearently, this feature is associated with the strong anisotropic properties of
fibres. Our model of the constituents is an isotropic material. Therefore, we calculated curve 3
in Fig. 2 (a) for a fibre with the Youngs’s modulus corresponding to the experimental
transversal Young’s modulus of the graphite fibre.

Among theoretical data the well-known formuli are those by R. Hill stated in [5]. For the
constants from (10) they take the form:

( ) ( )( )
C c c

M
C c c

M
11

1 2

2

12

1 2 1 1 2 2
2 1 1= + − −

−

+ +
= − −

− + − −

+ +
λ µ

λ λ
λ µ

λ
λ λ λ µ λ µ

λ µ
( )

� �
, ( )

� �
,
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( ) ( )
C C C c c

M66 22 23

1 2

2

1

2
1= − = − −

−
+

µ
µ µ

µ
( )

�
, (12)

( ) ( )1

2
122 23

1 1 2 2

2

C C c c
M

+ = + − −
+ − −

+ +
λ µ

λ µ λ µ
λ µ

( )
� �

,

here � ( ) .f c f cf= − +1 1 2  It is easy to check that at M = 0 these formuli reduce to
dependencies (10). Because M  has the meaning of the shear modulus we take as an example
M = µ . Calculations according to (12) give the curve 4 in Fig.2, (a) and curves 3 in Fig. 2,
(c-d). The semi-empirical dependencies by C.Chamis stated in [6] are the curve 5 in Fig. 2, (a)
and curves 2 in Fig. 2, (b-d). Our formuli describe experiments on the Poisson’s ratio in the
best way among theoretical data mentioned above. For the transversal Young’s modulus and
the rigidity modulus the discrepancy between all the theories and experiment is again of the
same order.

Fig. 2: The effective elastic characteristics for the graphite/epoxy composite. The transversal
Young’s modulus (a) (points are the experiments [10]); the rigidity modulus (b); the

longitudinal Poisson’s ratio (c); the transversal Poisson’s ratio (d)

The comparison gives us a confidence in use of the homogenization approach for the
derivation of dynamic equations.

THE SHOCK WAVE RESPONSE OF COMPOSITE

To illustrate the potential of the model a computation of the shock wave propagation in
obliquely oriented laminated composite has been conducted. The method of calculation of the
system (7) is the finite-difference Godunov scheme. The composite structure has been chosen
in accordance with an experimental sample by Sve and Okubo [3], where the Al/Lexan
composite has been oriented symmetrically (Fig. 3,a) and obliquely (Fig. 3, b) to the shock
wave.
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Fig. 3: Sketches for the straightward and obliquie shock-wave loading of the laminated
composite

In order to understand the process of the off-axis loading let us consider the loading of the
representative volume of the composite by uniaxial stress. The sketch of the process is drawn
in Fig. 4. The corresponding load-deformation curve computed by the model shows that in
certain range of orientations the stress response is complex due to rearrangement of the
composite structure during the loading. At the symmetrical loadings (the cases 1 and 3) the
composite strengths correspond to those of the fibre or matrix. For  the off-axis loading (the
case 2) the composite strength changes during the deformation, depending on the
reinforcement direction.

Fig. 4: Schemes of the off-axis loading and calculation of the load-deformation curve for the
case of rotation of the reinforcement

Coefficients α β γ, , of the functions ψ ij  in (8) which are responsible for the inelastic

behaviour of the constituents are constructed from  experimental dependencies of the yield
limit on the strain rate. The method for the construction of the functions can be found in [11].
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Fig. 5: Calculation of the shock-wave response of the symmetry-oriented and obliquely
oriented laminated composite; 1 - the velocity profile, 2 - the microstress profile, 3 - the

change in the fibre orientation

The shock-wave propagation calculated for the samples in Fig. 3 has a number of
peculiarities. At symmetrical loading (velocity versus coordinate in the sample at a moment of
time - the curve 1, Fig. 5, a), the fibre orientation does not change during the process (curve
3), 

~∆  (curve 2) associated with the internal microstress (the difference in elastic strains
between the constituents) changes only after the elastic wave has passed and the plastic wave
has induced the microstress in the sample.

However, in the case of off-axis loading (the orientation angle ϕ 0 47= $) the fibre orientation
becomes an essential factor due to the rearrangement stated in Fig. 4. Initially, the elastic
wave acts as in the preceding case (velocity - curve 1 in Fig. 5, b), then the successive load
changes the layer orienation and modifies the strength properties of the sample. It is seen from
Fig. 5,(b) that in the second wave the angle orientation has been changed (curve 3), a rise in
~∆  (curve 2) indicates that the composite in these points is out of elastic range and the change
is associated with the structural rearrangement. The third wave performs the final loading up
to the limit determined by the striker.

Fig. 6: Comparison between the calculated (curve 1) and the experimental [3] (curve 2)
velocity profiles

The comparison of the calculation with the experiments [3] shows good agreement between
the velocity profiles (Fig. 6).
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CONCLUSION

A homogenization procedure for unidirectional composite is proposed in the paper. The aim
of the approach is to design a three-level hierarchical model for description of the dynamic
behaviour of the composite materials. Effective elastic characteristics obtained by the
procedure for the fibrous and laminated composite are within the range of the well-known
theoretical and experimental data. The model is suitable for description of the shock-wave
data for composites. The calculation of the obliquely loaded composite is in good agreement
with the known experiment [3].
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IMPACT DAMAGE AND FAILURE MECHANISMS IN
STRUCTURE RELEVANT COMPOSITE SPECIMENS

J. F. M. Wiggenraad and L. C. Ubels

National Aerospace Laboratory NLR, P.O. Box 153, 8300 AD Emmeloord, The Netherlands

SUMMARY:  Impact damage and failure mechanisms, representative of stiffened composite
wing panels, were studied using small but structure relevant (SR) specimens. It was investigated
how laminate stacking sequence influences the location within a laminate of the major
delaminations that are generated by impact. Impact damages for six different lay-ups showed
major delaminations predominantly at the ply interfaces where they were expected.
Subsequently, the residual strength of the SR specimens was determined in compression. The
major impact induced delaminations were also the delaminations that propagated under loading,
driven by bending or buckling of the 0-degree plies. However, with increased loading, transverse
shear of the delaminated sublaminates became the ultimate failure mechanism. Thus it was
concluded that the residual strength of the SR specimens depends primarily on the reduced
global stability of the damaged laminate, and less on the individual stability of the delaminated
sublaminates. A failure criterion is needed, based on longitudinal compressive strain and
transverse shear strain in 0-degree dominated ply stacks.

KEYWORDS : design, impact, damage tolerance, modelling, testing

INTRODUCTION

The development of structural concepts for compression loaded, damage tolerant, stiffened
composite wing panels requires an experimental investigation of the failure mechanisms that
may occur. Insight into these mechanisms will lead to design guidelines for the structural
configuration considered, and can be incorporated in design optimization procedures. One of the
most critical states of damage to consider is the presence of one or more delaminations between
the plies of a laminate, caused by low velocity impacts. Such delaminations tend to spread when
the panel is loaded in compression, reducing the overall stability of the panel until ultimate
failure occurs. (Delamination "spread" is defined as the quasi-static or dynamic propagation of a
delamination under increased static loading, as opposed to delamination "growth" under fatigue
loading).

The fabrication and testing of full scale stiffened panels is an expensive procedure, so for
economic reasons most experiments are commonly performed on relatively simple specimens:
plain laminates with corresponding material properties. When testing a laminate in the form of a
small specimen supported by a frame, the damage resulting from the impact event as well as the
residual compression strength may deviate considerably from the experimental values that are
obtained when the laminate forms part of a larger structural configuration. Structural properties,
such as the different dynamic response during impact and the presence of multiple load paths in a
larger structure are thought to be responsible for the often superior damage tolerance observed
when testing structures instead of small specimens.
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At ICCM-9, a small Structure Relevant (SR) specimen was described [1], which is less
expensive to make and test than a full scale panel. When combined with a support to simulate the
stiffener [1-2], it maintains the essential design features of the panel configuration that is being
investigated, see Fig. 1. The SR specimen was shown to be useful in providing insight in
delamination spread mechanisms. In this study, delaminations were provoked by the insertion of
circular bronze foils. However, a proper evaluation of the damage tolerance of different design
concepts requires that genuine damage is induced in the SR specimens by impact. This impact
damage must correspond to the damage resulting from impacts on the stiffened panels that are
represented by the SR specimens. At ICCM-10 a method was presented to apply structure
relevant impact damage to SR specimens [3]. It was shown that the flexibility present in a larger
structure can be approximated by selecting the proper support conditions for the SR specimen. It
appeared that if the support conditions are such that the maximum deflection measured during
impact at the impact site is approximately the same for stiffened panel and SR specimen, this will
result in similar damage.

Fig. 1:  Concept of structure relevant specimen

Based on the previous studies [1-3] it was believed that the failure mechanism related to the
damage configuration considered, consists of the spread of a few preferred delaminations out of
the multitude of delaminations and matrix cracks present in the impacted area, followed by
sequential buckling of the delaminated sublaminates. When the overall stability of the panel
reaches a critical value, ultimate failure occurs. As delamination spread occurs mainly in the
lateral direction (perpendicular to the stiffeners) it is expected to start from delaminations with
the widest span. The findings reported in [1-3] also revealed that the major impact induced
delaminations are formed along certain preferred ply interfaces. Hence, it was postulated in [3]
that by a deliberate positioning of these preferred interfaces deeper inside the laminate, thicker
sublaminates will be formed by the impact. As thicker sublaminates have a higher resistance
against buckling, delamination spread and ultimate failure are expected to be delayed when the
specimen is loaded by increased compression.

In the present study the results are presented of a test programme, in which SR specimens with
six different lay-ups were provided with impact damage and subsequently loaded in compression
up to failure. The objectives of this programme were to investigate whether the major impact
induced delaminations occur at the interfaces where they are expected, and to evaluate the
validity of the postulated failure mechanism. 
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PANEL DESIGN AND SR SPECIMEN CONFIGURATION

The configuration of the SR specimens was based on a damage tolerant stiffened carbon/epoxy
panel concept developed by Boeing [4], now applied in the V-22 Osprey wing. This concept
comprises a soft (low axial stiffness) skin, doublers (extra plies added locally to the skin
underneath the stiffeners) and discrete (pre-cured) stiffeners, see Fig. 2. A panel design with
I-stiffeners was determined for an ultimate load level of 2000 N/mm, using the PANOPT
optimization code for stiffened panels [5], see Fig. 3. One of the six SR specimen lay-ups was
identical to the skin/doubler configuration of the panel design, while the other lay-ups were
variations thereof. The lay-ups of the six different SR configurations are listed in table 1 and are
shown in Fig. 4. In the present paper, results are discussed for five specimens of each lay-up.

Fig. 2:  Boeing’s damage tolerant panel concept with soft skin, doublers and discrete stiffeners

Fig. 3: Design specifications, geometry and lay-up (dimensions in mm)

Table 1: Laminate configurations
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EXPERIMENTAL PROCEDURE

Low velocity impact damage was applied to the first three specimens of each lay-up with an
instrumented impactor, at the flat skin opposite to the edge of the doubler as shown in Fig. 4. The
impactor used had a mass of 2.312 kg and a semi-spherical tup with a diameter of 1.0 inch (25.4
mm). The impact energy was 35J for the first specimen and 50J for the second and third
specimens of each lay-up. The fourth specimen of each lay-up was statically indented up to the
same deflection as the maximum deflection measured during the 35J impacts. The fifth specimen
of each lay-up was left undamaged. All damaged specimens were C-scanned, and the first
specimen of each lay-up was dissected for a post-mortem investigation of the impact damage.

After impact damage was induced, the specimens were loaded in static uni-axial compression up
to failure (or up to a compressive strain of 0.0070 in case of several of the undamaged
specimens), mounted in the anti-buckling guide shown in Fig. 5. Displacements were measured
with LVDT's, and strains with strain gauges at locations also shown in Fig. 5. The failure mode
was established with post-mortem fractography for specimens '3' of each lay-up.

Fig. 4: Lay-ups of six SR-specimens with major impact induced delaminations (cross-section A –
A refers to figure 8)
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RESULTS AND DISCUSSION

Impact Damage

Impact parameters are not discussed, except to indicate that the static and dynamic (35J)
responses of the SR specimens were very close, as shown in Fig. 6 for Lay-up 1. This similarity
may warrant the approach to design for "static" rather than dynamic impacts, an observation
which may simplify optimization procedures in the future, as static responses are easier to
compute. The first specimen of each lay-up was dissected, and the major delaminations were
made visible with uv-light, illuminating a penetrating fluid (Fig. 7). The cross sections shown are
located at a distance of approximately 20 mm from the impact site to eliminate the smaller
delaminations. The location of the major delaminations relative to the stacking sequence are
indicated in Fig. 4 for all six lay-ups.

Fig 5: Test configuration of SR-specimens

In the following discussion the damage is described with reference to the impact direction: the
front is the flat, impacted side of the laminate. Most lay-ups contained two 0-degree ply stacks
and all lay-ups contained two 90-degree skin plies. The major impact induced delaminations
were expected to occur behind the 0-degree ply stacks and along the 90-degree plies when these
were nearby. Lay-up 1 shows two major delaminations behind the two 0-degree ply stacks, and
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along or close to the 90-degree plies which are located behind these ply stacks, as expected.
Lay-up 2 shows three major delaminations: two behind the 0-degree ply stacks, very deep inside
the laminate, but also one in front of the first ply stack, very close to the free surface. This
undesirable delamination is caused by the presence of a 0/90 degree ply interface in front of the
first ply stack. Lay-up 3 also shows two major delaminations behind the 0-degree ply stacks.
However, another large delamination is found in the wide space between the two thick 0-degree
ply stacks, behind a thinner stack of two 0-degree skin plies that pass through this space. Lay-up
4 shows two large delaminations behind the two doubler ply stacks, as well as two smaller
delaminations in front of each doubler ply stack. The two continuous 0-degree skin plies passing
in front of the two doubler ply stacks are apparently responsible for these smaller delaminations.
Lay-up 5 has a discrete doubler ply stack located on top of an uninterrupted flat skin. The
damage, very different in character compared to the damage of the other lay-ups, resembles
damage in a quasi-isotropic flat laminate, where the many ply angle changes (stiffness jumps)
result in a larger number of smaller delaminations. The widest ones are located along the two
90-degree plies. Lay-up 6 is identical with Lay-up 1, except for two bond films added
immediately in front of the two 90-degree plies. Just as for Lay-up 1, the major delaminations are
located behind the doubler ply stacks. The bond layers apparently had no benevolent effect on
the size of the impact damage.

Fig. 6: Dynamic response (35J) versus static response for lay-up 1

Ranking the six lay-ups for expected "damage tolerance", based on the location and size of the
major impact induced delaminations, and in correspondence with the postulated failure
mechanism of buckling sublaminates, the following order (from best to worst) was tentatively
established: Lay-ups 1, 6, 3, 2, 4 and 5. Apparently, to "place" delaminations deep inside a
laminate, and to avoid the formation of additional undesirable delaminations at other locations,
the number of ply angle changes should be limited. This can best be achieved by stacking the
0-degree doubler stacks adjacent to the 0-degree plies of the skin, by positioning the 90-degree
plies immediately behind the 0-degree ply stacks where they will certainly provoke the formation
of the major delaminations, and by surrounding these "planks" with uninterrupted ±45 ply stacks.
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Fig. 7: Major delaminations in SR specimens

Failure Mechanisms

Specimens 2-5 of each lay-up were loaded in compression up to failure, or up to a compressive
strain of 0.0070 for some of the undamaged specimens (to prevent damage to the test
instrumentation). The maximum loads achieved are shown in table 2. The size of the total C-scan
damage area is also presented for these specimens. Most configurations had C-scan areas of
approximately 1800 mm². The C-scan areas for Lay-up 4 are somewhat smaller at 1500 mm²,
and the C-scan areas of Lay-up 5 (with a discrete doubler on top) are showing a much larger
scatter, from 1450 mm² to 2450 mm². This scatter is related to the large delamination occurring
between doubler and skin, which is less consistent than the "enclosed" delaminations of the other
configurations.

It appears from table 2 that the maximum loads of the undamaged specimens (specimens 5 of
each lay-up) are much higher than those of the damaged specimens, all corresponding to axial
compressive strains in excess of 0.0070. It should be noted that the axial stiffness of Lay-up 5 is
less than the stiffness of the other lay-ups, because its discrete doubler stack on top of the skin is
"softer" than 011 (to limit the stiffness difference between soft skin and stiff doubler). The failure
loads of indented specimens 4 are, like the damage areas, of the same order of magnitude as
those of the impacted specimens 2-3. For five of the six lay-ups the failure loads of the damaged
specimens were very close. For Lay-up 4 the difference between specimens 2 and 3 was much
larger (20%). This difference is due to the different failure modes observed for these two
specimens: bending of the damaged area toward the window in the anti-buckling frame support
(Fig. 5), or bending backward against the support. It must be concluded that the SR specimens do
not provide residual strength values representative of the stiffened panel configuration. Unlike
for the thicker (and stiffer) SR specimens described in [1-2], the absence of the stiffener can not
be fully compensated by the influence of the support, which can push but not pull. Hence, the
final failure mode of most specimens was by buckling in the direction away from the support
into the window. Two of the higher failure values were observed for specimens which bent in the
opposite direction, toward the support (specimens 2 of Lay-up 3 and Lay-up 4).
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Table 2: Damage areas and failure loads

However, to validate the postulated failure mechanism, of major delaminations growing and
sublaminates buckling, post-mortem cross sections (as indicated by A-A in Fig. 4a) were made
of specimens 3 of each lay-up, all of which had failed in the same mode: buckling away from the
support (opposite to the impact direction). Photographs of these sections are shown in Fig. 8 of
the skin/doubler zone, in which the 0-degree plies are visible as the lighter layers. The failure
loads of these specimens were 259/266J for Lay-ups 3 and 6, 229/230 J for Lay-ups 1 and 2, and
219/222 J for Lay-ups 4 and 5. Comparing this order of "damage tolerance" to the order
concluded above on the basis of the impact induced delaminations, there is not much difference:
Lay-up 3 was better than expected and changed positions with Lay-up 1, most likely because it is
an almost symmetric laminate and remained straight up to higher loads. Lay-up 6, thought to be
equivalent to Lay-up 1 because it has the same stacking sequence, while the added bond layers
had not limited the size of the damage, was actually better than Lay-up 1. The superior residual
strength of Lay-up 6 may be caused by a higher resistance against delamination spread or by the
improved stability due to the added thickness of the bond layers.
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Fig 8: Post-mortem cross-sections of SR specimens ‘3’ in figure 4A (A-A)

Based on the most-mortem results it is concluded that the postulated failure mechanism is correct
in the sense that the major impact induced delaminations located behind the 0-degree doubler
plies are the delaminations that grow, driven by the buckling or bending of these ply stacks.
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However, the differences between the failure loads of the different lay-ups are smaller than
expected, indicating that buckling of the delaminated sublaminates is not the only acting failure
mechanism. From the photographs in Fig. 8 it is clear that ultimate failure occurs by transverse
shear of the unsupported 0-degree ply stacks. This failure mechanism does not seem to depend
much on the location of the 0-degree ply stacks, but rather on the amount of transverse shear
deformation that occurred. Increasing the global stability of the laminate, by maintaining
symmetry even in the doubler area (Lay-up 3) or by increasing the laminate thickness with bond
layers (Lay-up 6) apparently resulted in a higher damage tolerance. The global stability of an
impacted laminate is also increased by the presence of a stiffener. In fact, stiffened panels, made
according to the same design as shown in Fig. 2, and tested in compression with similar impact
damage [3], failed at much higher strains of 0.0062 and 0.0070 than the 0.0050-0.0055 observed
for the damaged SR specimens. The failure modes of the panels were not even related to these
damages, which illustrates the effect of the support of stiffeners in particular, and the damage
tolerance of Boeing's design concept in general.

CONCLUDING REMARKS

Impact damage and failure mechanisms were studied using small (unstiffened) structure relevant
(SR) specimens. By varying the stacking sequence of the skin/doubler laminate it was tried to
influence the location of the major impact induced delaminations within the laminate. It was
believed that delaminations located deeper inside a laminate would lead to improved damage
tolerance. Results for six different lay-ups were compared, and the major delaminations were
found at the ply interfaces where they were expected. In some cases, additional "undesirable"
delaminations were found also.

Subsequently, damaged and undamaged specimens for each lay-up were loaded in compression
while supported in an anti-buckling frame; the damage reduced the residual strength as expected.
For five of the six lay-ups the failure loads of the damaged specimens were very close. The
failure loads for the damaged specimens of the sixth lay-up were 20% apart due to the
occurrence of different failure modes. Specimens which were damaged by slow indentation
showed similar damage and similar residual strength as impact damaged specimens. This may
have important implications for design optimization procedures, as static responses are easier to
compute than dynamic responses.

A postulated failure mechanism was confirmed to a certain extent, in the sense that the major
impact induced delaminations were indeed the delaminations that propagated, driven by the
bending or buckling of the doubler ply stacks. However, transverse shear of the increasingly
unsupported 0-degree ply stacks became the ultimate failure mechanism. As a result of these
observations, it will be undertaken to develop a failure criterion based upon the interaction of
longitudinal compressive strain εx and transverse shear strain γxz for 0-degree dominated ply
stacks.
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IMPACT DAMAGE GROWTH AND FAILURE OF
CARBON-FIBRE REINFORCED PLASTIC

SKIN-STRINGER PANELS

Emile Greenhalgh, Sunil Singh, Donald Roberts

Structural Materials Centre, DRA, Farnborough, Hants, UK, GU14 6TD

SUMMARY:  This paper describes an investigation into low velocity impact damage in
skin-stringer panels. The effect of panel geometry and impact site on the damage growth and
compressive strength was investigated. Impact damage beneath a stringer was less detrimental
to strength than damage in the bay. In five of the six panels, failure was precipitated by a
combination of bay buckling and skin/stringer detachment, except in one panel where massive
lateral delamination growth led to a large reduction in strength. For impact damage in a bay, a
wide-bay/thick-skin design was the most damage tolerant whilst for impact damage beneath a
stringer, a high buckling strain design was the most tolerant. The results suggest that, at
current in-service strain levels, impact damage may be tolerated in some cases.

KEYWORDS:  structures, impact, fractography, delamination, skin-stringer,  buckling

INTRODUCTION

The specific in-plane properties of carbon-fibre composites make them invaluable for use in
aircraft structures. However, they are limited by their inherent susceptibility to impact and
other out-of-plane loadings. In coupons a low velocity impact can reduce the compressive
properties by up to 50% [1]. However, damage in coupons is more severe than that in
structures since, in the latter, much of the incident energy is absorbed through elastic
structural response [2]. Only through tests on structural elements (skin-stringer panels) can the
damage processes and failure of impacted composite structures be understood.

There has only been limited work conducted on the effect of impact damage on skin-stringer
panels. Madan showed that the greatest strength reduction was from bay impacts [3].
However,  most studies have investigated ‘softer’ skinned panels; i.e. containing few 0° plies
[4,5]. In these structures, impact over the stringers led to the greatest reductions in strength.

This paper describes the second part of an investigation into impact damage in skin-stringer
panels. In the first part of the work panels of different geometries were impacted at 15J at
various sites [2]. For impacts over the panel bay, the energy was mainly absorbed through the
formation of delaminations and matrix cracking. However, as the impact site approached the
stringer, or the bay aspect ratio increased, more energy was absorbed through elastic response,
leading to less severe damage states. Generally, the damage distribution through the thickness
was conical. In the bays, it was roughly circular in area whilst over the stringer feet it was
elliptical, with the major axis parallel to the stringers. The damage from impact over the
stringer centreline was negligible.
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In this part of the investigation identical panels were impacted either over the bay or the
stringer foot, and then tested to failure in quasi-static compression. The effect of panel
geometry and impact location were addressed, and compared with results from similar panel
tests with embedded defects [6].

EXPERIMENTAL DETAILS

The stiffened carbon-fibre reinforced panels (Figure 1), each made up of a quasi-isotropic
skin ([+45°/-45°/0°/90°]nS) and three I-section stringers, were manufactured. Seven panels, of
three different geometries were studied. The first (Type 1) was designed to buckle at a
compressive strain of 6000µε whilst the second and third panels were designed to buckle at
3700µε. In the second case (Type 2) this was achieved by increasing the stringer spacing and
in the third case (Type 3) by decreasing the skin-thickness. One panel of each type was
compressively tested with impact damage either in the bay or in the stringer foot regions.
Further details of the manufacture and preparation of the panels are given elsewhere [2].

Figure 1: Geometries and impact sites in the skin-stringer panels

The panels were impacted using instrumented drop-weight equipment at an incident energy of
15J; all the impacts were applied to the skin on the outer (non-stringer) face. The panels were
impacted at the mid-length, 150mm from the panel ends, either in the left bay, or over the
tapered section of the central stringer foot. The seventh panel was subjected to a 30J impact at
the mid-length over the centreline of the left-hand stringer foot. The panel was of the Type 1
design and had originally been used to study the effect of artificial defects on the performance
of skin-stringer panels [6], but did not fail during testing.

After impacting, the dent depth and damage area (ultrasonic attenuation of 6dB or more
compared with best material) were measured. The panels were then compressively tested at a
rate of 0.005mm/s and the strains, displacements and loads recorded. Displacement
transducers and Moiré interferometry were used to monitor out-of-plane deformations of the
damaged regions and the stringer deflections. Following testing to failure, the panels were
photographed, and examined to determine the damage growth and failure processes [7].
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EXPERIMENTAL RESULTS

When compared to the previous studies [2], the impact forces, deflections and damage areas
were found to be repeatable, particularly for impacts over the stringer feet. For identical
impacts, the damage was generally similar in shape and distribution through the thickness.
However, for impacts over the bay, the damage areas differed by as much as 26%.

Table 1: Results from the compressive tests on the skin-stringer panels

Panel Type Type 1 Type 2 Type 3

Impact Location Bay Foot Centreline Bay Foot Bay Foot

Damage Area (mm²) 2141 778 50 675 824 534 1071

Buckling Strain (µε) - -5803 -7100 -4400 -4500 -3530 -4600

Failure Strain (µε) -3662 -5803 -7464 -4543 -4964 -3597 -4697

Failure Load (kN) -529 -803 -995 -734 -840 -460 -554

The results of the compressive testing of the skin-stringer panels are shown in Table 1. In
general, damage in the bay was more critical than damage beneath the stringer foot,
particularly for the Type 1 panel. Impact damage beneath the stringer centreline had a
negligible effect on the panel strength and did not initiate failure of the structure.

Figure 2 shows the typical damage development from an impact in the bay.

Figure 2: Development of the damage in a Type 3 panel with a bay impact

The image width is equivalent to the bay width and each Moiré fringe is equivalent to an
out-of-plane deflection change of 0.2mm. The applied strain is shown below each image.
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For the panels with impacts in the bay the early damage development was similar for all three
types. Upon loading the impacted region formed a blister and the bay displaced outwards,
away from the stringers. The blister was elliptical, with the major axis perpendicular to the
applied load, and was highest in the Type 3 panel. However, the blister was smaller than the
damage observed from the non-destructive analysis. The damage grew laterally in a stable
manner from the impact site across the bay width. In the panels with 120mm bay widths, at an
applied strain of about -3500µε the growth became more rapid, extending towards and
beneath the stringers. However, in the panel with a 148mm wide bay, the damage growth was
limited, and the damage front did not reach the stringers before panel buckling.

The Type 1 panel failed at a strain well below the design strain (-3662µε). The Type 2 and 3
panels failed at and beyond buckling, at strains of -4543µε and -3597µε respectively. The
Type 2 panel exhibited significant post-buckling performance and the buckling strain was
only slightly depressed. However, the Type 3 panel exhibited a significant fall in buckling
strain, and failed during panel buckling.

The performance of the panels containing impact damage beneath the stringer foot were very
different to those containing damage in the bays. As the load was applied the damaged region
started to displace outwards, with the largest displacement in the bay adjacent to the impact
site. There was little damage growth observed although there was some lifting of the stringer
foot from the skin. The Type 1 panel failed as it buckled at a strain of -5803µε whilst the
Type 2 and 3 panels both buckled at values greater than their design strains. The Type 3 panel
failed soon after buckling (-4697µε) and the Type 2 panel had significant post-buckling
performance, failing at a strain of -4964µε.

Failure analysis (fractography) showed that five out of the six panels which had failed due to
impact damage, had failed in a similar manner. After the initial growth stages, the
combination of damage beneath the stringer foot and bay buckling precipitated detachment of
the stringer from the skin. The led to skin crippling and catastrophic panel failure. In the
Type 1 panel with damage in the bay, massive unstable delamination spread across the panel
width, leading to catastrophic failure of the skin.

DISCUSSION

Damage Growth and Failure Mechanisms

Before discussing the effect of various parameters, the mechanisms for damage growth and
structural failure should be considered. The overriding factor in controlling these mechanisms
was the location of the impact site; the failure processes of the panels with impact damage in
the bay was very different to that of the panels with damage beneath the stringer feet. An
impact over the stringer centreline had an negligible effect on the panel failure.

The failure processes for a panel containing impact damage in the bay is shown in Figure 3.
As the load was introduced the impacted bay deflected outwards, away from the stringer face
(Figure 3a). The damaged region also started to deflect, but inwards, towards the stringer face
(Figure 3b) and the damage started to grow from the impact site (Figure 3c). The damage
growth was predominantly transverse, growing towards the stringers. Initially the growth was
stable, but there reached a point where it became unstable and rapidly spreading across the
bay and beneath the stringers.
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Figure 3: Failure mechanisms for panels with an impacted bay

The later stages of damage growth were dependant on the panel type. In the panel designed to
the higher buckling strain (Type 1) the damage continued to spread across the panel width
(Figure 3d), rapidly developing into the undamaged bay and beneath all the stringers. Once
the damage had spread over 80% of the panel width, compressive failure of the remaining
skin initiated in the impacted bay and spread across the entire panel width (Figure 3e).

In the panels designed to the lower buckling strain (Types 2 and 3), the failure mechanism
was different. As the damage grew towards the stringers, the bays started to buckle. As in the
panels containing single plane defects in the bay [6] the presence of the damage reduced the
panel buckling strain. As the bays buckled, opening forces were promoted beneath the
stringers, leading to local detachment of the stringers from the skin (Figure 3f). This loss of
local support led to skin instability (crippling) and compressive failure (initiating at the
impact site), and finally the stringers detached and failed in flexure (Figure 3g).

All three panels which were impacted over the stringer foot failed by the same damage
process (Figure 4). Although the early stages of damage growth were different to those
observed in the panels containing impacts in the bay, the later stages of growth and failure
were similar to those observed in the Type 2 and 3 panels. Firstly, as the load was introduced,
the bay adjacent to the impacted stringer started to deflect outwards (Figure 4a), eventually
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leading to lifting of the stringer foot. There was no transverse damage growth, but damage
spread longitudinally, along the stringer foot (Figure 4b). The rate of damage growth was
much less than that observed in the panels containing damage in the bay, leading to higher
strains to failure. Eventually, the panels buckled which promoted partial stringer detachment
(Figure 4c). As with the impacts in the bay, this led to skin crippling, compressive failure
(initiating from the impact site) and failure of the central stringer (Figure 4d).

Figure 4: Failure mechanism for panels with an impacted stringer foot

The failure of the panel containing the impact damage on the stringer centreline was not
attributed to the impact damage. The failure initiated as massive lateral delamination growth
across most of the panel width, initiating from the artificial defect. This was followed by
stringer detachment and compressive failure of the skin.

Effect of Impact Location

As shown in Figure 5, the impact location had the largest effect on the panel performance.

Firstly, consider the Type 1 design of which there were three panels tested. Since the failure
of the panel containing the damage beneath the stringer centreline was not due to the impact,
this can be treated as a lower bound on the undamaged strength of this design. Considering
this, a 15J impact over the stringer foot led to a 12% drop in strength whilst a similar impact
in the bay led to a 51% drop in strength, the latter representing a significant drop in strength.

For the other two panel types the undamaged strengths were not known. However, there was
less reduction in strength between the stringer feet and bay impacts (9% and 23% for the Type
2 and 3 panels respectively) than was observed in the Type 1 panel (37%). The reduction in
the Type 3 panels was attributed to the bay damage reducing the buckling strain which
promoted stringer detachment. In the Type 2 panels, the failure mechanisms due to damage in
the bay and stringer foot were very similar, leading to the negligible drop in strength.
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Figure 5: Failure strains for skin-stringer panels containing impact damage

Effect of Panel Geometry

For impact to the bay, there was a clear effect of panel type on the failure process. The Type 1
panel did not buckle and failed due to massive delamination growth. The Type 2 panel
exhibited little damage growth and failed by a combination of bay buckling and stringer
detachment. In the Type 3 panel, the failure was attributed to stringer detachment which was
promoted by the reduced buckling performance of the damaged bay. The higher failure strain
in the Type 2 panel was due to the slower development of the damage. This was attributed to
the impact damage being distant from the stringer feet and the out-of-plane deflection of the
damaged region being less than that in the other panel types. This subsequently led to two
factors which improved the damage tolerance for this design. Firstly, the reduced growth led
to the damage having less of an influence on buckling. Secondly, the damage had less effect
on the stringers, not promoting stringer detachment to the same extent in the Type 3 design.

For the damage beneath the stringer feet, there was less effect of panel geometry. Firstly, the
damage had little effect on buckling, therefore not promoting failure to the same extent as
from bay damage. The largest effect of geometry was observed in the Type 3 panels, again
due to the sensitivity of this design to stringer debonding.

Comparison with Embedded Defects

In earlier work [6], Type 1 panels containing Teflon discs between the plies were tested.
These defects were located at either of two different ply interfaces and were either in the bay
or beneath the stringer foot. The results were compared to the current work to gauge the
validity of modelling impact as single plane defects. There were some similarities between the
growth processes for the two types of damage. In both instances the damaged bay firstly
deflected outwards and the initial growth was transverse to the loading direction, leading to
the damage extending towards the stringer feet. However, at a given applied strain, the height
and width of the impact damage were much less than those of the artificial damage. This was
attributed to the impact damage consisting of small, deep defects which could not deflect
outward to the same extent that the relatively large, shallow single-plane defects could.
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As the damage front approached the stringer feet, the growth processes were accelerated. In
the panel containing impact damage in the bay this led to catastrophic compressive failure.
However, in the panels containing artificial defects, the growth promoted stringer detachment
only after panel buckling. For similar damage areas, the impacted panel had 60% of the
strength of the panel containing an artificial defect. In the panels containing artificial defects,
the growth was dominated by blistering of the surface plies and was subsequently dominated
by stable mode I growth [8,9]. In the impacted panel the damage was mainly deeper and mode
II dominated, so stable damage growth was limited. Furthermore, the local bending of the
damaged region subsequently led to unstable mode II growth from the impact site. When the
damage was beneath the stringers, the out-of-plane constraint on the skin inhibited mode I
dominated growth, as from the artificial damage, but would have had little effect on mode II
dominated growth, as from the impact damage. For both impact damage and artificial defects
beneath the stringer, the strength reduction was less than that from those in the bay.

IMPLICATIONS IN-SERVICE AND FOR DESIGN

The current results allow some prediction of the severity of the damage and suggest that in
many cases an impact over the stringer can be tolerated. Furthermore, damage beneath the
stringer had little effect on panel buckling and only for designs sensitive to skin/stringer
debonding did damage beneath the stringer become significant. When impact damage was
present in the bays, rapid unstable growth, sometimes leading directly to failure, occurred at
strains above -3500µε (below most aircraft limit loads).

Based on studies from material testing, the current philosophy is to gauge the severity of an
impact by the damage area; the larger the damage area, the lower the failure strain, and this
relationship did hold for stringer foot impacts. However, for impacts to the bay, large damage
areas did not necessarily correspond to low failure strains since the panel geometry had a
significant effect on the failure processes.

Understanding of the damage growth and failure processes can be utilised to produce impact
tolerance in new structural designs. The driving force for impact damage growth was a
combination of mode II forces generated by bending of the damaged region, and mode I
forces from the blistering of the surface plies. However, unlike embedded defects, relatively
little stable damage growth was observed prior to panel buckling. The wide-bay/thick-skin
design exhibited the slowest damage development before failure and consequently had the
highest strength.

A measure with which to rank the damage tolerance is the load intensity/unit areal weight [6]
as shown in Figure 6.

All these panel designs were less tolerant of damage within the bay than beneath the stringer
foot, particularly for the high buckling strain structures (Type 1). Impacts over the stringer
foot did not pose a significant threat whilst those over the stringer centreline had no observed
effect on strength. It should be noted that all these designs had relatively ‘hard’ skins; a
significant proportion of the load was carried by the skin. In ‘soft’ skin designs (most of the
load is carried by the stringers) impact damage beneath the stringers may be more critical.

For the low buckling strain designs, the wide-bay/thick-skin approach (Type 2) was clearly
the more damage tolerant, particularly for impacts to the bay. Comparing all three panel types,
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for bay impacts this design (Type 2) also out-performed the high strain buckling design
(Type 1). However, for stringer foot impacts, where the panel buckling precipitated failure in
all panel types, the high buckling strain design was the most damage tolerant.
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Figure 6: Load intensity/unit areal weight for skin-stringer panels

CONCLUSIONS

The following conclusions have been drawn from investigations of the damage, growth and
structural failure in damaged skin-stringer panels under compressive loading:
1. Generally, the forces, displacements and damage areas were reproducible, except that the

damage areas from impacts over the bay which exhibited a large degree of scatter.
2. There was no direct relationship between impact damage area and failure strain.
3. In panels containing impact damage in the bays, the damage firstly spread laterally

towards the stringers, which in some cases significantly reduced the panel buckling strain.
During buckling, this led to stringer detachment, skin crippling and catastrophic failure. In
the high buckling strain design, massive unstable delamination growth occurred,
promoting failure.

4. In panels containing impact damage beneath the stringer foot, the local substructure
constrained and limited damage growth. Failure eventually occurred when the panel
buckled; the combination of the out-of-plane deflection of the bay and the presence of
damage beneath the stringer led to stringer detachment and catastrophic failure.

5. Panels containing impact damage in the bay exhibited a strength reduction of up to 37%
with respect to panels containing impact damage beneath the stringer foot. Impact damage
directly beneath the stringer centreline had a negligible effect on panel strength.

6. For the low buckling strain designs, a wide-bay/thick-skin was the most damage tolerant.
Of all the panels tested, this design was the most tolerant to impacts in the bay whilst the
high buckling strain design was the most tolerant of impact damage beneath the stringer
foot.

7. Panels containing single plane embedded delaminations were 60% stronger than panels
containing impact damage of the same dimensions.

8. At current in-service strain levels, impact damage may be tolerated in some cases.
Certainly for low buckling strain designs, there was no significant reduction in strength.
At current design strains for primary structures, damage may be tolerated in many cases.
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SUMMARY:  Processing routes have been developed for the fabrication of glass matrix
composites with 2-dimensional woven fibre mats as reinforcement. Carbon and metallic
(stainless steel 316L) fibre mats were investigated. In order to achieve infiltration of the
matrix material into the fibres tows and an adequate adhesion between matrix and fibres, an
electrophoretic deposition (EPD) technique was used. The infiltration capability using both a
glass powder suspension and a silica colloidal solution was investigated and compared. Thus,
the processing routes involve three steps: 1) the infiltration of the fibre mats using
electrophoretic deposition, 2) the preparation of composite green bodies by stacking of
infiltrated prepregs and 3) the consolidation of the composites by a high-temperature
densification process involving pressureless sintering or hot-pressing. A high-level of matrix
infiltration in the intra-tow regions was achieved when a silica colloidal solution was used.
These samples could be densified by pressureless sintering. On the other hand, when a glass
powder suspension was used, there was not complete infiltration of the fibre mats. Porosity in
these samples could not be eliminated even after a hot-pressing stage.

KEYWORDS:  glass matrix composites, woven fibre reinforcement, electrophoresis,
composites processing, metallic fibre reinforcement, hot-pressing, sintering

INTRODUCTION

The brittle nature, and therefore, high susceptibility to catastrophic failure of glass and glass-
ceramic materials limits their use in structural applications. One approach to the improvement
of the thermomechanical properties of these materials is to produce a composite. In this way,
the low-modulus, low-strength, brittle matrix is reinforced by a high-modulus, high-strength
and/or high-ductility second constituent in the form of continuous or chopped fibres,
whiskers, platelets or particulates [1].

The best results in terms of increasing the fracture tolerance and imparting a pseudo-ductile
fracture behaviour to brittle matrices is achieved with continuous fibre reinforcement [1,2].
The vast majority of work concerned with fibre reinforcement of glasses and glass-ceramics
has focused on using ceramic fibres, especially in unidirectional and cross-ply fibre
alignments [2-7]. The reinforcement of glass matrices by 2-dimensional fibre architectures,
including ductile (metallic) fibre preforms, has been much less investigated [8], despite the
advantages that these architectures may have over their unidirectional counterparts. These are
related to the more isotropic mechanical properties obtained with 2-dimensional reinforcing
elements over unidirectional fibre reinforcement [9].
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The use of metallic reinforcement may have still further advantages, including an improved
resistance to fibre damage during composite processing due to the intrinsic ductility of
metallic fibres and the possibility of exploiting their plastic deformation for composite
toughness enhancement [10]. However, the authors are only aware of the work of Russian
workers on the use of 2-dimensional metallic fibre mats to reinforce glasses [8].

When using fibre mats as reinforcement, it is normally extremely difficult to achieve
complete infiltration of the matrix material into the fibre tows, where the openings are of the
order of � 100 nm.  Electrophoretic deposition (EPD) of colloidal ceramic sols has been
shown recently to be a simple and inexpensive method for achieving complete infiltration of
tightly woven fibre preforms [9, 11,12].

The technique has been employed for infiltrating silica and alumina sols into ceramic fibre
preforms, such as SiC (Nicalon) [9,11] and alumina woven mats [12], showing that EPD
provides a more efficient infiltration and stronger adhesion between fibre and matrix than a
simple slurry dipping technique.

In the present study processing routes to fabricate two types of glass matrix composites with
2-dimensional woven fibre mats as reinforcement are developed. Carbon and metallic
(stainless steel 316L) fibre mats were investigated. EPD was used to deposit matrix material
onto the fibre preforms. For the metallic fibre mat reinforced composites, which were
consolidated by pressureless sintering of the glass matrix, a silica sol was used first to
infiltrate the metallic fibre mats.

It was anticipated that the silica infiltration would not only contribute to reduce the intra-tow
porosity but also, acting as coating for the metallic fibres, would minimise possible reactions
of the metal with the glass matrix during high-temperature densification and would provide an
adequate interface in order to improve the composite fracture behaviour. A borosilicate glass
powder suspension was used to fabricate the carbon fibre mats reinforced composites.

The results of the EPD technique for both the colloidal silica and the glass powder suspension
were compared in terms of their ability to infiltrate woven fibre mats.

EXPERIMENTAL PROCEDURES

Figure 1 shows the processing routes employed in this study to fabricate glass matrix
composite materials. The details are given below.

Materials

Woven carbon fibre reinforced composites

Commercially available (Tenax, Akzo AG) woven carbon fibre mats were used, with a fibre
diameter of � 10µm. The glass matrix employed was a borosilicate glass (DURAN, Schott
Glaswerke, Mainz, Germany). The glass powder was milled and sieved so that all particles
were < 40 µm. The density of this glass is 2.2 g/cm3 and its thermal expansion coefficient  is
3.3 x 10-6 1/°C [13]. DURAN glass was chosen because it is a well-known matrix material for
the fabrication of glass matrix composites [3] and because its viscous flow and sintering
behaviour are known [13]. For the EPD experiments a powder aqueous suspension containing
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�40vol% solid and �0.1 wt% PVA was prepared. The suspension exhibited a strong tendency
to sedimentation.

Woven metal fibre reinforced composites

From the variety of metal fabrics commercially available [14], a woven satin 100% 316L
stainless steel fabric (Bekitherm FA, Bekaert SA, Zwevegem, Belgium) was chosen, on the
basis of its suitability to be infiltrated by sol particles using electrophoretic deposition. There
are other fibre mats available also, made from alloys such as Inconel 601, which have better
high temperature properties than 316L, but for this study, the more cost-effective 316L
stainless steel was considered adequate to demonstrate the use of this particular processing
technology. The individual fibres have an average diameter of 14 µm and the weaves have a
nominal thickness of 0.4 mm [14]. The maximum using temperature of the 316L fibres in an
oxidising atmosphere is 900°C and the thermal expansion coefficient (20-700°C) is 16.8 x
10-6 1/°C [15,16].

Figure 1: Processing route for the fabrication of 2-dimensional woven fibre mat reinforced
glass matrix composites

Due to this relatively low thermal capability and limited oxidation resistance of the metallic
fibre used, a glass with low sintering temperature was chosen for the matrix. The glass
selected was a soda-lime glass, with a composition corresponding to that used in the German
flat glass production [17].  The density of the glass is 2.51 g/cm3 and it was available as a
powder with an average particle size of �80 µm.  Its sintering and pressureless densification
behaviour have been investigated previously and an optimised sintering temperature of 670°C
was determined [17].  The thermal expansion coefficient of this glass is 9.8 x 10-6 1/°C.  A
commercially available silica sol (Nyacol 2040 NH4, Akzo-PQ Silica, Amersfoort, The
Netherlands) was used for the electrophoretic infiltration of the metallic fibre mats. This sol is
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stable at pH 9, has a solid content of 40vol% and the sol particles are spherical with an
average particle diameter of 20 nm. For the EPD experiments the sol was used as-received.

Infiltration of Fibre Mats by Electrophoretic Deposition (EPD)

The EPD process relies on the presence of small charged particles within a liquid suspension,
which, on the application of an electric field, will migrate toward and deposit on an electrode
[18]. Movement of the particle occurs because the particle surface is charged with respect to
the suspending medium. If the deposition electrode is replaced with a conducting fibre
preform, the suspended particles are attracted to the fibre preform and then deposited on and
within it. The movement of the ceramic particles in an aqueous suspension under an external
applied electric field will be governed mainly by factors such as the field strength, the pH of
the solution and the ionic strength of the solution [18]. In the present experiments, both the
glass powder particles and the silica particles were negatively charged, as they migrated to the
positive electrode.

 Thus, the fibre mats were placed as the anode. A stainless steel plate served as the negative
electrode. For the DURAN glass powder suspension a voltage of 30 V was applied to the
electrodes that were 30mm separated. For the silica sol a much lower voltage (4 V) for the
same electrodes separation was found to be adequate to obtain a reasonable deposition rate, in
agreement with previous studies using SiC fibre mats [9,11]. The deposition time was varied
to find the optimum time for the complete infiltration of the sol into the intra-tow regions, and
for obtaining the desired thickness of the deposited layer in the case of the glass powder.

Controlled drying of the infiltrated/coated fibre mats is critical to the production of prepregs
of sufficient quality, minimising the generation of cracks.  The powder coated fibre mats were
dried in normal atmosphere as no significant microcracking was expected due to the large
powder particle sizes. The sol infiltrated fibre mats were dried both in normal air and in a
humid atmosphere to investigate the effect ot drying conditions on microcracking
development. The dried fibre mats were impregnated with a vacuum resin and polished to a 1
µm finish for scanning electron microscopy (SEM) examination.  For the silica sol infiltrated
mats, SEM energy dispersive X-ray analysis (EDX) was employed to differentiate between
resin and silica in the intra-tow regions.

Forming of Green Bodies, Composite Consolidation, and Mechanical Tests

Woven carbon fibre reinforced composites

A hot-pressing densification stage was chosen for the consolidation of these composites, as it
was found (see Results below) that the EPD process did not yield complete infiltration of the
woven carbon fibre mats. Typically, ten coated fibre mats were stapled, introduced in a
graphite die and hot-pressed in vacuum at 900°C under an applied pressure of 10 MPa. The
holding time was 30 minutes. In this way cylindrical samples (50 mm diameter, �5.4 mm
height) were obtained. From these samples test bars (5 x 4 x 40 mm) were prepared by cutting
and polishing. These bars were tested in three-point bending (30 mm span). The load-
displacement diagramm was recorded and SEM was used to observe fracture surfaces.
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Woven metal fibre reinforced composites

The silica sol-infiltrated metallic fibre mats were used to prepare a glass matrix composite by
a simple uniaxial cold-pressing and sintering route. Typically, two fibre mats were
sandwiched between layers of the soda-lime glass matrix powder in a die (24 mm diameter) to
form the green bodies. Similar laminated composites, but containing woven fabrics of Si-Ti-
C-O fibres sandwiched between thin mullite layers have been reported in the literature [19].
Uniaxial pressures of 90 MPa were employed to obtain samples of sufficient strength to be
handled.  The specimens were heated at a rate of 10°C/min up to the sintering temperature of
670°C and the dwell time at temperature was 1 hour before a subsequent furnace cooling
stage.

The samples were fabricated solely to investigate the possibility of composite consolidation
by this simple, pressureless densification route, and to assess the presence of any reaction at
the silica/metal fibre and silica/ glass matrix interfaces.  Selected sintered samples were cut,
polished and observed using SEM.  In addition, several rectangular bars (20mm x 2mm x
3mm) were cut from the cylinders and used to investigate, in a qualitative manner, the fracture
behaviour of the composites in three-point flexion (span: 16 mm).  Fracture surfaces were
observed using SEM.

RESULTS AND DISCUSSION

Woven Carbon Fibre Reinforced Composites

Figure 2 is a SEM micrograph showing the microstructure of a woven carbon fibre reinforced
DURAN glass matrix composite after hot-pressing at 900 °C. A poor infiltration of glass
matrix in the spaces between the fibres is observed. This means that the combination of EPD
and hot-pressing, as employed in this study, was unsuitable for obtaining pore-free materials.
Indeed, using a suspension of µm-sized glass particles in the EPD cell was the reason why the
fibre mats could not be infiltrated fully, and the glass particles were only (firmly) adhered to
the surfaces of the fibre mat. Moreover, the viscosity of the glass at the hot-pressing
temperature (900 °C) was not sufficiently low to allow an efficient infiltration. This effect
may be enhanced by a poor wettability of the carbon fibres by the viscous glass. Figure 3
shows the load-displacement diagramme of a sample during the three-point bending test.

Composite behaviour, i.e. non-catastrophic fracture, is observed. However, due to the
considerable porosity present, the absolute values of the mechanical properties achieved are
rather low. The optimization of the hot-pressing parameters should result in a reduction of the
intra- and inter-tow porosity in these samples and the atainment of better mechnical
properties. These properties should be comparable to those measured in commercially
availble unidirectional carbon fibre reinforced DURAN glass matrix composites (ultimate
fracture strength = 800-1200 MPa, Young’s modulus = 120 GPa [3]), with the advantage,
however, of being isotropic in 2 dimensions due to the particular fibre architecture used. It is
suggested, however, that an increase of the hot-pressing pressure will not necessarily lead to
better results in terms of glass infiltration, since this would tend to close the intra-and inter-
tow spaces, making more difficult the flow and intra-tow penetration of the glass. Probably a
pre-treatment of the carbon fibres surfaces to improve their wettability by the viscous glass
would be an effective approach.
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Fig. 2: SEM micrograph  showing the microstructure of a carbon  fibre mat  reinforced
DURAN glass matrix composite. Poor infiltration of the matrix in the  spaces between the

fibres is observed
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REINFORCED SILICON CARBIDE
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SUMMARY:  The effect of processing conditions on interface formation in a fibre reinforced
silicon carbide composite was investigated through infiltration of a uni-directional lay-up of
pitch-based carbon fibres with an aqueous ceramic powder suspension and subsequent
consolidation at high temperature. Interface formation by a conventional method - the
attempted preservation of a pyrolytic carbon coating applied to the fibres by CVD - is
contrasted to an in-situ method, involving the exploitation of the migration of yttria (included
with the SiC powder along with alumina as sintering aids) to the fibre-matrix interface by hot-
pressing at temperatures of 1750 and 1800°C in an ambient argon atmosphere and sintering
without mechanical pressure at 1850°C in an argon atmosphere. Basic indications of
mechanical properties determined from 4-point bending tests at room temperature are
included. Early indications are that fibre degradation is inhibited in hot-pressing producing an
interface which can debond.

KEYWORDS:  silicon carbide, interfaces, fibres, liquid phase sintering, hot-pressing, YAG
(yttrium aluminium garnet)

INTRODUCTION

Commissioning of long fibre reinforced ceramics into industrial service is becoming an
achievable goal as properties are improved to meet target requirements, but this success
simultaneously shifts emphasis for improvement towards the cost of producing a composite of
consistent high quality. Consolidation methods without applied mechanical pressure are being
investigated, however, process development is still constrained by the need to create or
preserve a pre-designed fibre-matrix interface architecture, often generated by complex and
expensive fibre coatings, during the very high temperature consolidation cycle. These two
constraints are inextricably linked and serious process developments can be made only by
considering the implications to interface structure and chemistry throughout production and
service.

Carbon and boron nitride are the most common choices of material which satisfy the required
criteria for debonding and controlled sliding at the fibre/matrix interface of silicon carbide
based CMC’s, so imparting a degree of toughness to a material comprising two brittle
components. Both C and BN are susceptible to oxidation and in systems using SiC fibres, the
gap left by the removal of the interphase is filled by a silicate layer produced from the
oxidation of the fibre which does not satisfy the debonding and sliding requirements [1]. This
is unfortunate when the layer was produced in-situ during composite production, such as in
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the case of Nicalon reinforced lithium aluminium silicate (LAS) glass, but is a much more
serious concern when the interface was deliberately deposited. The move towards oxide-oxide
composite systems has prompted investigation of porous oxide and refractory metal coatings
[2]. Sputter deposited yttria coatings have been utilised in metal matrix composites to protect
SiC monofilaments from reaction with an Mg-Li alloy[3]. Combining the metal matrix and
oxide-oxide composite experience with the observations that alumina and yttria sintering aids
in silicon carbide have a propensity to migrate to free surfaces at high temperatures [4-7] and
alumina is observed to evaporate at high processing temperatures [4,6] presents the possibility
of a novel mechanism for the production of a compatible oxide interface during the
processing and use of a SiC/SiC composite which may be investigated in tandem with
existing methods [8].

EXPERIMENTAL PROCEDURE

The conditions necessary for production of a silicon carbide matrix composite, reinforced
with pitch-based carbon fibre by infiltration of a uni-directional lay-up with an aqueous
ceramic powder suspension containing silicon carbide and the liquid phase forming additives
alumina and yttria, and consolidation by hot-pressing are investigated, with the eventual aim
of including Hi-Nicalon silicon carbide fibre. The interfaces produced when composite
samples are densified with and without the application of mechanical pressure are compared
through EDX analysis and a first indication of mechanical properties obtained from four point
bending. Background to the chemical and physical development of the interface during
processing is provided from the results of an extensive study into the effects of varying
alumina and yttria additive concentration, sintering temperature, hold time and sintering
environment on the density, microstructure and chemical composition of free sintered silicon
carbide [8]. The effect of these sintering variables on free sintered tows of un-coated and
pyrolytic carbon coated carbon fibres are also detailed.

Sample Preparation

Monolithic silicon carbide samples were prepared from α-SiC powder with a mean particle
diameter of 0.6µm - UF-15 from H.C. Starck - by pressure filtration of an aqueous powder
suspension (optimised at 47vol% powder using information obtained with Matec Applied
Sciences, Electrokinetic Sonic Analysis System) dispersed using an ultrasonic probe. Alumina
(Baco RA 207LS Grade) and yttria (H.C. Starck Fine Grade) were added in the 3:5
(alumina:yttria) YAG molar ratio and their combined mass was either 3 or 9wt% of the total
powder, Table 1. Amoco P25 pitch based carbon fibre was dipped as tows into the slurries
used for monolith production and wound as 1D lay ups for composite casting from a slurry of
composition B containing a reduced volume of solids (40%) and a small amount of wetting
agent to allow complete infiltration.

Table 1: Sample compositions and theoretical densities (TD)

Composition Sintering aid content
(Al 2O3+Y2O3) wt%

Molar % Y 2O3 in mix Theoretical Density
g/cm3

(rule of mixtures)
A 9 62.5 3.30
B 3 62.5 3.24
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Densification

Composite samples were hot-pressed at 1750 and 1800°C in an ambient argon atmosphere.
Mechanical pressure of 27MPa was applied incrementally beginning when the temperature
reached 1500°C and reaching its maximum at the peak sintering temperature. Thereafter both
temperature and pressure were maintained at maximum for 60 minutes. Heating and cooling
temperature ramps were set at 10°/min.

Pressureless sintering was carried out in a graphite resistance furnace at temperatures between
1750 and 1900°C under 10bar argon pressure for hold times of up to 120 minutes in a closed
graphite crucible. Sample-crucible contact was prevented by the use of the minimum amount
of coarse SiC powder required, except in the case where and sinter bed containing 1.33wt%
alumina (indicated in Table 2) was used.

Table 2: Pressureless densification conditions

Analysis

Monolithic samples were subjected to phase analysis by X-ray diffraction (XRD), aluminium
and yttrium content analysis by atomic absorption spectroscopy and density measurement by
mercury immersion. Linear shrinkage and mass loss during sintering were also determined for
these samples. All samples were examined by scanning electron microscopy(SEM) and the
composite hot-pressed at the lower temperature tested in 4-point bending.

RESULTS AND DISCUSSION

Monolithic Silicon Carbide Densification

The peak density achieved when sintering without a sinter bed was 2.97g/cm3 or 90% of the
theoretical density (TD) for samples of composition A sintered at 1900°C. The samples
sintered for 120 minutes all showed a markedly improved final density figure when sintered at
temperatures above 1850°C, when shrinkage values were correspondingly greater, as too were
mass loss figures. Atomic absorption spectroscopy revealed, however, that up to half of the

Temperature (°C)

Hold Time (mins)
1750 1800 1850 1900

30 A, B,
fibre+B

60 A, B,
Composite

120 A, B A, B,
fibre+A

A, B,
fibre+A,
fibre+B,
coated
fibre+B

A, B,
fibre+A,
fibre+B,
coated
fibre+B

120
alumina bed

A, B
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aluminium originally added was being lost from the samples of composition A sintered at
1900°C along with approximately 20% of the yttrium [8], this observation being backed up by
the detection of an yttria rich phase in XRD (2Y2O3:Al 2O3 as opposed to the expected YAG
phase 3Y2O3:5Al2O3) indicating that a shift in the composition of the liquid phase had
occurred. The holding time at peak temperature was reduced in an attempt to minimise
alumina volatilisation and mass loss, Fig. 1.

Hold Time (minutes)

0 30 60 90 120

D
e

n
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M
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3 )

2.2

2.3

2.4

2.5

2.6

2.7

Composition A
Composition B

Figure 1: Density variation of monolithic SiC with hold time at 1850°C

Trends projected from sintering carried out at 1850°C for 30, 60 and 120 minutes, suggested
that the maximum density for composition A would be achieved at this temperature from a
high temperature hold of 45 to 60 minutes in length, while for composition B the optimum
soak time is around 90 minutes. Prolonged holds are damaging for both compositions. The
increased density drop for the samples containing larger amounts of alumina (and hence
having the capacity to lose a larger proportion of their mass) held for 120 minutes at high
temperature proves the influence of time on alumina volatilisation. Mass losses are reduced
significantly with a sintering hold time of 30 minutes but densification is no longer
satisfactory.

Addition of 1.33wt% alumina to a sinter bed of coarse silicon carbide resulted in the highest
density figure achieved - 92.4% TD for a sample of composition A for a two hour hold at
1850°C. Calculating the density increase as a percentage of the original green density of the
sample provides a convenient method for monitoring densification efficiency under different
conditions, while neutralising the effect of any variation in green density, Fig. 2.
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Figure 2: Effect of alumina on densification efficiency at a sintering temperature of 1850°C

As also demonstrated in Fig. 1, a hold time of 60 minutes at temperature produces a greater
density increase than a 120 minute hold, Fig. 2, the effect being especially noticeable for
samples containing 9wt% which under these circumstances achieve a smaller density increase
than samples containing 3wt% additives, again demonstrating the volatility of the sintering
additions. This order is reversed when a sinter bed containing alumina surrounds the samples,
presumably preventing the evaporation of alumina and emission of carbon dioxide produced
on its reaction with SiC [5], and allowing the full benefit of an increased volume of liquid
phase to be realised.

Microstructural Observations

Monolithic Silicon Carbide

Silicon carbide was seen to densify leaving only isolated porosity at temperatures of 1850°C
and above where the hold time was at least 60 minutes. Samples of composition B sintered for
a shorter time or at lower temperature were dense only in a region extending 0.5mm from the
surface (overall dimensions, 15 x 15 x 5 mm) seeming to indicate densification occurring
from outside inward. When viewed in back scattered mode, the 1850 and 1900°C samples
sintered for 120 minutes show an unusual distribution of light contrast areas, Fig 3(a), shown
to be rich in yttrium through Energy Dispersive X-ray analysis (EDX), the contrast effect
being associated with yttrium’s high atomic number. The central zone at the top of the
micrograph contains a few widely spaced areas of the yttrium rich material up to 100µm in
length. The outer zone contains a more even dispersion of small areas rich in yttrium. The
effect was not seen for any composition A samples sintered at temperatures lower than
1850°C, for a hold time shorter than 120 minutes or for any of the composition B samples.
Combination of these observations suggest that densification occurs from the surface to the
centre and when the hold time is long enough and temperature high enough, the excess of a
high yttrium content second phase begins to segregate out, possibly to flaws and grain
boundaries.
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(a) (b)
Figure 3: (a) SiC monolith containing 9wt% alumina and yttria in the YAG ratio sintered for

120 minutes at 1850°C (b) Carbon coated fibre and SiC+3wt% YAG  sintered for 120 minutes
at 1850°C

Examination of samples sintered in an alumina containing bed at 1850°C showed
microstructures similar to those sintered without bedding powder at 1950°C but without the
light contrast areas of yttria rich material.

Fibre Tows

Of the fibre tows sintered alongside the monolithic samples, the carbon coated fibre showed
the most interesting behaviour. Tows dipped in slurry of composition B and sintered for 120
minutes at 1850°C did not appear to be badly damaged and the area previously occupied by
the pyrolytic carbon coating is now filled with an yttrium rich phase, Fig. 3(b). Uncoated
fibres sintered under the same conditions were slightly degraded by the matrix Carbon coated
fibre dipped in slurry containing 9wt% additives showed yttrium ingress well into the body of
the fibre [8]. Fig. 3(b) appears to illustrate that at lower temperatures and with less oxide
additives the pyrolytic carbon layer is consumed sacrificially and the an yttrium rich
interphase subsequently forms.

Composite Properties

Composite green bodies were manufactured with a fibre volume fraction designed to rise to
35% on densification of the matrix. Initial hot-pressing at 1750°C, judged to be the lower
temperature limit for feasible densification of the matrix and coinciding with the lowest
temperature applied in the pressureless sintering study, produced a composite with only 80%
TD and a correspondingly low volume fraction of fibres - 27vol%. This was reflected in the
mechanical properties of the material, the failure stress reaching a maximum of 200MPa in 4-
point bending. Sonic resonance measurements however indicated a Young’s modulus of
around 170GPa, not significantly lower than the value predicted by the rule of mixtures. Hot-
pressing at 1800°C produced a composite of 98% TD which has yet to be analysed.

Examination of the fracture surfaces of the bend tested material hot-pressed at 1750°C and
cross-sections of this and a similarly prepared green body sintered with out pressure
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application at 1850°C in a 10 bar argon atmosphere, give reason for optimism regarding
interface formation, even with this uncoated fibre.

Figure 4: Fibre pull-out on 4-point bend specimen - un-coated P25 fibre, hot-pressed at
1750°C, 3wt% sintering additives

Clean fibre surfaces pulled up to 150µm out of the fibre surface are shown in figure 4
indicating surprisingly little fibre damage. Cross sections prepared to allow analysis of the
fibre matrix interface confirm the assertion.

(a) (b)
Figure 5: (a)Longitudinal section of material hot-pressed at 1750°C (b) Cross section of

composite free sintered at 1850°C, both reinforced with un-coated fibre

EDX spot analysis on the cross section shown in Fig 5(a) showed no significant trace of
silicon in the fibre centre, indicating that the fibres are being protected from reaction with the
oxide additives by the high pressure exerted during hot-pressing. No significant
concentrations of alumina or yttria were observed in the sample. The matrix of the free
sintered sample (Fig. 5(b)) is much more porous than that of the hot-pressed sample, but the
fibres still retain complete integrity of form even at the very high processing temperature and
without the benefit of applied mechanical pressure to inhibit reactions. A stronger silicon
signal is detected in these fibres but the presence of a significant carbon peak indicates that
the phase is far from SiC in composition. When carbon and silicon are present in equal
quantities the strong silicon signal swamps the peak due to carbon. The darker amorphous
annulus visible around these fibres is found to be rich in yttrium and to contain some
aluminium.



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 620

CONCLUSIONS

Pressureless liquid phase sintering of silicon carbide with additions of Al2O3 and Y2O3 was
carried out successfully at temperatures at and above 1850°C. Placing samples in an alumina
containing silicon carbide sinter bed further improved densification and inhibited the loss of
alumina from the sample and migration of the liquid phase.

The application of mechanical pressure did not lower the temperature required for SiC
densification as far as expected, but processing at 1750°C did produce a composite with a
fibre matrix interface capable of debonding.

Yttria rich material is seen at the fibre matrix interface in composites densified by
pressureless means, but this migration appears to be hindered by the application of
mechanical pressure in hot-pressing.
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SUMMARY:  A constitutive law is proposed for Ceramic−Matrix Composites which models
matrix−cracking, sliding, fiber−breakage, and fiber pull−out. These different mechanisms
induce loss of stiffness, inelastic strains, hysteresis loops, and crack closure. The features are
analyzed within the framework of Continuum Damage Mechanics by the introduction of
physical internal variables identified previously in material science investigations. The
procedure is applied to a SiC/SiC [0/90] laminate. The desription is applied to some structural
problems including a  plate in tension penetrated by a hole and subjected to tension and the
Iosipesco specimen subjected to shear. It is observed that the SiC/SiC has the ability to
redistribute stress so that the presence of stress concentrations does not compromise the
performance of the component.

KEYWORDS:  ceramic-matrix composite, matrix cracking, stress redistribution

INTRODUCTION

Composites consisting of a ceramic matrix reinforced by continuous ceramic fibers (CMC)
are candidates for application in  components which operate at temperatures in excess of those
which are normal for metallic structures. In spite of the fact that the constituents of the CMC
are both brittle it has been demonstrated by Aveston et al. [1971] that following
matrix−cracking, sliding occurs at the fiber−matrix interface which causes inelastic
deformations. The presence of matrix cracks and inelastic deformations may impart to the
material the ability to redistribute stresses. The ability to redistribute stress is an important
property since design studies indicate that working stresses for CMC components are
sufficiently high for matrix−cracking to be unavoidable in regions of stress concentration
occurring at the junctions and penetrations which are a feature of engineering components.

The intention then of the present study is to develop a continuum description of the damage
processes which is mechanism−based and which may be used to describe the behavior of
Ceramic−Matrix Composites (CMCs) under the conditions of multiaxial stress occurring in
practice. Since crack spacing at saturation is small [Beyerley et al., 1992]  in most CMCs,
Continuum Damage Mechanics is an appropriate means of describing degradation since
changes in elastic moduli measured on a macroscopic level provide a simpler and more robust
means of measuring damage than does microscopic measurement of crack density, which
requires the average of many readings before reliable values are established [Jansson &
Leckie, 1993].
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By combining Continuum Damage Mechanics (CDM) [Lemaitre, 1992] with
micromechanical studies which are mechanism -based constitutive equations are developed
which lend themselves to the finite element procedures commonly used in practice The CDM
formulation applied to reinforced composites is written within the framework of the
Thermodynamics of Irreversible Processes [Coleman & Gurtin, 1967; Rice, 1971; Germain et
al., 1983] . The first step in establishing such a model is to identify the internal variables
which define the state of the material . The second  is to determine the expression of the state
potential in terms of the state variables and the third one to define the evolution laws of the
internal variables.

The  model is integrated into a finite element system (ABAQUS)and is used to estimate the
bebavior of a beam subjected to four point bending and a plate subjected to tensile stress
which has been penetrated by a hole. The calculations have been performed using data for a
SiC/ SiC.

THE TENSILE STRESS−STRAIN RELATIONSHIP FOR UNIDIRECTIONAL CMCS

The results of loading / partial unloading  tensile tests on SiC/SiC composites have the form
shown in Fig 1. Compared to the initial elastic modulus the unloading modulus is
substantially less. Plastic straining is also observed but the magnitude is usually quite modest.
Post−mortem analyses of broken specimens indicate the presence of arrays of microcracks in
the matrix which are accompanied by debonding and friction at the fiber−matrix
interface.Matrix–cracking is responsible for the decrease of stiffness observed in experiments
on CMCs and release of residual stresses due to processing, and sliding at the fiber-matrix
interface is the source of irreversible deformation.
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          Fig 1  Typical Stress/Strain                           Fig 2 Unit Cell

The cell model illustrated in Fig. 2 was first proposed by Aveston and Kelly (1971). In the
unit cell shown in Fig. 2 the elastic moduli of the fiber and matrix are Ef and Em, respectively,
the volume fraction of the fiber is f and Rf is the fiber radius. The elastic modulus of the
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undamaged composite is E = f Ef + (1–f) Em and average distance between cracks is denoted
by 2L. The debond length at the fiber/matrix interface is 2ld, and the interface is assumed to

have a constant shear strength τ whose value is unknown at this stage. Residual stresses are
introduced during processing so that the residual stresses ρ in the matrix  is an additional
unknown.

If the initial behavior of the elementary cell is isotropic and elastic, and Young’s modulus is

E, it can be shown that the stiffness loss depends on the crack density defined as πa2    / 4LW
where W is the width of the element By assuming plane stress conditions, and that the crack

interactions can be neglected, a first approximation for the reduced elastic modulus E
~

    can be
written as

E
~

E    = 
1

1 + 2 
πa2

4LW

   

This relationship can be recast in the framework of CDM as

E
~

E    = 1 – D

where

(1) D = 
2 

πa2

4LW

1 + 2 
πa2

4LW

    

is the damage variable associated with the crack density. When D is small, a first order
solution to En. (1) is given by

D ≈ 2 
πa2

4LW   

so that the damage variable is proportional to the crack density.

The internal elastic energy density in the unit cell [Hild et al., 1996]  can be found by uses the
two step approach introduced by Volterra [1907] .The first step is to calculate the contribution
of debonding and sliding at the interface using the  'cut and paste' approach in which the
unbroken part (2) is moved with respect to the broken part (1) by an amount ∆s    over a

length lF   (Fig3) . Because of interfacial sliding, this displacement ∆s     gives rise to a

self−balanced linear stress field along a length lF    in parts (1) and (2) when the interfacial

behavior is assumed to be characterized by a constant shear strength. By integration over lF    

and then averaging over the total length L, the elastic energy density associated with this
process is given by
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The crack opening displacement ∆s    due to slip induces an irreversible or inelastic strain

α expressed as

α = 
fE1
E  

∆s
L     

The second step consists of an elastic loading of the damaged system so that the elastic energy
density is given by

(2) ψe    = 
1
2    E (1−D) ( )ε−−α

2

   

where the current elastic modulus  is E (1−D).

The total elastic energy density is then the sum of the two elements of the energy densities so
that
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The associated forces are used to define the relevant forces driving each mechanism. Matrix
cracking is assumed to be driven by Y, which plays an identical role as the energy release rate
G in the framework of Linear Elastic Fracture Mechanics. From a micromechanical analysis

[Hild et al., 1996] , it can be shown that the back–stress is dependent on the applied stress σ−   .
therefore the driving force of the inelastic strains can be taken as the stresses acting in the
same direction. The same assumption can be made when the evolution of the damage variable
d related to sliding is analyzed, i.e. the driving force of d can be chosen to be its associated

force y, or the applied stress σ−   .

In the present approach the growth laws of the internal variables (D,d,α) are established from
macroscopic quantities measured in the course of unloading and reloading sequences. To this
end use is made of the solution of the response of the unit cell (Fig. 2) when subjected to an
unloading/reloading sequence during which the magnitude of the shear stress remains
constant.

The expressions obtained from the analysis for the residual stress ρ1 and the internal variables
D,d,α in terms of the macroscopic quantities shown in Fig. 1 are given respectively by [Hild
et al., 1996]

(5.1)
−ρ1
E     = 







ε−in + 2δε−

4δε−
 − 1  (ε−M − ε−in − 2δε−)   

(5.2) D = 
ε−MD

_
 − ε−inD

_
 − 2δε−

ε−M − ε−in − 2δε−
   

(5.3)
d
4    = 

(ε−in + 2δε−)δε−

ε−M − ε−in − 2δε−
   

(5.4) α = 
d 

2 
σ−M−ρ1(1−D)

E(1−D)
   

where −ρ1E1/ E is the residual stress in the broken layer (1). Equations (5) are only valid when
a constant shear strength characterizes the interfacial behavior, and lastly Eqn. (5.4) is only
valid for monotonic loading conditions.

By performing a series of unloading/reloading sequences the internal variables can be
determined from experiment using Eqns (5). The residual stress ρ1 is calculated from Eqn.
(5.1) and it is a test of the effectiveness of the model that the same value of the residual stress
is obtained for each loading sequence. The values of D and d are given by applying Eqns (5.2)
and (5.3) respectively. The information is now available to complete the calculation for Eqn.
(5.4). The corresponding associated forces are obtained by the expressions given in Eqns. (4).
The relationship between the internal variables and the associated forces can then be
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investigated by knowing the driving forces of each state variable. It is this method which is
proposed to model the behavior of CMC laminates.

CMCS WITH MULTIDIRECTIONAL FIBER SYSTEMS

The one−dimensional investigation can be  extended to a [0/90] laminate composite and to a
[0/90] woven composite subjected to multiaxial plane stress states by establishing first the
properties of each layer and then using laminate analysis.

The components of each layer consist of the matrix, the fiber and the interface, with f being
the fiber volume fraction. The fiber direction defines the 1−2 axes. The axes x−y correspond
to the principal axes of the strains in the ceramic matrix. The definition of the axes used at the
constituent, layer and composite levels are shown in Fig. 4. For the case of  a  0/90 symmetric
layup Burr et all (1996) have established that the free energy has the expression

(6) ψ = 
1
2 (ε__−α__)   : E____

(Dmy
00 ,Dmy

90 ,Df1 
00,Df1 

90)    : (ε__   −α__   ) + ψS(α__,d__)   
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Fig 4   Orientation of axes

where Dmy
00    ,Dmy

90     are the matrix damage parameters and  Df    = 




Df1

00 ; Df1
90     is the set of

damage variables modeling fiber−breakage in the 0 and 90 plies respectively.The interface

slip parameters are  d__    = 




d11

  ; d22 ; d12     

Finite Element Analysis

The resulting constitutive equations have been introduced into a UMAT  routine of the finite
element code ABAQUS (Hibbitt et al 1993). Early calculations of beams in four- point
bending, proved to be simple to run, and indicated the ability of the CMC to redistribute stress
and agreed with experimental observation that elastic calculations are very conservative.
Components which were more challenging were the Iosipescu specimen (Fig 5) and a plate,
penetrated by a hole, subjected to a tensile stress parallel to the fiber directions.

When the availability of materials is restricted to planar form shear data shear data data is to
subject the Iosipescu to shear loadspecimen [Iosipescu, 1967]. The shear properties of the
material are obtained by plotting the average stress at the minimum section against the shear
strain measured by strain gauges placed at the center of the specimen.
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Fig 5: The Iosipescu specimen

It is known that the shear stress at the minimum section of this specimen is sensibly constant
when the material is elastic and isotropic, but it is not known if the constant shear stress
assumption is valid when cracking occurs. In addition to verifying the suitability of the
Iosipescu specimen for obtaining the properties of materials which crack as illustrated in Fig,
the tests provide an opportunity to measure the ability of the constitutive equations to predict
the behavior of a component in which the stress state is different from those used in the
identification procedure.
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Fig 6: Stress distribution at minimum section

The prediction of the average stress against strain at the center of the specimen is agrees with
the experimental observations to within 5%. The results of the finite element analysis shown
in Fig. 6 indicate that the shear stress at the minimum section is essentially constant therefore
justifying the use of the Iosipescu specimen as a means of obtaining shear data. Experiments
on plates in tension which are penetrated by holes suggest that strength is dictated by the nett
cross section and that the effect of the initial elastic stress concentration is minimised by the
stress redistribution due to matrix cracking. The calculations indicate because of stress
redistribution that almost half of the ligament stress carries the same stress. The elastic stress
concentration factor is 4.1 which following the effects of stress redistribution reduces to 2.4.
The large effect of matrix cracking is evident.
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CONCLUSIONS

A CDM model is proposed for CMCs which is mechanisms−based. The laws which relate the
growth of the internal state variables to their associated forces have been derived from the
unloading−reloading paths during tensile experiments for two different directions. The ability
of the model to predict the response to another state of stress suggests the advantage of a
mechanism−based approach.

When applied to SiC/SiC [0/90] lay−ups, the present model has 10 internal variables, viz.
three inelastic strains modeling sliding, three damage variables describing the amount of
debonding and four damage variables accounting for matrix−cracking and fiber−breakage in
the two plies. It is shown that only two different experiments in tension are needed to identify
the growth laws of the ten internal variables. The model has the potential to be applied to
other material configurations (e.g., SiC/CAS, SiC/C, C/C, and presumably SiC/Al2O3) and
architectures (e.g., woven configurations). Furthermore, the general framework presented
herein has been applied to room temperature configurations and monotonic loading
conditions. However extensions to cyclic load histories as well as high temperature
applications can be included with minimal change to the state potential formulations.
Evolution laws will have to be modified slightly.

The reliability of the Iosipescu test is confirmed as a means of average stress−strain shear
data, and the constitutive equations are able to predict the shear properties correctly.
However, it is shown that the average shear properties may be slightly different from the
actual stress−strain shear data in the center of the ligament. Therefore the identification of the
shear properties based upon the measurements on an Iosipescu test are, strictly speaking, only
an approximation of the actual response in pure shear.

The ability of stress redistribution due to the non–linearity of the stress/strain curve has been
shown in the case of the Iosipescu experiment. Stress redistribution important for structural
applications has been demonstrated for beam bending and tensile plate penetrated by holes.
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FAILURE MECHANISM OF A MULTI-LAYER
COATING FOR THE OXIDATION PROTECTION

OF C/C COMPOSITES
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SUMMARY:  A multi-layer coating for carbon-carbon composites (C/C) with a Si-W outer
layer, a SiC barrier layer and a SiC transition layer was prepared by the combination of
Siliconization, CVD and Liquid Reaction method. The oxidation experiments at from 1600°C
to 1700°C were conducted. The coated C/C always gained in weight at beginning. When it
started to loss in weight, deep holes could be observed on the coating surface. At this time, the
thickness of the oxide film on the coating surface at different temperature was found to vary
little. Thermochemical analysis shows that the gas pressure at the interface of the coating and
its oxide film could be higher than the ambient pressure, and gas bubbles would be formed in
the oxidation process. The nucleation, growth, bursting and self-sealing processes of the
bubbles were studied.

KEY WORDS:   C/C composites,  coating,  oxide film, failure mechanism

INTRODUCTION

Carbon-carbon composites (C/C) exhibit excellent structural properties above 1650°C, and
are considered as the most promising candidate materials for the high thrust-weight ratio
turbine engines. As a key technology for the high-temperature structural applications of C/C,
oxidation protection is paid more and more attention recently. A number of studies have been
conducted on the  short-time oxidation protection, including various oxidation inhibitors,
protection coating and sealants. For the long-time coating, not much progress has been made,
in spite of years of intense effort. The study of failure mechanism  is very important to the
prolongation of protection life for a high-temperature coating and the development of a long-
time protection  coating system of  C/C aimed at the  components  of advanced aircraft
engines [1].

At above limiting use temperature, the coating will be destroyed entirely in a short time
because of chemical compatibility of interfaces. At below cracking temperature, failure will
take place at the coating-substrate interface because of oxygen diffusion through the cracking.
At between intrinsic protection range temperature, failure is mainly influenced by the oxygen
diffusion through the coating [2, 3]. Can we think simply the time obtained by dividing the
coating thickness with the diffusion rate constant of oxygen at some temperature as the
protection life at this temperature? In this paper, we will answer this question.
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EXPERIMENTAL PROCEDURE

The substrate material used in experiments, cut off from aircraft brakes, is a 2D-C/C with a
density of 1.7g/cm3 . The substrates are of cubed shape with  a size of 5mm×5mm×25mm.
The multi-layer coating consists of three layers. The SiC transition layer was prepared by
Siliconazition on the surface of the substrates to decrease the interfacial mismatch and
increase the adhesive strength. The SiC barrier layer was prepared on the transition layer by
CVD  to prevent carbon outward diffusion and out layer inward penetration[4]. The Si-W
sealant layer was prepared by Liquid Reaction to provide an effective barrier to inward
diffusion of oxygen. The purity of the Si and W powder used to prepare the transition and
sealant layer is above 99.5%, and that of the MTS used in CVD is above 98%. The Si-W layer
was prepared in a vacuum furnace in which the spreading out of the Si-W layer can be
observed timely[5]. The work temperature and the vacuum of this furnace is respectively
1600°C and 0.0133Pa. Oxidation tests of  long-time  in dry air at 1600°C, 1650°C and 1700°C
were conducted in a furnace heated with MoSi2  rods. The thickness of the oxide film on the
coating surface was identified with EMPA and SEM.

RESULTS AND DISCUSSIONS

Because the coated C/C firstly gains and then losses in weight in the oxidation, the time the
weight change is equal to zero can be defined as the protection life tC , which can be called the
critical protection life or effective protection time also.

The measured protection life at different temperature is listed in Table 1. It is shown that the
relation curve  of the protection life with temperature fits Arrhenius’s law

 lg .t
TC = −44104

25 311                                                  (1)

Table1: Effect of temperature on the oxidation protection life

Temperature (°C) 1600 1650 1700

Oxidation protection life (h) 168 30 4

When  the oxidation time is beyond the critical protection life, the coated C/C losses in weight
rapidly. This telles us that catastrophic oxidation has teken place. The catastrophic oxidation
always startes from one or two points which appear to be black at high temperature. Deep
holes will be formed at the black points which become the diffusion channel of oxygen. Fig.1
is the SEM micrograph of a deep hole on the coating surface.

It is not difficult to find that the deep holes are produced by escape of gas bubbles from their
shape. The thermochemical diagram (Fig.2) shows that the gas pressure Pt  at the interface of
the coating and its oxide film can be higher than the ambient pressure, and gas bubbles will be
formed in the oxidation process[6]. The gas products at the interface are mainly SiO. Partial
pressure of the oxides of W is negligible. They disssolve in the oxide film, and then diffuse
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towards the surface, and run away at last (Fig.3). The W dissolved in the liquid Si increases
the interfacial gas pressure greatly.

The high-valence W ion is a glass former. It will get into the molecule net of the silica and
make the oxide film become silica glass in the oxidation process (Fig.4 and Fig.5). From
Raman spectrum of the oxide film, we know that the silica glass is highly stable in more than
one hundred hours (Table 2). Formation of silica glass layer is very important to the long-term
coating. Of course, glass layer will drop its using temperature.

Because the oxide film is thinner and resistes to the nucleation and bursting of the gas bubbles
less at the beginning of oxidation, more bubbles will be formed. The holes leaved on the
oxide film by bursting of gas bubbles is smaller and less shallow. They will be sealed fastly
by the viscous flow of  glass. The longer of the oxidation time, the thicker the oxide film and
the larger the resistance, then the more difficult for the bubbles to nucleate. Consequently,
The bubbles formed are fewer,  and  greater and deeper when they burst. At some
temperature, the viscous flow is limited. When the bubbles are large enough so that they can
not be sealed in time, holes appear on the oxide film. At the same time, new oxide film is
formed at the holes. Obviously, bubbles will prior necleate, grow and burst at the holes in
further oxidation as the new film formed is very thin. As a result, the holes get deeper and
deeper. When they penetrate through the coating at last, failure takes place. The failure
precess is summarizd in Fig.6.

Fig.1: SEM micrograph of a deep hole on the coating surface
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Fig.4: X-ray diffraction pattern of the coating after oxidation

Fig.5: SEM micrograph of the coating after oxidation
1. C/C; 2. Transition layer; 3. Barrier layer; 4. Si-W layer; 5.Silica layer

Table 2: The effect of oxidation time on the network structure of the silica glass formed
on the coating surface after oxidation at 1600°C

Oxidation time
/h

Composition of the molecule network structure /%
Dimer          Sheet           Network          Pure network

Broken bonds
/%

Before oxidation 22                 0                   34                      44 18.5
45 21                 0                   69                      10 19.9
168 16                 11                 30                      43 16.6
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Fig.6: The failure process of the coating in oxidation

If the analysis about the faillure process is correct, there certainly is a critical oxide thickness
X(tC), correspending to the critical life. That is to say, the oxide thickness when the coating
fails depends on the diffusion rate constant and has nothing to do with temperature. Relation
of the critical thickness with the critical life fits a parbolic law [7,8].

Fig 7: Distribution of oxygen ion on the coating after oxidation for 168h at 1600(C

X t BtC C( ) =                                                           (2)



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 636

For this coating, the critical thickness of the oxide film is founded to be always 40 µm less or
more at different oxidation temperature (Fig.7). On the basis of critical thickness, we can
obtain  a relation of the critical life with temperature as following

lg .t
TC = −44104

25 340
                                               (3)

This relation calculated is identical with the that put forward derrectly from the oxidation
tests. This demonstrates clearly the failure mechanism presented.

It is meant by X(t)C that a coating would fail because some defects are formed when the
thickness of the film reaches its critical value. X(t)C  is a constant which is only influenced by
the coating materials, coating structure, coating method and coating process, but not related to
the oxidation temperature. The properties of the coating materials determine the
characteristics of the oxide film and the interfacial gas pressure. The critical thickness of the
film increases with  increasing  the interfacial gas pressure, decreasing the diffusion rate of
oxygen and increasing the diffusion rate of gas species. In the presence of a barrier layer in
the  coating, the diffusion of oxygen along the deep holes would be blocked, and the critical
thickness of the film would be increased. Deep holes could be considered to be formed at the
sites where there are some original defects. Obviously,  the defects  are conditioned by the
non-homogeneity of the coating preparation. Consequently, improving homogeneity of the
coating is a very effective way to increase the critical thickness and prolong the protection
life. After the coating materials are selected, the critical thickness depends upon the quality of
the multi-layer coating. Only proper methods are selected or developed to prepare every layer
of the multi-layer coating, the quality could be ensured. Although the interfacial gas pressure
varies with temperature, the limited step of the interfacial gas reaction is the diffusion rate but
not the reaction rate. Clearly, it is the diffusion rate constant but not the critical thickness that
is influenced by temperature. Generally, the viscosity of the oxide film drops when
temperature rises. The viscosity drop, on the one hand, makes the holes easy to be sealed and
is favorable to increasing the critical thickness. On the other hand, it promotes the nucleation
and growth of bubbles, and unfavorable to increasing the critical thickness. It can be argued
that viscosity has not influence on the critical thickness in a certain range of temperature.

CONCLUSIONS

1. The  gases produced by the interfacial reaction between the outer layer and its oxide film
are responsible for the coating failure. When the gas pressure is higher than the ambient,
bubbles are formed at the interface.

2. The oxide film is a silica glass. When the bubbles are large enough that holes caused by
their bursting can not be sealed in time, non-homogeneous nucleation, growth and
bursting of the gas bubbles take place at the holes in further oxidation. As a result, deep
holes are formed, which will become the channel of oxygen diffusion.

3. It is the critical thickness of the oxide film but not the coating thickness that affects the
oxidation protection life. The relation of the protection life obtained from experiments is
highly identical with that calculated based on the critical thickness.
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SUBSURFACE DAMAGE MEASUREMENT ON
CARBON CARBON COMPOSITE MATERIALS IN

BRAKING APPLICATIONS
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SUMMARY :  This paper deals with the measurement of subsurface damage of composite
materials after braking solicitations. Several carbon carbon composites materials are studied.
They have been tested under industrial braking conditions. Different damage methods are also
used to estimate the braking effects on the mechanical behavior of these materials. In
particular, a meso-hardness test is adapted to the heterogeneity of carbon carbon composite
and to their porosity. Depending on the type of material, the results show the evolution of the
meso-harness as a function of the distance to the braking surface. In the case of the quasi
transverse isotropic behavior, we obtain a measurement of a damaged subsurface. An other
original compression-bending test is also used, which confirms this damaged subsurface
effect before wear occurs.

KEYWORDS:  carbon-carbon, braking, wear, subsurface, damage, hardness, compression

INTRODUCTION

Carbon carbon materials present a good mechanical behavior under specific conditions as
high temperature. Besides, their low density is a main quality used for manufacturing brake
discs of heavy vehicles as planes or trains. In this case, the braking system is made of several
carbon carbon discs which are rubbing one against another - rotor against stator. Three
different carbon carbon composites have been tested under industrial conditions as braking to
a stop, and with neutral, wet or usual environment. Recalling the main results of thermal and
wear behavior, we develop here experiments on CC composite materials after series of
braking tests in order to measure the braking effects on the composite subsurface. For
homogeneous materials, several authors show the deterioration of the material, with plasticity
or microcraks, in proximity of the damaged surface [1], [2], [3]. Then we develop specific
tests to quantify a possible damage during and after wear (braking) solicitations.

CARBON CARBON COMPOSITE MATERIALS AND BRAKING

Description

Three carbon carbon composites materials are compared here [4].
Material A : Carbon carbon laminates with thick woven layers in different directions in the

disc plane. This material presents a quasi isotropic behavior in this plane.
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Material B : Carbon carbon laminates with long fibers in a random distribution in the disc
plane. As material A, this one presents a similar isotropic behavior in this
plane.

Material C : Tridirectional carbon carbon composite material with needle bonding normal to
the disc and presenting an orthotropic behavior.

Thermal and Wear Behavior

During the braking tests, Jeanne [5] measures the disc temperature and the wear rate. The
main test characteristics are: a normal pressure of 1.3 MPa and angular velocity of 365 rad.s-1.
With these parameters, the surface energy density reaches 300 J/cm2.  An example of
temperature evolution is given in Fig. 1 (material B). The measurements are realized at
distance of 1 mm, 3.5 mm and 6 mm to the friction surface. The highest temperature varies
with the type of environment up to 1000°C with the experimental conditions. In the same
way, the thermal gradient varies too and presents a low variation under wet environment.
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Fig. 1: Temperature evolution (material B)
and wear rate of carbon carbon composites (A, B and C) during braking
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Fig. 2: Mechanical behavior (material A) and damage in compression test

The whole wear rate after different braking tests are presented below. For each material, this
higher wear rate does not occur for the same environment. That shows the great complexity of
the phenomena associated with thermal, chemical and mechanical processes [7], [8], [9], [10].
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Modeling of the Mechanical Behavior

The three carbon carbon composite materials present a similar macroscopical behavior. Fig. 2
shows a characteristic compression behavior (material A) in the disc plane with cyclic loading
and unloading to free stress. They present an elasto plastic behavior with a linear damage
evolution.

As we can see in Fig. 3, the Young modulus normal to the disc plan is very small.
The in plane elastic behavior is determined by :

ε σii
e

ii i i iE d= −/ ( )0 1
with i=1,2 and  di=1-Ei/Ei

o

The damage evolution is described by :

d = f bS S e( ) ( ) /σ σ σ= −  with : σ στ
S

tSup= ≤

Beside a typical non linear modeling is obtained by the equations :

� �ε λ ∂
∂σp

g=  and � �p
g

L
= −λ ∂

∂

where g is the coupled plastic criterion : g( ) L(p)II
~ ~σ σ= −  with : ~σ =s/(1-D)

and L the hardening function which must be identified for each material.

E1=E2

(GPa)

E3

(GPa)
σe

(MPa)

b

(MPa)

dcritique εrupture

(%)

εpl.rupt.  (%) σrupture (MPa)

Material A 30 1 20 137,5 0,7 0,9 0,15 75

Material B 32 0,7 10 66,7 0,6 0,52 0,075 50

Material C 18 1,25 20 44,5 0,45 1,18 0,1 40

Fig. 3: Mechanical characteristics of CC

MESO-HARDNESS

A specific meso-hardness test is developed here taking into account the particular geometry of
the three carbon carbon materials. A spherical indenter is chosen and optimized. Its diameter
must be proportional to the surface elementary cell size in order to measure the meso-
hardness corresponding to the homogeneous behavior and not the meso-hardness of the
constituents. The carbon carbon samples are then machined with a succession of steps whose
thickness is 0.05 mm. For each step we measure twelve meso-hardness under progressive
loading. The mass used in the test are 0.3 kg, 1 kg and 15 kg. The optimal diameter of the
spherical tip is 6.35 mm. Each test lasts about one minute.
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During the meso-hardness test, the indenter penetrates the sample in a very small thickness,
much smaller than the thickness of a fiber layer. In that case, it is possible to obtain the
evolution of the meso-hardness in the material, due to the braking solicitations.

The results are analyzed with two classical concepts of harness : HB is the Brinell hardness
taking into account the permanent or plastic deformation of the material under loading : hp.
HR is the Rockwell hardness taking into account the total deformation, id est the elasto-
plastic deformation of the material under the indenter : hep.

With F, the load, D, the diameter of spherical tip and d the diameter of the indentation area,
we have :

HB
F

Dhp

=
π

 , HR
F

Dhep

=
π

 , hep=[D-(D2-d2)1/2]/2

The measure of hp is obtained during the test with unloading to free stress.

Results are presented in Fig. 4a, 4b and 4c.

Material A : The meso-hardness from the braking surface to the middle of the sample
describes a periodical evolution where the periodic distance is equal to the
thickness of the fiber woven layers. It is difficult to observe a particular
evolution of the hardness near the braking surface.

Material C : The hardness evolution does not present a characteristic variation between the
surface and the middle of the sample. We note that the accuracy of the results
is not good. That is an indicator of the heterogeneity of this material coming
from the needle bonding normal to the disc plane.

Material B : The results are presented here in term of damage, with D a scalar parameter
equal to the ratio of the meso-hardness in the middle of the sample and the
local meso-hardness [6], [4].

D
H

H
= −1

*

Lemaître [6] showed a similar evolution of the damage measure by classical tests as tension
test D=1-E/E0 and hardness test D=1-H/H* for isotropic material. If E0 represents the initial
Young’s modulus, the meso-hardness H* is more complex to obtain. In the case of an
elastoplastic behavior with hardening, the damage must appear at the same time as hardening.

So, if H represents the hardness of the material after loading, and H0 the hardness before
loading, we should obtain  :

H> Ho with H0=k σp , H= k (R+σp) (1-D) ,

R is the hardening variable and σp the plastic low threshold stress.

The measure of damage must be so :
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D
H

H
= −1

*
 with H*= k(R+σp) hardness of the material with hardening but without damage,

obtained by calculus. For the carbon carbon composite material B under braking solicitation,
we observe a hardness H at the surface smaller than H0 in the middle of the sample, H<H0.
That means that damage appears without hardening, this phenomenon is similar to the damage
evolution in elastic fatigue test for isotropic metals. Consequently, we propose the hypothesis
that under braking solicitations, appears a damage evolution mainly due to thermal and
physicochemical phenomena, and without hardening.
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Fig. 4: Meso hardness ((a) and (b)) and damage (c)

The model of damage measurement is then :

D
H

H
= −1

*

with H*=k σp and H=k σp (1-D)

The damage evolution shows a decreasing from the surface of the material.
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In the middle of the disc, the variation of measurement ∆H corresponds to the heterogeneity
of the carbon carbon with a relative ration  :∆H/∆H* = 7.5%.

Near the surface, the ratio ∆H/∆H* measured reaches 20%. Between 7.5% and 20%, it is
possible to consider this ratio as a measurement of damage in a subsurface of this carbon
carbon composite material. The depth of this subsurface is a=0.4 ± 0.1 mm. The thickness of
this damaged subsurface will probably vary as a function of the nature of the braking
solicitation (frequency, energy level...). In case of very dissipate braking, the damaged
subsurface will disappear in wear.

COMPRESSION BENDING TEST

The brake discs in material B are damaged only in a small thickness near the surface. We tried
to define a macroscopical test sensitive to a variation on rigidity in the subsurface. The
principle of this test is shown in Fig. 6a and 6b. Parallelepipedic samples are taken out of the
brake discs after braking test.

If a sample is not damaged, its rigidity center and its geometrical center match each other in a
cross section. If not, appears a distance between these two points, that generates a bending
couple when the sample is loaded in compression. Using strain gauges in all the lateral
surfaces of the sample, it is possible to measure the bending effect due to the damaged
subsurface. A specific experimental setup (Fig. 6b) is then constructed in order to apply the
compression load with a good accuracy (0.01 mm) exactly in the center of the cross-section.
A steel ball permits the free rotation of the head sample.

y α= l/2

x

l

geometrical center
= rigidity center

undamaged 
CC material

x

l

l/2y

a

geometrical
center

rigidity 
centerα
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strain 
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wedges

Fig. 6: Samples and compression-bending setup

This experimental setup has been tested on model materials for which a subsurface with a
different rigidity was prepared and then well known. Its accuracy permits to detect a damaged
subsurface with the following characteristics : a.d = 0.02 mm with a : the thickness of the
damaged zone and d : the mean damage in this subsurface.
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With Ei, the Young modulus of the CC sample in the compression direction, and l /2-α the
distance between the center of rigidity and the center of the cross section, we can write :

E (x )dS 0is∫ − =α (1)

Suppose that the damage evolution is linear, as shown with the meso-hardness results, we
obtain :

Ei(x) = Eo
i( 1-d(x)) for x∈ [l- a , l  ]

and Ei(x) = Eo
i  for x∈ [0 , l- a ].

Assume too that :
Ei(x) = E0

i [l  +dc[(l  -x)/a- l ]]
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It means that the critical damage is obtained at the braking surface, so previous relation (1),
could be written :

2α = ( dma(a-2 l ) + l 2 ) / (l  -dm a )

Note that this scalar equation permits only to obtain one scalar unknown, the measure of α by
the rotation of the head sample permits to find the thickness of the damaged subsurface.
The results of this compression bending test are shown in Fig. 7.

All specimens in material B present a bending effect corresponding to the values of a and d :
a.dm= 0.05 mm

Then if we consider a linear evolution of the damage in the subsurface, with a critical damage
dc=0.2 measured with the meso-hardness results, we obtain a thickness of this subsurface
equal to a=0.35mm.
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DISCUSSION AND CONCLUSION

Note that the measure of the bending effect must be absolutely realized in the beginning of the
rotation. If not, a complementary bending couple appears due to the progressive lateral
displacement of the setup induced by the bending strains.

The both results of meso-hardness and compression bending test developed here are in good
agreement. They show that, for the carbon carbon composite materials B, it can exist a
damaged subsurface induced by specific braking solicitations. Naturally, this subsurface is
progressively turning into wear particles, during a braking test. However, it seems to be
necessary to take into account the real damaged behavior of materials in order to have a better
understanding of their surface deterioration. The main difficulties which limit these approach
are the heterogeneity of carbon carbon composites and their porosity, which stop us
developing others methods to measure this subsurface.
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SUMMARY:  3-D woven SiC/SiC-based composite consisting of surface-modified Si-Ti-C-O
fibres and polymer conversion-derived matrix was tested in tension in vacuum (1200-1380oC)
and air (1000-1200oC). In addition, several specimens were surface-sealed using a proprietary
technique prior to mechanical testing. Resultant tensile property/strain curves are discussed
together with fracture surface characteristics such as main failure mode and fibre pull-out
length distribution. The effect of test condition on intra-fibre bundle spatial distribution of
fibre fracture characteristics is also mentioned. Composite properties at room and elevated
temperature in vacuum (unsealed) and air (surface-sealed) were generally consistent with a
stable fibre/matrix interface. Unsealed specimens tested at elevated temperature in air
exhibited properties consistent with extensive fibre/matrix interface oxidation.

KEYWORDS:   microstructural characterisation, SiC/SiC, tensile test, stress/strain, fibre pull-
out, fracture mirror

INTRODUCTION

Ceramic matrix composites (CMCs) which have shown potential for use in high temperature
structural applications include those based on the SiC/SiC system. These composites contain
fibres with either Si-C-O or Si-Ti-C-O structures comprising of β-SiC nanoparticles partially
surrounded by aromatic carbon layers in an amorphous SiOxCy matrix for the Si-C-O fibre
and SiOxCyTiz matrix for the Si-Ti-C-O fibre. Matrix densification is generally achieved using
either chemical vapour infiltration (CVI) or polymer conversion (PC) techniques.

Significant research has been conducted into optimisation of the fibre/matrix interface which
is known to significantly influence high temperature mechanical properties (particularly for
oxidising atmospheres). The problem of high temperature fibre/matrix interface stability has
also been addressed through coating or sealing the composite surface with an oxidation-
resistant glass layer.
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The present work is concerned mainly with mechanical and microstructural characterisation
of a 3-D woven SiC/SiC-based composite (without an oxidation-resistant glass layer) after
tensile testing in vacuum and air from room temperature (RT) up to 1380 oC. In addition,
exploratory tests were also carried out on a limited number of specimens after the surface had
been sealed with an oxidation-resistant glass compound.

EXPERIMENTAL PROCEDURE

The composite examined in this work utilised continuous Si-Ti-C-O fibres woven into an
orthogonal 3-D configuration with fibre ratios in the x, y, and z directions being 1, 1, and
0.13, respectively and a fibre volume fraction estimated to be 40 %. The Si-Ti-C-O fibres
(Tyranno LoxM) had been surface-modified to produce an outer 10 nm SiOx-rich layer
surrounding an inner 40 nm carbon-rich layer whilst matrix densification used the PC method
and a precursor similar to polytitanocarbosilane (PTCS). After machining to a geometry
suitable for tensile testing, a limited number of specimens were surface-sealed using a
proprietary technique (Kawasaki Heavy Industries, Kakamigahara City, Japan).

Mechanical testing of unsealed specimens was carried out with the loading direction parallel
to the specimen y-axis (experimental details being given elsewhere) at RT and also at elevated
temperature in vacuum (1∼3 Pa)(1200-1380 oC) and in air (1000-1200 oC). Surface-sealed
specimens were tested in a similar configuration up to 1200 oC in air. It should be noted that
tensile strain could not be accurately measured beyond 1300 oC in vacuum (limitation of the
specimen grip) and also for unsealed specimens at elevated temperature in air.

Experimental stress/strain curves were characterised by computer fitting of a high-order
polynomial curve after which the instantaneous tensile modulus, E, and cumulative damage
energy could be derived. Cumulative damage energy (CDE) indicates the energy absorbed by
the composite during failure and so may be used to qualitatively measure the “toughness” of
the composite, with:

Cumulative damage energy = 
1

0b h L
FdA

o

S

. . ∫   (1)

where b is the mean initial test specimen width (m), h is the mean initial test specimen
thickness (m), Lo is the specimen gauge length (m), F is the tensile force acting on the
specimen (N), S is the composite failure strain, and A is the longitudinal elongation (m). The
majority of energy absorbed during failure is known to result from fibre pull-out  so that CDE
may also provide information concerning fibre pull-out properties and hence the status of the
fibre/matrix interface.

Microstructural observations to evaluate the general nature of the fracture surface were
initially carried out using a zoom lens optical microscope (OM) (Olympus SZH) at low
magnification (≤20). Additional investigation concerning the fracture surface in the composite
zy-plane was carried out at higher magnification (∼50) (Olympus STM5-BD). Fibre pull-out
length distributions were determined using this technique through measuring the projection of
fibre pull-out length in the zy-plane. Obscuration of fibres with small pull-out lengths behind
those with larger pull-out lengths was minimised through considering only fibres which had
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pulled-out nearest to the microscope lens. Fibre pull-out length distributions will also be
examined using scanning electron microscopy (SEM) at a later date.

Preliminary examination of individual fibre fracture surfaces was carried out for selected
specimens using SEM (JEOL JSM-6300F). In order to determine any spatial dependence of
fibre fracture properties within fibre bundles, fibres were examined at the end and centre of
the fibre bundle major axis for each specimen. In both cases the fibre bundle was scanned
from edge to edge along its minor axis with all fibres within an approximate 100 µm
“corridor” being analysed. A minimum of 100 fibres were analysed in each area with the
relative position, fibre diameter, surface character, and fracture mirror size (if applicable)
being measured for each fibre. Only initial results are presented here with a more complete
analysis being given elsewhere.

RESULTS AND DISCUSSION

Mechanical Properties

Representative tensile property/strain curves for composites examined in this paper have been
presented in Fig. 1. The unsealed composite exhibited excellent mechanical properties at RT
with a tensile strength of 389 (+/-48) MPa (Fig. 2) and tensile strain to failure of 1.14 (+/-
0.04) % (Fig. 3(a)). Such values, combined with a CDE of 2634(+/-340) kJm-3 (Fig. 3(b))
compare extremely favourably with those obtained for previous SiC/SiC-based composites
and suggest the fibre/matrix interface to possess near-optimal properties. Tensile strength, σ,
and modulus, E, values obtained from Fig. 1 were broadly similar to those predicted by
modified Rule of Mixtures equations:

E = ηfEfVf + EmVm (2a)

and

σ = ηfσfVf + σmVm (2b)

where V is the volume fraction of the respective phase, ηf is the fibre orientation factor, and
the subscripts f and m refer to fibre and matrix properties respectively, with the following
assumptions:

The decrease in tensile modulus with increasing strain at small strain levels (≤0.2 %) was
attributed to a reduced contribution from the matrix component (due to microcracking). The
matrix in SiC/SiC-based composites is known to have a substantially lower tensile strain to
failure (≈0.1 %) compared to that of the fibres (≈1 %).

Mechanical properties from ε≈0.4 % until just prior to failure were due almost entirely to
fibre and fibre/matrix interface properties.

Following on from the previous assumption, the composite failed at a tensile strain similar to
that of the fibres. However, the tensile strength of the composite was only 50 % of that
predicted from Eqn. 2b (with σmVm≈0). A large proportion of this difference may be
attributed to fibre strength reduction upon inclusion in the composite whilst another factor in
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the present case may be the non-alignment of fibres along the loading axis (due to the
weaving procedure).
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Fig. 1: Tensile property curves for unsealed and surface-sealed SiC/SiC-based composite: (a)
stress/strain, and (b) modulus/strain

It should also be noted that the composite initial tensile modulus was determined by
significant contributions from both fibre and matrix. This situation is different from the case
of SiC/SiC-based composites with CVI-derived matrices where the majority of the initial
tensile modulus contribution is due to the matrix.

Tensile properties were almost identical for unsealed composite at 1200 oC in vacuum as for
the RT case (Figs. 1-3) apart from a slight reduction in initial tensile modulus (attributed to
matrix degradation) indicating the fibre/matrix interface to be stable at 1200 oC in vacuum.

Further increases in test temperature for unsealed specimens in vacuum resulted in a 50 %
decrease in tensile strength by 1380 oC (compared to RT and 1200 oC). A decrease in
mechanical properties under these conditions would be expected as Si-Ti-C-O fibres are
known to degrade at elevated temperature, even in vacuum. Thus, a decrease incomposite
mechanical properties under such conditions does not necessarily imply a degradation of the
fibre/matrix interface.
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Fig. 2: Tensile strength vs test condition for unsealed and surface-sealed SiC/SiC-based
composite. Note non-linear temperature scale

Although strain measurement was not possible for unsealed composite at elevated temperature
in air, qualitative observations indicated the tensile stress/strain curve to be approximately
linear with a strain to failure of <0.1 % and, as such, is consistent with mechanical
property/strain data presented in Fig. 1 for unsealed composite tested at RT after ageing in air
(1200 oC/100 hours). The implication is that mechanical properties of unsealed composite are
significantly reduced by exposure to oxygen at elevated temperature and this is borne out by
tensile strength data presented in Fig. 2. The exact mechanism for the reduction in mechanical
properties under these conditions has not been established for the composite under
investigation but would be consistent with oxidation of the fibre/matrix interface producing a
substantial increase in interface sliding stress and transformation to notch-sensitive behaviour
observed by previous authors. The fibre/matrix interface in the present composite is known to
consist essentially of a carbon-rich layer which makes such a scenario likely.

Tensile property/strain curves for surface-sealed composite tested at elevated temperature in
air have also been included in Fig. 1. Although it should be stressed that such data is
preliminary, the curves appear similar to those of unsealed composite at elevated temperature
in vacuum. Such a conclusion may also be inferred from comparison of respective tensile
strength (Fig. 2), strain to failure (Fig. 3(a)), and CDE (Fig. 3(b)) data. It is suggested that
surface-sealing of the specimen is effective in severely retarding oxidation of the fibre/matrix
interface, at least for short-term exposure (in the order of several minutes). These results are
also consistent with preliminary creep investigations (1100 oC in air) of surface-sealed
composite which have shown typical lifetimes of 6 x 104 s at 200 MPa and may indicate that
long-term exposure at elevated temperature in air is feasible for these materials.
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Microstructural Investigation

The composite tensile tested at RT exhibited a “brush-like” fracture surface (Fig. 4(a)) with
extensive fibre pull-out characteristic of “tough” CMCs and reflected in the relatively high
CDE values achieved (Fig. 3(b)). The primary crack path in the composite tested at RT
followed the inter-fibre bundle porosity perpendicular to the loading axis, indicating such
pores to be a preferred route for crack propagation under these conditions. A similar fracture
mode was also observed in unsealed specimens tested at elevated temperature in vacuum and
also for surface-sealed specimens tested at elevated temperature in air, indicating crack
initiation and propagation to be similar for these cases.

In contrast to this, unsealed composite tested at elevated temperature in air possessed a
relatively smooth fracture surface (Fig. 4(b)) with little evidence of fibre pull-out, indicating
brittle failure to have occurred. As stated earlier, such a failure mode was attributed to
oxidation of the fibre/matrix interface. The primary crack path in this case showed no
preference for the inter-fibre bundle porosity and was consistent with crack initiation within a
fibre bundle followed by catastrophic crack propagation.
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Fig. 4: Optical micrographs illustrating fracture surfaces for unsealed SiC/SiC-based
composite after tensile testing: (a) room temperature, and (b) 1200 oC in air

Fig. 5(a) illustrates the effect of test temperature on fibre pull-out length distribution for
unsealed composite tensile tested in vacuum with the distributions being similar for the RT,
1200 oC, and 1350 oC cases. The shift in fibre pull-out length to smaller values at 1300 oC was
attributed to a transient deterioration in vacuum condition during testing. Previous researchers
found that exposure to oxygen at elevated temperature may increase the fibre/matrix interface
sliding stress by an order of magnitude compared to that at RT and thus even a minor decrease
in vacuum quality may have a noticeable effect on fibre/matrix interface-dependent
properties. A bimodal fibre pull-out length distribution was noted for the composite when
tested at 1380 oC with a transition point of approximately 370 µm. Although not fully
understood at present, such a change in behaviour at 1380 oC would be consistent with
changes in the Si-Ti-C-O fibre (and fibre/matrix interface) at this temperature.

Preliminary fibre pull-out length distributions for surface-sealed specimens tested in air (Fig.
5(b)) show the pull-out length range to be similar to that of the unsealed composite tested at
RT and elevated temperature in vacuum (Fig. 5(a)). The general form of the distributions in
Fig. 5(b) is uncertain but at least one specimen (1200 oC) bears a resemblance to those seen in
Fig. 5(a). From mechanical property data presented earlier it would be reasonable to expect
fibre pull-out distributions for surface-sealed specimens at elevated temperature in air to be
similar to those of unsealed specimens in vacuum at the respective test temperature. Thus, the
fibre pull-out length data appears to add weight to the unsealed specimen fibre/matrix
interface being stable at elevated temperature in vacuum (at least up to 1350 oC) with similar
behaviour probable for surface-sealed specimens at elevated temperature in air.



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 653

Preliminary fibre fracture surface characteristics of unsealed composite tested in air at RT,
1100 oC, and 1200 oC were examined using SEM. Fibre fracture surfaces could be
characterised into two main groups (“rough fracture surface” (RFS) and “smooth fracture
surface” (SFS)) with the RFS fibres being further sub-divided into three categories, i.e.,

(i) rough fracture surface with a fracture mirror origin at the fibre surface (RFS-S),
(ii) rough fracture surface with a fracture mirror origin within the fibre body (RFS-B),
(iii) rough fracture surface with no obvious fracture mirror (RFS-N), and
(iv) smooth fracture surface (SFS).
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Fig. 5: Cumulative failure vs fibre pull-out length for SiC/SiC-based composite: (a) unsealed
tested in vacuum, and (b) surface-sealed tested in air

Fig. 6 illustrates the fraction of fibres with different fracture surface characteristics as a
function of test temperature and position with the fibre bundle for unsealed composite tested
in air. Although not included in Fig. 6, the fraction of RFS-B fibres in all cases was almost
insignificant compared to that of RFS-S fibres (≤2% for the RT specimen) and is consistent
with results of previous researchers.  It may also be observed that the percentage of SFS fibres
was substantially larger at 1100 oC and 1200 oC compared to at RT. One explanation for the
presence of SFS fibres is that they represent fibres with such low fracture strength that a
fracture mirror boundary was not formed. However, the more likely scenario in the present
case is of the fibre and matrix being so strongly bonded following exposure to oxygen at
elevated temperature that the propagating crack passed from matrix to fibre with little or no
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change in velocity or direction. Further evidence for such a scenario is that all SFS fibers
possessed negligible fibre pull-out.

It was also noted that SFS fibres were preferentially positioned around the perimeter of the
fibre bundle, i.e., not in the centre. This can be more clearly observed in Fig. 7(b) with SFS
fibres being preferentially positioned towards lower and higher values of the fibre bundle
minor axis (which corresponds to the outer edge of the fibre bundle). In contrast to this, RFS-
S fibres appear mainly limited to the central portion of Figure 7(b) parallel to the major axis
(which corresponds to the central region of the fibre bundle). If the SFS fibres were indeed
due to oxidation of the fibre/matrix interface, as seems likely, then it would suggest oxygen to
have infiltrating the fibre bundle from the outer surface. Such a proposition is in contrast to
previous researchers who concluded that oxygen attacks the fibre/matrix interface along the
length of individual fibres. One explanation for this difference may be that the narrow (40
nm) carbon-rich layer at the interface in the present composite allows rapid SiO2 formation
and so limits oxidation to the composite surface, i.e., self-healing behaviour .
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Fig. 6: Fibre fracture characteristics at the centre and edge of a fibre bundle for unsealed
SiC/SiC-based composite tensile tested in air. Note non-linear temperature scale

0 40 80 120

D
is

ta
nc

e 
al

on
g 

m
in

or
 a

xi
s 

( µ
m

)

0

40

80

120

160

200

Distance along major axis (µm)

0 40 80 120

(b)(a)

RFS-S RFS-N
SFS

Fig. 7: Fibre fracture surface characteristics at the centre of a fibre bundle after tensile
testing: (a) room temperature, and (b) 1100 oC in air



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 655

CONCLUSIONS

(i) The main characteristics of tensile property/strain curves were found to be consistent with
predictions obtained from the modified Rule of Mixtures equation together with several
assumptions.

(ii) At room temperature the composite exhibited extensive fibre pull-out with the main crack
path following the inter-fibre bundle porosity. This was accompanied by excellent
mechanical properties including a tensile strength of 389 (+/-48) MPa and strain to failure
of 1.14 (+/-0.04) % and suggested the fibre/matrix interface to have near-optimal
properties.

(iii) Unsealed composite tested at 1200 oC in vacuum possessed similar mechanical properties
(except initial tensile modulus) and fracture surface characteristics as for the room
temperature case. Increasing the test temperature further resulted in similar fibre pull-out
properties but decreased tensile strength (50 % at 1380 oC) compared to at room
temperature. It was proposed that the fibre/matrix interface was stable up to at least
1350oC in vacuum.

(iv) Unsealed composite tested in air at 1100 oC and 1200 oC had a relatively flat featureless
fracture surface with little evidence of fibre pull-out. This was reflected in poor
mechanical properties and attributed to oxidation of the fibre/matrix interface under such
conditions.

(v) Surface-sealed composite tested in air up to 1200 oC had similar mechanical, fracture
surface, and (possibly) fibre pull-out properties as for the unsealed composite in vacuum.
This indicated that the surface-sealant utilised was successful in dramatically reducing
oxygen diffusion into the composite under these conditions.

(vi) Most fibres in the composite tested at room temperature possessed “rough” fracture
surfaces with well-defined fracture mirrors originating at the fibre surface (RFS-S).
However, for the unsealed specimen tested in air at elevated temperature the majority of
fibre fracture surfaces were “smooth” with no evidence of a fracture “mirror” (SFS)
whilst RFS-S fibres were mainly limited to the central portion of the fibre bundle. These
results suggested oxidation to have proceeded from the outer surface of the fibre bundle
(as opposed to along the fibre/matrix interface of individual fibres).
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SUMMARY:  In this paper, Si3N4 matrix composites reinforced by Si-C-N nanometer
particles or SiC whiskers were fabricated using the hot-pressing technique. The mechanical
properties of the composites containing various amounts of these Si-C-N nanometer particles
were investigated. The maximum fracture toughness of these composites was 11.96 MPam1/2

and the flexural strength was 878.50 MPa after addition of 20 wt% of Si-C-N nanometer
particles. It showed that the Si-C-N nanometer particles can remarkably improve the
properties of Si3N4 matrix. Fracture surface and the micrographs of local intend areas were
examined by SEM, the results revealed that the reinforcing mechanisms acting in these
nanocomposites were crack deflection and crack branching by Si-C-N particles.

KEYWORDS : toughening, si-c-n nanometer particles, silicon nitride, fracture toughness,
ceramic matrix composites

INTRODUCTION

Si3N4 and SiC ceramic are well known for their high strength, hardness and thermal stability,
as well as the extreme brittleness that prevents their application in many critical components.
The mechanical properties of these ceramics have been improved by the microstructure
development, however, it seems to be difficult to expect the further improvement of
mechanical properties by this technique. The need for further improvement in the mechanical
properties has led to the development of high-strength and high-toughness ceramics, such as
fiber-, whisker- and particulate- reinforced ceramic matrix composites[1,2]. SiC was used as a
reinforcing material for Si3N4 more than 20 years ago[3], for the attempt to take advantage of
the characteristics of both materials. Owing to process problems and the cost of SiC whiskers
and fibers, the attention was being devoted to particlate composites. However, the use of SiC
as uniform particles cannot improve noticeably the properties of the Si3N4 matrix.

Recently, researchers have found that the properties of ceramic can be dominantly improved
by reducing particle sizes to nanometer levels, Niihara and his colleagues have been
investigating the Si3N4 based nanocomposites, in which the nano-size SiC particles are
dispersed mainly with the matrix grain[4-6], the flexural strength reaches 1550 MPa, the
fracture toughness reaches 7.5 MPam1/2. The materials are referred to as “nanocomposites”
and the approach is generally indicated as a “new design concept” in the structure ceramic
field. Research on nanometer particles toughening ceramic matrix composites becomes a new
“hot point”.
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In this paper, nanometer Si-C-N particle reinforced Si3N4 composites were made, the
mechanical properties were measured, the phase structure was studied by XRD, the main goal
was to improve the properties of Si3N4  matrix and to understand the reinforcing mechanisms
of these nano-size SiC dispersed composites.

EXPERIMENTAL PROCEDURE

Fabrication of Composites

Si-C-N nanometer particles used as the reinforcing materials were made in our laboratory,
through a Chemical Vapor Condensation (CVC) method, the average particle sizes were 70
nm, the total carbon in the particles was 24.08wt%, and the total nitrogen was 18.06wt%,
Fig.1 showed the shape. As another reinforcing materials SiC whiskers with an average
diameter of 0.6 mm were used, starting powders for the matrix material were Si3N4 (average
particle size 1.0 mm), and La2O3 (average particle sizes 2.0 mm), Y2O3 (average particle size
0.5 mm).

As the Si-C-N nanometer particles contained many agglomerates which obstructed the
densification of the composite, the particles must be through dispersion. This dispersion was
executed by ultrasonication and stirring in alcohol. The SiC whiskers were pretreated using
50vol%HF + 50vol%HNO3 for 30 minutes, then washed with deionized water. After the
treatment, the Si-C-N nanometer particles and SiC whiskers were dried and used for the
reinforcing materials.

The Si-C-N nanometer particles (or SiC whiskers) were mixed with the Si3N4 matrix powders
which had been obtained by mixing of Si3N4 powder and sintering-aid powders in advance.
The contents of the sintering-aid powders were 10wt% La2O3 and 10wt% Y2O3 with respect to
the weight of the matrix powders. The powders were wet milled in alcohol for 24h, Si3N4

grinding media were used in all milling step. After drying, the obtained powders were sieved
to under 100 mesh and were molded in a BN-coated graphite die for sintering. Hot-pressing
was carried out at 1800 for 1h in a flowing nitrogen atmosphere under a pressure of 27.5 MPa
for all composites.  As comparison,  monolithic  Si3N4 with the same sintering-aid was also
fabricated under the same conditions.  Table 1 showed the contents of the composites.

Fig.1: The shape of Si-C-N  nanometer particles
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Table 1: The contents of the composites  (wt%)

Sample Si-C-N SiC
whiskers

Si3N4 La2O3 Y2O3

S1 --- --- 80 10 10

S2 10 --- 70 10 10

S3 20 --- 60 10 10

S4 --- 20 60 10 10

Measurements of Composite Properties

Hot-pressed plate samples were cut into bars and polished for measuring the mechanical
properties of the composites. Flexural strength were measured by three-point bending test, the
sample size was 3mm x 4mm x 35mm, the span was 30mm. Fracture toughness was measured
by a Single-End Straight-notch Beam (SENB) method, the sample size was 2.5mm x 2.5mm x
30mm, the notches were machined using a diamond blade 0.15mm wide deeply cut in the
center.

Fracture toughness was also measured by an indentation fracture (IF) method. A surface flaw
was made in the Well-polished specimens plane perpendicular to the hot-pressing axis by a
standard diamond Vickers’ indenter using a 19.6 KN load with a loading time of 20 seconds,
KIC values were calculated using the following equation:.

KIC=0.142(c/a)-1.56(EΦ/H)2.5Ha1/2/Φ (1)

Where c is the radius of crack length, a is the impression radius, H is the hardness value
calculated from the diagonal length, E is the Young’s modulus of the composites, and Φ is the
constraint factor (≈ 3). An average elastic modules of 310GPa was assumed for the
composites.

Density of the composites was measured by the Archimede’s method using deionized water as
the immersion medium, and their relative densities were evaluated using the theoretical
densities calculated from simple mixing theory.

Results and Discussion

The Density and hardness of the composites reinforced with Si-C-N nanometer particles and
SiC whiskers are listed in Table 2. All of the composites had densities higher than 3.2 g/cm3,
indicationing that the composites were densified using Y2O3-La2O3 sintering additives. The
differences in relative density among these composites may be attributed to the presence of
the Si-C-N nanometer particles, the results showed that the obstacle role of Si-C-N nanometer
particles to the sintering of Si3N4 was more than that of SiC whiskers, and the sintering
condition of Si-C-N nanometer particle reinforced Si3N4 composite wasn’t very suitable,
which should be studied further. The density and content of the composites will affect the
hardness, with the density increasing, the hardness increases; with the SiC adding in, the
hardness increases, it was confirmed by the values of hardness in Table 2.
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Table 2: The Density of the composites

  Sample Measured
density
(kg/cm3)

Calculated
density (kg/cm3)

Relative density
(%)

Hardness
(GPa)

S1 3.53 3.49 100 14.20

S2 3.41 3.43 99.42 14.17

S3 3.29 3.39 97.05 13.26

S4 3.42 3.39 100 15.57

The room-temperature flexural strength of the composites measured by three-point bending
are listed in Table 3, varied from 689.9~878.5MPa, the fracture toughness values measured by
both the SENB method and indentation fracture method are also listed in Table 3, the fracture
toughness measured using SENB method varied from 8.27~11.24MPam1/2. The result values
of the indentation technique were lower than those of the SENB values, but the rules were the
same. The fracture toughness showed strong dependence on the amount of the Si-C-N
particles, the 10 wt% Si-C-N particles had no significant effect on the fracture toughness. In
contrast, the 20wt% Si-C-N powder addition significantly improved toughness.

It is well known that the porosity of the composites will significantly affect the mechanical
properties of Si3N4 matrix, it was very interesting that the density of S3 (reinforced with
20wt% Si-C-N nanometer particles) was the lowest, the relative density was only 97.05%, and
the hardness was also the lowest, but the flexural strength and the fracture toughness values
were the highest, even more than S4 (reinforced by 20wt% SiC whiskers). In Ref.7, the
fracture toughness of SiC particle reinforced Si3N4 was improved significantly by the addition
of SiC particles, but the flexural strength of the composite was decreased by introducing SiC
particles. In this paper with the nano size Si-C-N adding, both of the toughness and the
flexural strength were increased. It showed that the presence of Si-C-N nanometer particles
make remarkable improvement of Si3N4 matrix, it revealed a bright prospect of
nanocomposites.

Table 3: The mechanical properties of the composites

                              Item
 Sample

Flexural strength
 (MPa)

Fracture toughness (MPam1/2)
SENB                IF

S1 689.9                  8.36         7.87
S2 785.4                  8.27         7.72
S3 878.5                11.96         8.85
S4 804.8                11.24         8.78
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Fig.2: The fracture surfaces of the composites (SEM)

The fracture surfaces of the composite examined by SEM are shown in Fig.2, It showed that
intergranular fracture and “rough”fracture surfaces developed in all cases. The photos
indicated that the morphology of Si3N4 grains in the nanocomposites was strongly influenced
by the Si-C-N dispersions, the growth of of elongated Si3N4 grains was accelerated by the SiC
dispersion, as compared with monolithic Si3N4, the nanocomposites were composed of more
uniform and homogeneous elongated Si3N4 grains. SiC whisker “pull-out” was observed in
Fig.2d and elongated β- Si3N4 grain “pull-out” in other photos in Fig.2.

The micrographs of local intend areas examined by SEM are shown in Fig.3, it can be seen
that the crack length of S3 and S4 was shorter than that of S1 and S2, this showed more
evidence of why the fracture toughness of S3 and S4 were higher than that of S1 and S2.

The X-ray diffraction analyses of the composites revealed that the major phases were β-Si3N4

and β-SiC, Fig.4 shows the XRD parttern. Work is in process to characterize further the effect
of phase structure of Si-C-N nanometer particles reinforced Si3N4 composites on their
mechanical properties.
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Fig.3: The micrographs of local intend areas (SEM)
.

CONCLUSIONS

1. Si-C-N nanometer particles has noticeable reinforcement to Si3N4 matrix, it can improve
both of the fracture toughness and flexural strength.

2. The obstacle role of Si-C-N nanometer particles to the sintering of Si3N4 was more than
that of SiC whiskers.

3. The fracture toughness showed strong dependence on the amount of the Si-C-N
nanometer particles.

4. The reinforcing mechanisms acting in the Si-C-N nanometer particle reinforced Si3N4

composites were crack deflection and crack branching by Si-C-N particles.
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Fig.4: The XRD of the composites
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SUMMARY:  The non-linear mechanical behavior of both a 2D SiC-SiC and a 2D C-SiC
woven ceramic matrix composites is investigated under cyclic loading by means of a
metrology coupling an ultrasonic method and classical strain measurements. It appears that
the loss of stiffness during monotonous loading is mainly due to transverse microcracks
density and that the changes in elasticity during cyclic loading are the result of the
opening/closure of these cracks. In order to take this effect into account, an internal variable
that represents the damage accumulated along the loading is introduced. The non linear
behavior of both materials is predicted under both monotonous and cyclic loading. The
constitutive laws of the crack density and opening/closure variable describe the three-
dimensional changes in elasticity under cyclic loading as well as the inelastic strains along the
whole test.

KEYWORDS:  microcracking, anisotropic damage, ceramic matrix composites, cyclic
loading, inelastic strains

INTRODUCTION

The non-linear behavior of ceramic matrix composites (CMC) has been extensively studied
under monotonous loading [1]. Concerning cyclic loading, the knowledge is mostly
concentrated on cyclic fatigue and frictional sliding determination. It is now commonly
recognize that the macroscopic behavior of these materials under tensile loading is the result
of the combination of three main damage mechanisms [2]: the matrix microcracking normal
to the tensile axis, the deflection of these cracks at the fiber-matrix interface if the interface is
weak enough and the fibers fracture. The matrix microcracking induces a loss of stiffness.
The Mode II cracking prevents the composite from failing too early. The fiber-matrix
debonding leads to a fiber-matrix sliding with friction depending on the nature of the
interface. The interfacial shear stress is thus of first importance in the global behavior. The
combination of these mechanisms leads to a highly non linear behavior.

The stress-strain curves of these materials clearly show that the global strain is the sum of an
elastic and an inelastic strain. The inelastic strain comes from both the opening of the
transverse cracks and the interfacial fiber-matrix sliding [3]. Nevertheless this sliding is
subordinate to the direction of the load. Assuming the damage is the relative variation of the
stiffness tensor [4], it appears that the damage does not increase, or slightly, during the
cycles. The value of damage reached during monotonous loading is the upper limit of
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damage during the cycles. When a cyclic loading is performed, as the stress decreases during
unloading, a sliding opposite to the one created by an increase in stress can occur. The
transverse cracks that have been created during the monotonous loading are then prone to
close (Fig. 1). They are still present anyway but their closure simulates an increase of
stiffness as if the material could recover its mechanical properties. The cracks that remain
open represent the active part of the microcracking. The sample exhibits an apparent state of
damage while the damage accumulated is greater.
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Fig. 1: States of the transverse cracks: (a) Open crack, (b) Close crack

In order to separate and to identify accurately the effects of the initiation and growth of
matrix microcracks under tensile loading as well as the effect of these cracks under cyclic
loading on both the stiffness and the inelastic strains, it is necessary to perform a strain
partition under load.

FORMULATION OF THE MODEL

With the cracked media replaced by an effective equivalent medium, it is possible to deduce
the variations of the elastic properties of the cracked material. By modeling the cracks as
elliptic cylinders; x 1 

2 a 2 + x 2 
2 b 2 = 1 , x 3 < × , the effective elastic properties of a fibrous

composite containing cracks are [5]:

S = S 
0 

+ 
π 

4 
β Λ (1)

where S is the compliances tensor of the material, S0 is the compliances tensor of the
uncracked material, Λ is a fourth order tensor which terms depend upon both the cracks
whose aspect ratio δ=b/a tends to zero and the mechanical properties of the medium that
surrounds them and β is the crack density. Cracks thickness 2b in Direction 3 is considered as
negligible. Length 2c in Direction 2 is higher than depth 2a in Direction 1.

Thus, the damage due to a single damage orientation can be described with one parameter
only: the crack density. This formulation was written for a single crack system. Actually the
degradation process exhibits several specific orientations. It is very common to observe three



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 684

orthogonal crack systems in CMC; a transverse one due to matrix cracking, a longitudinal one
due to fiber-matrix debonding as well as an interlaminar one when delamination occurs [6]. It
is also important to keep in mind that these systems might interact. For the transverse crack
system, normal to the tensile axis, only three components of Λ are different from zero [7]:
ΛT

33, ΛT
44 and ΛT

55. As the cracks are deviated in mode II in the fiber-matrix interphase, a
longitudinal crack system with crack density βL must be taken into account. For this
longitudinal crack system, parallel to the tensile axis, the non zero components of the crack
tensor ΛL are obtained by a simple index transformation: ΛL

22, ΛL
44 and ΛL

66. When
delamination occurs, the interstacks cracks that appear are modeled by a family of slit cracks
parallel to Plane (2, 3) and normal to Axis 1. The crack density is βL. We then have for the
crack tensor ΛI: ΛI

11, ΛI
55 and ΛI

66.

As a proportion of the transverse cracks can close during unloading, it is necessary to
differentiate an apparent state of cracking and the number of cracks that have been created
effectively [8]. The closing effect induces a damage deactivation leading to unilateral
behavior [9]. Obviously, the crack density parameter is very sensitive to the effect of the
opening/closure of the cracks. Just as the active cracks were defined, we can define an active
crack density:

β = F . β ∗ 

(2)

where F is the proportion of active cracks and β* is the density of cracks that have been
accumulated. F represents the proportion of cracks that remains open during unloading.

Taking into account the phenomenon of opening-closure of the cracks, assuming that the
effects of the various cracks systems are additive and adding a corrective term that takes into
account their interaction, the compliance tensor of the cracked material becomes:

S = S 0 + 
π 

4 
F T . β T 

∗ Λ T + 
π 

4 
F L . β L 

∗ Λ L + 
π 

4 
F I . β I 

∗ Λ I + S interaction 

 (3)

Thus, the global behavior depends upon six functions: β*
i
 and Fi,(i=T,L,I). The compliances

variations are then simply a function of the various cracks systems that appear through the
variations of the crack densities and of the mechanical properties of both the uncracked and
damaged material. When cyclic loading is performed, the opening/closure functions Fi

modulate the compliances variations.

The inelastic strains represent a large part of the total strains in CMC. It is now commonly
recognized that they mainly come from the crack opening displacements, in other words, the
cracks thicknesses. In an extensometer length L, if there are n cracks, 2a deep and 2b thick,
the distance between them is 2a/β*

T. So:

n = L β T 
*  2 a ,    (4)

and then:

ε inelastic   =   ∆ L inelastic L   =   n U L   =   n 2 b L   =   δ β T 
*  

where 
δ = 2 b 2 a 

   (5)
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During unloading, the effect of closure of the cracks must be taken into account. It is clear as
well that some cracks will not close completely, some have a residual thickness. This
thickness is most probably due to the roughness of the cracks edges coming from both wear
debris at the sliding interfaces and wedging of the cracks by grain bridging. That is why
another aspect ratio δ' that takes this new thickness into account is introduced. Finally, the
variations of inelastic strains during the whole test can be described by:

ε inelastic = β T 
* F δ − ′ δ ( ) + ′ δ ( ) 

.   (6)

The inelastic strains are thus a function of the transverse crack density and of the aspect ratio
of the cracks whether they are completely open or not. As for the compliances, the
opening/closure function modulates the inelastic strains variations during cyclic loading.

The opening of the cracks is strongly correlated to the sliding stress that takes place at the
fiber/matrix interface. The measurement of the inelastic strains and the identification of the
transverse crack density had lead us, with the help of a modified shear lag model [10], to
establish a new formulation to identify the interfacial sliding stress τ:

(7)

Eqn (7) simply relates τ to the radius of the fibers R, their Young modulus, Ef, the distance
between the cracks, l and the length along which the interface remains bonded, b (Fig. 1 (a)).

EXPERIMENTAL RESULTS

In order to study accurately the damage evolution in composites, an experimental device that
couples an ultrasonic immersion tank associated to a tensile machine and an extensometer has
been developed. It allows to study the loss of stiffness of the material under tensile stress
because it makes it possible to perform under load the angular investigation necessary to
identify the elastic tensor variation. As it gives access to the complete stiffness tensor, it
becomes possible to know which coefficients are affected during the damage [11]. It also
allows to know precisely which proportion of the global strain is either elastic or inelastic
[12].
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Fig. 2: Under load strain partition equipped sample
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The characterization of anisotropic materials using an ultrasonic method gives access to the
purely elastic part of their behavior. The main principles of ultrasonic evaluation have been
given by Roux [13] for the elastic coefficients evaluation of homogeneous anisotropic
materials. The nine elastic constants Cij which fully describe the elastic behavior of an
orthotropic material are identified by the wave propagation velocities in three data planes:
Plane (1, 2), Plane (1, 3) and Plane (1, 45°) described by the bisectrix of axis 2 and 3 (Fig. 2)
[14].

The two composites studied, a 2D SiC-SiC and a 2D C-SiC, are of woven type. They are
manufactured from preforms built up from multiple layers of respectively Silicon Carbide
and Carbon cloth by S.E.P. (Société Européenne de Propulsion, France). The SiC matrix was
in both cases added by chemical vapor infiltration. Under tensile stress, they exhibit rapidly a
non linear behavior mainly due to the matrix microcracking. Because of the woven nature of
the samples, Directions 2 et 3 are initially symmetrically equivalent. Both specimens are thin
plate shaped, 3 mm in thickness and 2.7 g.cm-3 in density. They were submitted to tensile
stress in Direction 3 parallel to one of the bundle direction.

The stress-stain curves of the samples are shown on Fig. 3 and 4. Although the strain to
failure is about 0.8 per cent for the two composites studied, they reach this value in a different
manner. The 2D C-SiC exhibits quite immediately a non linear behavior whereas the 2D SiC-
SiC remains elastic until about 80 MPa as the linear variation of the strain testifies. About the
cycles performed, the lack of hysteresis in the 2D C-SiC curve is relevant of the fact that the
sliding occurs with little or no friction in the fiber-matrix interface whereas the large loops
with many changes in slopes that appear in the curve of the 2D SiC-SiC are relevant of the
interfacial debonding extent and emphasize the presence of sliding with friction that needs a
threshold of stress to occur. But in both cases, the permanent strains are far from negligible. It
is noteworthy that, until 120 MPa, the stress-strain curve of the 2D SiC-SiC shows that the
strain increases during the steps necessary for the ultrasonic evaluation while the loading
device is constant stress controlled.
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Fig. 3: Stress-Strain Curve of a 2D SiC-SiC Fig. 4: Stress-Strain Curve of a 2D C-SiC

The accuracy and the reliability of the complete determination of the stiffness tensor together
with its variation during the test allow, by inverting this tensor, to get the tensor of elastic
compliances and its own variation. The variation of all the components of the compliance
tensor of the 2D SiC-SiC with their confidence interval is shown in Fig. 5. The compliances
variations exhibit three domains. Until 70 MPa, damage threshold of this composite, the
various compliances remain the same. From then, the matrix microcracking begins. The
compliances increase along the tensile axis is very large; S33 increases more than 300%. This
represents the increase in compliance due to the inter-bundles matrix cracks until saturation at
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about 120 MPa. Then, this variation becomes slighter as the matrix microcracking spreads
inside the bundles. The shear moduli related to the planes that include the tensile axis, S44 and
S55, also increase a lot. The microcracking affects more slightly the elastic coefficients in
Plane (1, 2) normal to the cloth plane.

Fig. 6 shows the variations during the cycles of the compliances of the 2D C-SiC that were
the most influenced by the damage with their relative confidence intervals. The cycles are
shifted for clarity. S33, S44 and S55 relative to the transverse cracks system are the only
compliances to exhibit a variation during the cycles. S11 does not vary at all during the whole
test and nor S66 nor the off diagonal compliances, S12, S13 and S23. S22 varies during the
monotonous loading but do not change along the cycles. The progressive variation of S33, S44

and S55 during the cycles points out a progressive closure of the cracks. As the cracks close,
they are active no more and they lose the effect they had on the stiffness constants. When the
sample is reloaded, the cracks re-open, become active again and every compliance reaches the
value it has before unloading.

The elastic strains are obtained with the generalized Hooke's law:

ε i 
elastic = C ij( ) 

− 1 
σ j = S ij σ j 

(8)
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Therefore the elastic strain along the tensile axis is simply S33 times the applied stress. As an
extensometer indicates the total strain, the inelastic strain is then obtained simply:

ε inelastic = ε total − ε elastic 
(9)
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Fig. 7 and 8 show respectively the relative part of the elastic and inelastic strains on the total
strain during the monotonous loading of the 2D SiC-SiC and of the 2D C-SiC. Fig. 8 also
shows what happen during the cycles in the 2D C-SiC. In both cases, the inelastic strains are
far from negligible. Unlike the 2D C-SiC, the strain partition of the 2D SiC-SiC exhibits three
zones during monotonous loading. If for the 2D SiC-SiC, the inelastic strains do not appear
until the beginning of the inter-bundles matrix microcracking, it is clear that they are present
from the very beginning of the test in the case of the 2D C-SiC. There is no damage threshold
for the 2D C-SiC whereas the behavior remains linear elastic until about 80 MPa for the 2D
SiC-SiC.

The inelastic strains of the 2D SiC-SiC exhibit two very different increases that correspond to
the scale at which they occur; an increment of strain at constant stress ∆εbs which starts
around 80 MPa and stops at about 140 MPa due to inter bundles microcracking and a strain εfs

which needs an increase in stress and which begins at 120 MPa when the cracking starts to
occur at the fibers scale inside the bundles. The strain partition on the cycles of the 2D C-SiC
indicates that the linear variation observed is the sum of the non linear variation of both the
elastic strain and inelastic strains. As it could have been awaited for, the elastic strain comes
back to zero when no stress is applied whereas the inelastic strains are still present in the form
of residual strains.

This emphasizes that the strain measured when the sample is fully unloaded represents only
the residual part of the inelastic strain because the reversible sliding has closed some of the
cracks. It is noteworthy that the residual strain value at the unloading point is far smaller than
the under load inelastic strain. This establishes the partly reversible nature of the inelastic
strain and therefore the necessity of doing the strain partition under load.
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Fig. 7: Under load strain partition of a 2D SiC-SiC

0 0.1 0.2 0.3 0.4 0.5 0.6 0.7 0.8 
0 

70

140 

210 

280 

350 

ss (MPa)

Strain (%)

total ε elastic ε inelastic ε 

Fig. 8: Under load strain partition of the 2D C-SiC with a cyclic loading at 280 MPa
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IDENTIFICATION OF THE MODEL

The experimental variations of the elastic constants and Eqn (1) give access to the
constitutive laws of the cracks density, Fig. 9 and 10. Only the monotonous loading is
necessary to identify the crack densities. From the variations of the compliances of both
samples, it results that every cracks density variation exhibits a linear behavior, the transverse
variation having the greatest slope whatever the material and the scale considered. The
interlaminar crack density βI of the 2D C-SiC does not vary during the test meaning that no or
very small delamination occur between the stacks for this sample. The fact that the two
longitudinal cracks systems display a more stochastic behavior indicates that these damage
mechanisms may be more influenced by local variations of the composite microstructure.
About the 2D SiC-SiC, up to 80 MPa, as the damage has not begun, the crack densities are
equal to zero. Then, at the inter-bundle scale, a 10 MPa delay necessary for the mode II
cracking to start is highlighted.

During monotonous loading, all the transverse cracks are open. So the opening/closure
function F is equal to 1. Eqn (2) reduces to:

β T = β T 
∗ 

(10)

The comparison between the experimental data and the predicted variations are depicted in
Fig. 5 and 6. For the 2D SiC-SiC, a good correlation is obtained for the first three diagonal
compliances, S11, S22 and S33. The three remaining ones, S44, S55 and S66, exhibit a more or less
large deviation between the predictions and the experimental results. Anyway, concerning the
inter-bundle part of the cracking, up to about 120 MPa, the predictions for S44 and S55 are
good. For S66, the deviation probably indicates that the transverse cracks thickness must be
taken into account in the model. In the intra-bundle part of the prediction of the shear moduli,
the deviations might be explained this way: first, as the crack systems are not independent,
they might interact and second, one of the hypothesis of the model is that the cracks are
elliptic, but, actually, at the intra-bundle scale they are more likely to be circular because their
extent is limited by the fibers arrangement. This is emphasized by the similar variation of S44

and S55 in the intra-bundle part. Finally, concerning the off-diagonal compliances, the remark
about taking into account the transverse cracks thickness is also valid to improve the
prediction. For the 2D C-SiC, the comparison between the experimental data and the
predicted variations shows a good correlation for the monotonous loading represented by the
top of the cycles.

Clearly, during loading-unloading cycles, only the mechanism of the opening/closure of the
transverse microcracks will take place. The state of the longitudinal and interstacks cracks
does not, or slightly, vary. Thus the model of compliance variation can be simplified:

F L = 1 _ β L 
∗ = β L  and 

F I = 1 _ β I 
∗ = β I .  (11)
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At the top stress of a cycle, σmax, all the cracks are open. We get the maximum of active
cracks and thus, F=1. At zero stress, there is still a non zero proportion of open cracks leading
to residual strains. F is minimum but different from zero as all the cracks do not close.

On Fig. 11 is represented the opening/closure variable F of the 2D SiC-SiC. This step
function is representative of the existence of the threshold of stress needed to begin the
fiber/matrix sliding at the interface. Fig. 12 shows the evolution of F during the various cycles
of the 2D C-SiC. The proportion of open cracks can be described by a unique scalar function
describing the progressive opening /closure of the transverse cracks:

F = 1 − 1 − r ( ) 1 + r ( ) ( ) 
m 

 where 
r = Y 0 + Y ( ) Y 0 + 1 ( ) 

 and 
Y = σ σ max (12)

where Y 0 = - 0.25 is the threshold where all the cracks close and m =1.2 a constant.

So, for this material, the behavior during the cycles is fully described by four functions:β*
T,

βL, βI and F that can predict the compliances variations (Fig. 6).

The inelastic strains prediction (Fig. 13) during both monotonous and cyclic loading is rather
good as well once the residual opening of the cracks of the 2D C-SiC has been taken into
account ( Eqn (6)). Fig. 14 describes the evolution of the inelastic strains for the 2D SiC-SiC
at the various scales of its behavior as a function of the two transverse cracks densities and
the aspect ratio using Eqn (5). A 10 MPa delay for the sliding to begin can clearly be seen.
However, there is a gap between the experimental data and the prediction at the end of the
inter-bundles phenomenon because the two slidings coexist in a 40 MPa range.

About the 2D C-SiC, micrographs have indicated that the material contains a lot of porosities
and that many transverse cracks are situated in the SiC mantel around the bundles. The
opening/closure of these cracks certainly occurs without any friction because the opening
takes place on the pore side. This can explain the lack of hysteresis during the cycles. The
interfacial shear stress of the 2D SiC-SiC has been identified to be about 27 MPa using Eqn
(7) at the inter bundle scale and much higher at the fibers scale. This is in line with the
assumption of a strong cohesive zone inside the bundles.
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Fig. 11: Opening-closure variable for transverse microcracks of a 2D SiC-SiC

CONCLUSION

The behavior of ceramic matrix composites is strongly influenced by matrix microcracking.
The ultrasonic characterization through the complete determination of the stiffness tensor
along the whole test can detect all the damage mechanisms of CMC: the transverse matrix
microcracking as well as the presence of longitudinal cracks at the fiber-matrix interface.
Thus this technique is of great help in measuring the anisotropic damage and it also allows to
perform the strain partition under load which is the only way to separate the various damage
mechanisms. This technique gives a correct estimation of both the inelastic strains and the
elastic modulus drop. The problem of the three-dimensional description of the non linear
behavior of ceramic matrix composites can be solved by the measurement of the cracks
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density parameters and the closing-opening variable. Their knowledge can fully predict the
loss of stiffness due to matrix microcracking responsible for the non linear behavior of CMC.
These parameters, representative of the initiation and growth of the cracks, describe the
elastic part of the behavior. Furthermore, with the estimation of the cracks aspect ratio, the
inelastic strains can be predicted accurately.
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THE  RESEARCH  OF  SELF-REINFORCED HP
SILICON  NITRIDE

Li Fengmei

Institute of Aeronautical Materials, Beijing  100095,  China

SUMMARY:  For the self reinforced HP Si3N4 ceramics the effects of (Y2O3 + La2O3) wt%
and the ratio between Y2O3 and La2O3 on the mechanical properties and microstructure were
studied. While Y2O3 : La2O3 = 1 : 1 (wt%) the flexure strengths and fracture toughness reach
to a maximum at same time and the content of (Y2O3 + La2O3) approaches 20 wt% the flexure
strength goes through a maximum 715 MPa (at 1350 °C), the content of (Y2O3 + La2O3)
approaches 16 wt%, the fracture toughness goes through a maximum, 7.8 MPaM1/2 (at room
temperature). Analysis of toughening processes indicated that both crack deflection and β
Si3N4 bridging or pullout mechanisms can contribute to the fracture toughness of HPSi3N4

ceramics.

KEYWORDS:   self reinforce, silicon nitride, mechanical properties, microstructure

INTRODUCTION

Silicon nitride has the potential to become the material of choice for advanced application
because of a combination of excellent mechanical and thermal properties. In general, fibers or
whiskers are introduced to overcome the brittleness of unique ceramics, but there are several
processing problems eliminating its application. For example, the component of different
shape is difficult to well distributed. Selfreinforced silicon nitride or in situ toughened Si3N4

is based upon microstructural engineering through the controlled nucleation and growth of the  
βSi3N4 grains. During sintering, βSi3N4 grains with high aspect ratios were formed, therefore,
the  results are obtain similar to the Si3N4 toughened by fibers or whisker. Silicon nitride is a
highly covalent material that requires the use of sintering additives to reach full densification.
During sintering silica on the silicon nitride surface react with sintering additives to a glass.
At high temperatures, the αSi3N4 dissolves into the glass and precipitates in the form of β
Si3N4 . The morphology of the βSi3N4  can vary from equiaxied to highly elongated grains
depending on the characteristics of the oxynitrid glass as well as other factors such as Si3N4

powder, sintering additives, and processing condition. In this paper , the effects of Y2O3 and
La2O3 sintering additives on the mechanical properties and microstructure of Selfreinforced
HP silicon nitride are reviewed.

EXPERIMENTAL PROCEDURE

The characteristics of used Si3N4 powder are shown in Table 1. Sintering additives are Y2O3

and La2O3, its pureness is 99.9%. The preparation process of Si3N4 ceramic parts are shown in
Figure 1. The trial compositions (Si3N4, Y2O3 and La2O3) were mixed. Mixing time was 24 h
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in the polyethylene bottle with HPSN milling medium and pure ethanol as mixing fluid. After
mixing, the ethanol was evaporated from the powder slurries. The powders were dried further
in a air oven at 110 °C and then sieved through a 100 mesh stainless steel screen . Composite
bars were obtained by hot pressing the mixture in a graphite die at 1780 °C, 25 MPa applied
pressure in a nitrogen atmosphere, in 1 h. The initial experimental work of this study involved
the determination of the content and ratio of sintering additives. For this, ten trial
compositions were chosen Table 2. The composite blocks were loaded in three point bend at
1350 °C and room temperature at a constant displacement rate of 0.5 mm/min in air.

Table 1: Characteristics of Si3N4 raw power

α/(α+β) Diameter BET Impurity wt%
% µ m m2/g F e A l S i W
90 0.3 20 0.16 0.07 0.6 0.11

RESULTS AND DISCUSSION

Tow toughening mechanisms are shown in Fig. 2, Fig. 3, grain bridging or pullout and crack
deflecting. As this bridge zone develops, a closure stress is placed on the propagating crack
that effectively increased the fracture resistance of the material. this increased fracture
resistance  is result of crack bridging and pullout (Fig. 2). As the propagating crack collides
with elongated grains, the crack would be deflected (Fig. 3). The extremely high fracture
toughness is produced by an interaction between the propagating crack and the elongated
grains in the material. Many investigators have demonstrated that the fracture toughness of
Si3N4 is strongly dependent upon grains morphology. In materials containing elongated grains
with high aspect ratios and large diameters, fracture toughness can reach higher values.
Mitomo et al[1] and Matsuhiro at al[2] have shown that the fracture toughness of Si3N4 depends
on the size and fraction of these elongated grains. Figure 4 summarizes the relationship
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between fracture toughness and grain size for Y2O3 - Al2O3 - Si3N4 and Y2O3 – MgO - Si3N4

systems processed at different temperature. Figure 5 summarizes the relationship between the
relative fracture toughness and the percentage of elongated grains.

Fig. 4: The relationship between fracture toughness and the diameter of elongated Si3N4

grain

Fig. 5: The relationship between the relative fracture     Fig. 6: Y2O3 -La2O3 binary diagram
toughness and the percentage of elongated Si3N4 grains

The selection of sintering additives not only is a density criterion, but also is a key parameter
in controlling the morphology of silicon nitride grains. The chemical composition of the glass
determines the temperature and the rate of the α to β transformation. The glass composition
also determines the rate of mass transport, which is directly related to the kinetics of grain
growth. The effects of the ratio between Y2O3 and La2O3 on the HP Si3N4 mechanical
properties are shown in Fig. 7, while Y2O3 : La2O3 = 1 : 1 (wt%), the flexure strengths and
fracture toughness reach to a maximum at same time, flexure strength approaches 676 MPa
(at 1350 °C), fracture toughness is 6.13 MPa.M1/2 (at room temperature). From Y2O3 and
La2O3 binary diagram (Fig. 6), we know, while Y2O3 : La2O3  is close to 1 : 1, compound
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(LaYO3) was forming easy, sintering additives were at grain boundary in the compounds, not
in glass, therefore, raising the softening temperature of glass and improving the Si3N4

mechanical properties.

Table 2:  Effects of the content of (Y2O3  + La2O3 ) wt% and the ratio between Y2O3 and La2O3

on the HP Si3N4 mechanical properties

Composition  ( wt % )  σ f
RT σ f

1350   K1c
RT

   Si3N4    Y2O3    La2O3 Y2O3:La2O3   (MPa)   (MPa) (MPa.M1/2)
    87     0     13    0 : 13    586.8   447.3    5.78
    87     4      9    4 : 9    773.0   669.4    5.49
    87     6.5     6.5    1 : 1    581.1   676.6    6.13
    87     9      4    9 : 4    365.7   589.4    5.82
    87     13      0   13 : 0    703.0   128.0    5.05
    95     2.5     2.5    1 : 1    413.5   212.0    4.60
    90     5      5    1 : 1    660.0   380.4    5.67
    84     8      8    1 : 1    880.9   686.1    7.78
    80     10     10    1 : 1    890.7   715.6    7.68
    75     12.5     12.5    1 : 1    801.4   595.04    7.93

Fig. 7: The relationship between the ratio of sintering additives ( Y2O3 : La2O3 ) and Si3N4

mechanical properties

The effects of the content of sintering additives (Y2O3 + La2O3) wt% on the HP Si3N4

mechanical properties and microstructure are shown in Fig. 8 and Fig. 9. While the content of
sintering additives (Y2O3 + La2O3) approaches 16 wt%, the fracture toughness goes through a
maximum, 7.8 MPa.M1/2 (at room temperature). While the content of sintering additives
(Y2O3 + La2O3) approaches 20 wt%, the flexure strength goes through a maximum, 715 MPa
(at 1350 °C). Fig. 9 is scanning electron micrographs of a self-reinforce Si3N4. Fig. 9
illustrates how the microstructure can be varied by the content of sintering additives when
materials are made from the same starting powder and processed under identical conditions.
In these materials, the grains with highest aspect ratios have been produced in the material
containing 16-20 wt% (Y2O3 + La2O3) sintering additives.  The materials made with 5 or 25
wt% sintering additives (Y2O3 + La2O3) contained mainly a large number of fine grains.
These results clearly show that the grain morphology is strongly influenced by the content of
sintering additives. The main benefit of controlling the formation of elongated grains is a
dramatic improvement in the mechanical properties of silicon nitride. The improved fracture
resistance and mechanical performance is the result of a reinforcing phenomenon from the
whiskerlike grains, similar to the behavior observed in whisker-reinforced ceramics[3].
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Fig. 8:  The relationship between the content of sintering additives (Y2O3 + La2O3 ) and  HP
Si3N4 mechanical properties

Fig. 9:  SEM morphology of fracture surface of different content of sintering additives
(Y2O3  + La2O3) for HP Si3N4

CONCLUSIONS

Toughening mechanisms of self-reinforced Si3N4 are crack bridging, grain pullout and crack
deflecting. In materials containing elongated grains with high aspect ratios and large
diameters, fracture toughness can reach higher values.

While Y2O3 : La2O3  close to 1 : 1 , the  compound (LaYO3) was forming easy, therefore, the
mechanical properties were improved. While Y2O3 : La2O3  =1 : 1, the flexure strength of the
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material made with 20 wt% (Y2O3 + La2O3 ) sintering additives goes through a maximum,
715 MPa (at 1350 (C), the fracture toughness of the material made with 16 wt% (Y2O3 +
La2O3)  reaches a maximum, 7.8 MPa.M1/2  (at room temperature).
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SUMMARY:  Pure TiN powder was mixed with pure Ni powder at a volume ratio of 1:1.
Then, the mixed powder was cold compacted. The compacts were pressureless sintered at
1150, 1250 and 1350 ºC respectively for 1 hour in vacuum. X-ray diffraction analysis and
microstructural analysis by SEM and EDX were carried out with the sintered samples. It is
shown that the lattice constant of Ni increases with increasing sintering temperature, but the
crystal structure of TiN is stable under the experimental conditions. The Ti content of the Ni
solid solution determined from the lattice constant value is very close to the one obtained by
EDX quantitative analysis. The experimental results indicate that interdiffusion takes place at
the TiN/Ni interface during sintering.

KEYWORDS:  ceramic matrix composite, cermet, interface

INTRODUCTION

Various kinds of cermets are widely employed in industry due to their favorable properties
which are different from those of ceramics and metals. As one of their representatives, the
cermet composed of WC and Co has been used as a wear-resistant material for several
decades. However, this cermet is expensive because both tungsten and cobalt are not abundant
materials. Furthermore, the high specific gravity of this material makes the parts too heavy to
use in some cases especially for aeronautical and astronautical applications. Hence,during the
last 30 years many attempts have been made to find alternatives with low specificgravity and
relatively comparable mechanical properties coupled with favorable cost [1-9]. Although
much significant progress has been reported [1-9], the cermet composed of WC and Co has
not been replaced in industry so far. Nevertheless, the effort to look for the alternatives has
not stopped.

As reported in Ref. 10-12, in order to achieve this goal, Al2O3 and Ni were selected as the
starting materials due to their favorable properties and easy availability. However, the
problem associated with these two components is the poor wettability between solid Al2O3

and liquid Ni [13], which hinders the manufacturing of this cermet by liquid phase sintering.
In order to improve the sintering ability of this material, attention was focused on introducing
interlayers which could adhere strongly to both the ceramic phase and the metallic phase. It is
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reported that TiN was found to be the best suited to achieve this goal. The TiN interlayer was
introduced by coating the Al2O3 powder with a layer of TiN using CVD process. Then, Al2O3

powder coated with TiN (denoted by Al2O3-TiN) was mixed with Ni powder. The mixture
was hot-pressed to manufacture the composite, which is expressed by Al2O3-TiN+Ni [10-12].

In order to investigate the mechanism that TiN interlayer remarkably enhances the sintering
ability and mechanical properties of the material, it is essential to study the two interfaces
(TiN/Ni and Al2O3/TiN) involved in this system. This paper deals with the TiN/Ni interface.

EXPERIMENTAL PROCEDURES

Pure TiN powder (particle size: 5-25µm, purity: 99.9 Wt%) was mixed with pure Ni powder
(particle size: 1-3µm, purity: 99.9 Wt%) at a volume ratio of 1:1 for 45 minutes using a
powder mill. The powder was loaded in a plastic cylindrical vessel containing TiN balls 10
mm in diameter for mixing. The mixed powder, 1 gram for each sample, was cold compacted
at 750 MPa for 60 seconds. Neither lubricant nor binder was used during compacting. The
compacts were pressureless sintered at 1150, 1250 and 1350 ºC respectively for 1 hour in
vacuum of 7×10-3 Pa (5×10-5 Torr). After sintering for the required duration, the samples were
left in the furnace in vacuum to cool gradually to room temperature.

The sintered billets were ground lightly with 1000 mesh sand paper to remove the surface
layer. Then, they were washed in alcohol using an ultrasonic bath. After drying, X-ray
diffraction was carried out on all these samples. The polished sections were observed by SEM
and the composition of the various phases at the sections was analyzed qualitatively and
quantitatively by EDX (Energy Dispersive X-ray Microanalysis System).

RESULTS AND DISCUSSION

Fig. 1 shows the X-ray diffraction patterns of the samples sintered at the various temperatures.
For comparison, the X-ray diffraction pattern of the compact with the same composition is
also included in the figure. This figure indicates that with increasing sintering temperature
every diffraction peak of Ni shifts to the left side of the figure (low angle), whereas, the
diffraction peaks of TiN do not shift. So, according to Bragg's law, the lattice constant a of Ni
increases with increasing sintering temperature. Its value as a function of sintering
temperature is presented in Fig. 2.
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Fig. 2: Lattice constant a of the Ni solid solution as a function
of sintering temperature (For pure Ni: a=3.5238Å)

A conceivable explanation for the expansion is that dissociation of TiN takes place during
sintering [14] resulting in the formation of Ti atoms (or Ti ions), then the Ti atoms diffuse
into Ni lattices leading to the expansion, as the atomic radius of Ti (2.00 Å) is larger than that
of Ni (1.62 Å). The higher the sintering temperature, the more Ti atoms diffuse into Ni
lattices, consequently, the larger the lattice constant value will be. Fig. 1 also shows that there
is no diffraction peak broadening meaning that the Ni solid solution is homogeneous, which is
not surprising for the high temperatures and long duration of sintering applied and the small
particle size of Ni.

The quantitative relationship between the lattice constant of Ni solid solution and its Ti
content is given in Fig. 3 [15]. Using this figure the Ti content of the Ni solid solutions can be
obtained as illustrated in Fig. 4, which shows the Ti content as a function of sintering
temperature acquired from the data presented in Fig. 2. From Fig. 4, one can see that the
amount of Ti diffused into Ni lattices is significant.

Fig. 5 shows the scanning electron micrographs of the cermet pressureless sintered at 1350 ºC
for 1 hour. Two phases are visible in the micrographs. Various areas from each phase were
analyzed by EDX. A representative EDX spectrum for the metallic phase corresponding to the
area indicated by the arrow in Fig. 5A is presented in Fig. 6. This figure confirms that the
metallic phase consists of Ni and Ti. The quantitative EDX analysis gives the Ti content as
11.1 ± 0.1 At% (The uncertain range is standard deviation). This value is very close to the one
given in Fig. 4. A representative EDX spectrum for the ceramic phase corresponding to the
area indicated by the arrow in Fig. 5B is presented in Fig. 7. This figure indicates that the
ceramic phase consists of Ti, N and a small amount of Ni as well. Quantitative EDX analysis
shows that the Ni content is below 6 At%.
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Fig. 3: Lattice constant a of the Ni solid solution as a function of Ti content

Fig. 4: Ti content of the Ni solid solution as a function of sintering temperature

                                                A                                                    B

Fig. 5: Scanning electron micrographs of the cermet composed of 50 Vol% TiN + 50 Vol% Ni
pressureless sintered at 1350 ºC in vacuum for 1 hour. The metallic phase (A) and the

ceramic phase (B) were analyzed by EDX
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Fig. 6: EDX spectrum analyzed at the metallic phase
as indicated by the arrow in Fig. 5A

Fig. 7: EDX spectrum analyzed at the ceramic phase as indicated
by the arrow in Fig. 5B
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CONCLUSIONS

Based on the aforementioned experimental results, it can be concluded that during sintering of
the compacts composed of 50 Vol% TiN + 50 Vol% Ni at 1150-1350 ºC in vacuum for 1
hour, Ti atoms diffuse into Ni lattices forming homogeneous solid solution. This leads to the
expansion of the lattice constant. The higher the sintering temperature, the more Ti atoms
dissolve, and the more obvious expansion occurs. Only a small amount of Ni diffuses into
TiN and dissolves in it. The amount of the Ni is so small that the X-ray diffraction patterns
show a stable crystal structure of TiN within the temperature range tested.

It is believed that this interdiffusion also takes place at the TiN/Ni interface involved in the
Al2O3-TiN+Ni system. For the hot-pressed cermet Al2O3-TiN+Ni, this interdiffusion is
beneficial to the adhesion at the TiN/Ni interface. Therefore, it can be an explanation of the
mechanism that TiN interlayer remarkably enhances the sintering ability and mechanical
properties of the Al2O3-TiN+Ni system.
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SUMMARY:   Carbon fiber reinforced carbon- and SiC-matrix composites can be made by
different production methods and are displaying characteristic microstructures. This paper
focuses on the analysis of structural aspects induced by the fabrication process of C/C-SiC
composites fabricated by the Liquid Silicon Infiltration (LSI) method which was developed
by DLR (German Aerospace Research Establishment).

The LSI method consists in three main production steps (CFRP, C/C and C/C-SiC state) and
the evolution of the composite’s morphology and structure is traced through these production
steps from the carbon fiber reinforced plastics (CFRP) state to the finally processed C/C-SiC
composite. Conventional optical microscopy, EPMA, REM and TEM serve as tools to
disclose the microstructural organization and elemental informations in order to understand
their origins and the implications on the finally processed composite materials.

INTRODUCTION

Several methods are well suited to produce carbon fiber reinforced SiC-matrix composites.
Examples are the chemical vapour infiltraton (CVI), various Si-polymer pyrolysis routes with/
without filler and the Liquid Silicon Infiltration (LSI) method [1] which is developed at DLR
(German Aerospace Research Establishment). It is based on a C-polymer pyrolysis and
subsequently followed by an infiltration of liquid silicon. Each of these methods offers merits
for particular economical or technological requirements. The LSI-method as a one shot-near
net shape fabrication process is a quick and economical alternative to the other processes for
many technical applications in near future [2]. The upscaling from the laboratory to a
technical scale proved feasible. A large number of high performance real parts as e.g. an
intake ramp for hypersonic propulsion systems or brakes are produced by this way and
confirm the high level of technological development of the LSI-method [3,4,5].

Starting from the raw components the material has to undergo several transformations before
the product reaches the final C/C-SiC condition. The following discussion puts emphasis on
the elucidation of structural changes which take place accompanied with the three main
processing steps which are Carbon Fiber Reinforced Plastic (CFRP), Carbon/Carbon (C/C)
and C-fiber reinforced ceramic state (C/C-SiC).
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For tracing the structural changes a specialized sample preparation is applied adequate to
handle the strong heterogeneity of the composites. Through all the material states this is a
basic requirement for the optical microscopy, REM (Raster Electron Microscope), EPMA
(Electron Probe Micro Analyser) and TEM (Transmission Electron Microscope)
investigations. The sample’s architecture is shown clearly by the optical microscopy. EPMA
serves informations about elemental distributions within the C/C-SiC samples, wheras REM
and imaging TEM disclose further details of the microstructural organization. This way the
fiber/matrix interfaces , the reaction zones or even C-fiber damages are depicted.

THE LIQUID INFILTRATION METHOD

The LSI method [1,2,3] is a relatively fast fabrication process that consists of three processing
steps, which are passed through just one time during the whole fabrication cycle (Fig. 1).
Starting materials are stacks of 2D carbon fiber cloth (plain weave) and high carbon yield
polymeric C-precursors which have to fulfill particular requirements induced by the
processing.

1. CFRP forming (5-20bar, Polymerization, 200oC, inert atmosphere):

The first step of composite fabrication applies the Resin Transfer Moulding to inject the
polymer into the stack of carbon fiber cloth. The subsequent polymerization is performed in a
furnace applying a well defined time-temperature profile. It is accompanied with development
of little matrix porosity but significant matrix shrinkage which causes a periodic primary
segmentation within the fiber bundles.

2. C/C forming (Pyrolysis, 1 bar, N2, 900oC):

The CRFP composite undergoes a thermolysis with well controled time-temperature profile
during the next fabrication step. A great matrix volume shrinkage is accompanied by
substantial structural changes. A multiply connected translaminar channel system and a
second segmentation of fiber bundles is formed. The characteristic micro crack pattern
depends essentially on the fiber matrix binding strength.

3. C/C-SiC forming ( Liquid Silicon infiltration, vacuum, 1550oC):

Capillary forces are the driving forces of the infiltration of liquid elemental Si into the C/C
channel system under vacuum conditions, after preheating the C/C composite. The
accompanied diffusion controlled reaction between carbon and silicon is strongly dependend
on the pore size distribution of the infiltrated C/C-composite but also on the particular
modification of carbon being present within the reaction zone. The time-temperature profile is
very essential for tailoring the desired product properties. Fig. 1 schematically displays such a
profile (“Brennkurve”) [3].
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Fig. 1:  Schematic Time-Temperature Profile (“Brennkurve“) of the LSI process [3]

EXPERIMENTAL

All samples independently whether CFRP, C/C or C/C-SiC state are cut from plate like
composites using a diamond saw under well defined angles with the laminate layers. The
ceramographical preparation makes use of supporting rings inserted into the conductive
embedding material. Grinding applies various SiC papers down to 14 µm grain size. Polishing
on cotton cloth using OP-S suspensions (0,25 µm grain size) follows subsequently. To
prevent electron induced matrix degradation of CFRP samples a gold coating is applied and
REM is operated in such cases at low voltages (<5kV). The TEM preparation additionally
required dimple grinding (diamond paste of 3 µm) and subsequent conventional ion milling
(PIPS).

RESULTS

CFRP State

The CFRP real structure (Fig. 2a,b) results from the matrix shrinkage and superimposed
shrinkage impediment along the C-fiber axes. An almost periodic division of the fiber bundles
in small segments is seen. Preparation of samples parallel to the laminate layers discloses the
existence of two perpendicular crack systems which are almost independent of each other
(Fig. 2b). The polymerisation and degassing conditions (one parameter e.g. is the pressure) as
well as the type of raw materials exercise a strong influence on the development of open and
closed porosity within matrix rich areas and inside the fiber bundles.

The matrix rich areas usually display a homogeneously dispersed closed porosity. A careful
mechanical sample preparation partially retains an additional foamy phase located at crack
sites (Fig. 3a) or independent of cracks (Fig. 3b).
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 (a) (b)
Fig. 2: Optical micrograph of CFRP composite: a) perpendicular b) parallel to laminate

layer

 

(a) (b)
Fig. 3: REM micrograph of foamy matrix (CFRP) a) adjacent to crack b) independent of

crack

 

(a) (b)
Fig.4: C/C state sample (a) overview (b) foamy matrix component
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C/C State

The applied pyrolysis induces very severe structural changes to the CFRP-composite caused
by the mass loss (60% carbon yield) during pyrolysis (Fig. 4a). A multiply connected open
channel system develops and the closed porosity in bulk matrix areas grows significantly.

The increased crack width in matrix rich areas is evident as well as the periodical occurence
of regions within the fiber bundles where the average distance between neighbouring fibers
increased (zone of reduced fiber density). This periodicity corresponds to that of the primary
segmentation as observed in the CFRP-state. To some extent a fiber rearrangement takes
place (larger fiber distance) in areas of primary segmentation but also a displacement of a
foamy matrix component into the bulk matrix cracks is observed (Fig. 4b). The foamy matrix
component usually is separated from bulky matrix or fibers by very fine cracks (Fig.4a).
Additionally a second segmentation takes place within the C-fiber bundles but these cracks
are not filled by any foamy matrix component. Polarized light microscopy which is performed
additionally gives indications that stress induced graphite is formed locally within the fiber
bundles even at processing temperature as low as 900oC.

C/C-SiC State

A characteristic of C/C-SiC is the segmented wall structure which develops from the open
channel system of the C/C state by the infiltration of liquid silicon (Fig. 5a). This channel
system extends over large distances and is shown most clearly if the cut section is in parallel
to the laminate layers (Fig. 5b). The infiltration and the accompanied chemical reaction shows
a locally different behaviour (Fig. 6a) which is dependent not only of the width of the pores
but also correlated to the carbon modifications reacting with Si and their lateral distribution
within the reaction zone. C-matrix modifications of different appearance were detected in the
C/C state. After the infiltration the former crack areas still can be identified in large scale by
optical microscopy. Their structure reflects the former course of reaction between Silicon and
Carbon. The REM investigations of C/C-SiC materials require a gold coating in order to
prevent charging but clearly reveal topographical inequalities at higher magnifications. They
originate in the different hardness of the substrate’s surface and become effective during the
mechanical sample preparation (Fig.6b). The reaction zones mostly display a cloud like shape
and consist of a brittle material (Fig. 7a) which is retained only under dedicated sample
preparation. The reaction between silicon and carbon involves both fiber and matrix. Even
submicrometric pores are efficiently infiltrated.

A typical crack area which generated from a zone of reduced fiber density by Si infiltration
(Fig. 6b) shows sharp topographical steps in central areas and a less sharp and brittle type
adjacent to the carbon fiber bundles or to bulky matrix areas as displayed in Fig. 7a under
higher magnification. The gold coating, and the limited accuracy of conventional EDS
(Energy Dispersive X-ray Spectroscopy) equipment for the detection of light elements, as
carbon, give a preference to WDS (Wavelength Dispersive X-ray Spectroscopy) EPMA
investigations of the elemental distribution. Since no sample charging was observed, no gold
coating had to be applied. The Si elemental maps (as Fig.7b) and topographical images show
some general features as pure Si areas (white) embeded in Si-rich areas of large grain size
(central grey), Si-supply channels (dark grey) and fine grained areas (grey) with concentration
gradients. They are adjacent to the unreacted carbon zones (dark black). Transmission
electron micrgraphs usually show that even narrow infiltrated pores consist in a core of coarse
grained SiC at almost the same position as the former pore and a reaction zone consisting of
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fine grained SiC surrounding it (Fig. 8a). Elemental Si also can be detected locally but
preferentially within the wide “pores”. The fine grained SiC area occasionally displays
microcracks ending at closed porosity. Closed porosity in the C/C state preferentially
accumulates near fiber surfaces (Fig. 8b) and modifies the resulting fiber matrix binding
strength. The closed C/C state porosity usually is retained during the silicon infiltration
leading to voids in the C/C-SiC reaction zones. TEM imaging proves that even
submicrometric cracks which are connected to the open channel system are infiltrated
efficiently. Their reaction zones have the same characteristic appearance as the larger ones.
Another interesting observation can be made in front of the reaction zones inside the carbon
fibers. Analogous effects were found in the carbon matrix (Fig 8a), too. The fibers show
indications of damages within a range of several hundred nanometers in front of the reaction
zone in apparently unreacted areas of the fibers. Whereas the segregations in the fibers seem
oriented along the fiber axis, the segregations in the matrix appear in a more spherical shape.

 

(a) (b)
Fig. 5:  Segmented wall structure of C/C-SiC   a) perpendicular  b) parallel to laminate layers

 
 

(a)  (b)
Fig. 6:  C/C-SiC reaction zones  (a) optical micrograph  (b) REM micrograph
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 (a) (b)
Fig. 7: C/C-SiC (a) reaction zone (REM) (b) Si-elemental map (EPMA-WDS)

 
 

(a) (b)
Fig. 8: C/C-SiC  (a) crack structure (TEM)  (b) accumulated closed porosity (TEM)

DISCUSSION

It is likely that the WDS Si-elemental map (Fig. 7b) is taken from an area which before the Si
infiltration took place resembled that of Fig. 4b but showed additional open porosity. The
narrow cracks separating the foamy matrix from the regular composite are assumed to be
connected with the open porosity. Under this condition liquid silicon is supplied by the the
open pores and distributed to the narrower cracks. The higher Si concentration compared to
other crack areas can be explained by this argument. The foamy matrix in central parts of the
zone of reduced fiber density serves as easily accessible carbon reservoir for the Si-C
reaction. Due to the direct impregnation of the foamy matrix by liquid silicon the diffusion
distances are short and the course of reaction is much more advanced compared to those
regions where the reaction is based on the long distance diffusion of the reaction partners.
Finally in such areas a recrystallization can take place and form large crystallites, as seen by
TEM micrographs (Fig. 8a) or less pronounced in mass contrast or topo images. The hardest
component is the coarse grained phase (SiC), whereas the weakest is elemental silicon. The
correlated topographical steps can be detected on suitably prepared samples. Only pores
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which are directly infiltrated can be filled up by this method; closed porosity will remain
closed porosity, independent of whether the carbon of the surrounding reacts to SiC or not. As
a hypothesis, the segregations within the fibers in front of the reaction zone may grow due to
a Si gas phase infiltration inside the nanoporosity of the fiber.

A suitable segmentation and pore size distribution is essential for good infiltration results. The
fiber-matrix binding strength is one of the controlling parameters of the segmentation width.
Hardening during CFRP forming is accompanied with a matrix shrinkage and a first
segmentation of the fiber bundles inside the 2D (0o-90o) CFRP composite. Subsequent
pyrolysis causes further shrinkage and an additional segmentation. Wanner [6] created a
model to describe the periodicity of this secondary segmentation based on the internal stress
distribution of the composite.

The controlled release of gaseous reaction products has to take place in order to reduce the
size of bubbles and not to accumulate too much closed porosity inside the composite. The
corresponding time-temperature profiles (“Brennkurve”) are tailored for each precursor and
based on thermogravimetrical and thermoanalytical investigations.

CONCLUSIONS

Tracing the structure of the starting CFRP-material through the subsequent manufacturing
steps (Pyrolysis and Si infiltration) the foamy matrix component leads to coarse grained SiC
areas when infiltrated directly. If not infiltrated directly this porosity is conserved as an area
of weak binding. The importance of an effective control of crack size and porosity during
C/C-SiC fabrication is confirmed.
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SUMMARY:  Using pressure infiltration can fabricate two-dimensional (2-D) textile ceramic
matrix composites with uniform and dense microstructure.  Based upon this processing
technique, composites composed of silica sol, alumina particles, and 2-D satin weave carbon
fibers were fabricated.  The related processing parameters studied in this work include fiber
surface treatment and fiber volume fraction. The woven carbon fabrics were treated by a
liquid oxidation reaction method in order to study their surface conditions on mechanical
properties of 2-D composites. Fiber volume fractions are varied by changing weave density of
2-D carbon woven fabrics.  Material characterizations have been conducted by a three-point
bending test and an indentation fracture toughness test.  Therefore, the aim of this work is to
optimize processing  parameters  for obtaining better mechanical properties of composites.

KEYWORDS:   pressure infiltration, 2-D fabrics, liquid oxidation reaction

INTRODUCTION

In practical applications,  a structure  component might be subjected to mutidirectional  loads,
resulting in the need to arrange the reinforcing fibers in more than one direction. Textile
composites using tailored preforms, such as woven, knitted, or braided fabrics, are versatile to
accommodate a variety of requirements, such as stability (strength/stiffness) or extensibility in
desired directions and relative ease of handling in fabrication [1].  The advantages have led to
the current interest in fabricating ceramic matrix composites based on textile preforms.
However, the microstructure of textile ceramic matrix composites (CMCs) is significantly
influenced by the processing route.  For example, textile CMCs fabricated by the chemical
vapor infiltration (CVI) technique normally contain high porosity which results in the
stiffness reduction of the composite [2].

Several processing routes for CMCs have their respective advantages.  SiC matrix ceramic
composites fabricated by CVI [3]  have improved mechanical properties.  The advantage of
CVI is that chemical vapors can react and produce pure ceramic matrix at low temperature
around 1200oC.  2-D Nicalon/BN/SiC composites processed by the isothermal chemical vapor
infiltration (ICVI) method [4] have better load transfer efficiency under aggressive
environment than typical SiC/C/SiC  composites.  2-D woven fabric SiC/SiC composites with
multilayered interphases fabricated by CVI method [5,6] have both high strength and
toughness due to strong interphases and large amounts of matrix cracks at saturation,
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respectively.  2-D woven fabric SiC/SiC composites can be produced by a slurry infiltration
method [7] associated with multiple impregnation at a lower temperature.  3-D C/SiC and
C/Si3N4 composites made by polymer pyrolysis and repeated infiltration [8] gain their unique

properties.  A common advantage of these fabrication routes is that the processing
temperature can be lowered to 1200oC.  However, a common disadvantage of these
fabrication routes is long processing time.  Based on economical point of view, to cut down
the processing time should be one of  the important issues for fabrication of CMCs in the near
future.  To achieve the above goal, Liu and Parvizi-Majidi [9] tried to fabricate 3-D ceramic
matrix composites with satisfactory density and uniformity in a single infiltration using the
addition of solid particles to the sol during sol-gel processing of ceramic matrix composites.

Therefore, the purpose of this work is to introduce a  pressure infiltration method which could
fabricate 2-D woven carbon fabric reinforced alumina composites with dense microstructure.
The woven carbon fabrics were treated by a liquid oxidation reaction method in order to
evaluate the influence of their surface conditions on mechanical properties of 2-D woven
fabric CMCs. To optimize processing parameters for obtaining better mechanical properties
is the goal in this study.

MATERIAL PROCESSING

Sol and Woven Fabric Preparation

The silica sol was prepared using a modified recipe of Klein's work [10] .  In this recipe,
tetraethyl-orthosilicate (TEOS), ethanol, deionized water and 7 wt% of HNO3 were mixed

and stirred at a volume ratio of 1: 1: 1.6 : 0.06.   All the reaction of the mixture was all at
room temperature.  25 grams of the alumina powders (α - Al2O3, Bayer process, average

particle diameter of 0.45 µm, purity of particle of 99.9%, and a density of 2.7g/cm3) were
added to the sol to prepare the infiltrate. The infiltrate was further mixed both in ultrasonic
bath and electromagnetic blender in turns until the powders in the infiltrate were dispersed
uniformly and well  wetted.

2-D plain carbon fabrics were used as  preforms.  The carbon fiber is Toho T-300 fiber with
tensile strength of 3200 MPa.  The first kind of fabric has fiber volume fraction (Vf) of

33.7%.  Each fiber yarn has 3000 fibers. Fiber has density of 1.78 g/cm3 and diameter of 8
µm. Weave density is warp 5 yarns/cm and weft 5 yarns/cm.  Fabric weight is 194 g/m2.  The
second kind of fabric has fiber volume fraction of 21.5%.  Weave density is warp 2 yarns/cm
and weft 2 yarns/cm.  Fabric weight is 87 g/m2.  Each fabric was cut as a circle of 50 mm
diameter.  12 layers of the woven fabrics were stacked together and stitched by a string as a
preform with a thickness 3.67 mm (first kind) and 2.78 mm (second kind), respectively.  The
preform was further processed by pressure infiltration to obtain composites.  The woven
fabrics were either untreated (as-received) or treated by liquid oxidation reaction in order  to
compare the effect of fiber surface conditions on mechanical properties of the composites.
The treated procedure is as follows.  Carbon fabrics were dipped in 35wt% nitric acid solution
at  70oC for 6 hours.  Then the fabrics were washed by deionized water and dried at 150oC .
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Pressure Infiltration

The pressure infiltration apparatus was shown in Fig. 1, with an inner diameter of 50 mm in
the cylinder, and a base cavity for collecting the liquid.  The filter assembly consists of nitrate
cellulose membrane filter paper with selected pore size, a wire cloth-stainless steel, and a
perforated solid steel disk.  The filter assembly was placed on the top of the base cavity.  The
wire cloth-stainless steel was used to keep the filter paper from rupture.  Cylinder, filter
assembly, and base were tightly sealed by thread and O-ring.  Carbon fabrics were first put in
the cylinder  and attached to the filter assembly closely. A volume of 175 ml of infiltrate was
then poured into the cylinder to  infiltrate fabrics.  An MTS testing machine set at constant
crosshead speed mode was used to provide the infiltration pressure on the plunger.  The use of
a constant crosshead speed insured a gradual increase in pressure which consolidates powders
inside the fabrics uniformly, and prevented filter paper from rupture.  The maximum values of
pressure were recorded: 46.7 MPa for the composite with untreated carbon fibers and 21.0
MPa for the composite with treated carbon fibers.

Fig. 1:   Schematic diagram of pressure infiltration apparatus.

After first infiltration, the specimen was ejected and dried in an oven at 60oC for 24 hours.
After the drying process, the composite was soaked in silica sol until saturation, and finally
the composite green density was calculated from its dimensions and weight.  Green
composites were then hot pressed  in a furnace (FCPHP-R-5, FRET-20, HIGH MULTI 5000,
Multi-purpose High Temperature Furnace, Japan) under temperature 1600oC and pressure 25
MPa for one and half hours by first evacuated to 10-5 torr, and then  flowing nitrogen gas.
After hot pressing, the percentage theoretical densities of composites were measured.  In
addition,  microstructure and mechanical properties of composites were also evaluated.

MATERIAL CHARACTERIZATION

The hot pressed composites were cut as specimen to evaluate mechanical properties and
examine microstructure.  Specimen cross sections were directly examined by a scanning
electron microscope for bonding between fibers and matrix. Specimen before and after
mechanical testing were embedded in urea, then  polished with diamond paste and examined
by an optical microscope.  Specimen after mechanical testing were photographed by camera
to observe their  macroscopic failure.
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The indentation fracture technique was adopted to determine the fracture toughness of
composite materials.  The Vickers diamond pyramid indenter was used to produce the crack
patterns onto the well polished cross sections of specimen, which are on matrices between
fiber layers.  The indentation load is 5 kgw, which provides consistent indentation patterns
with radial crack lengths substantially larger than the indentation diagonals.  Thus, fracture
toughness (KIC) can be calculated by measuring the lengths of diagonals and radial cracks by

using the following equation

KIC = β (E/H)1/2 (P/c3/2)                                                  (1)

where β is a constant around 0.016, E is modulus of composites, H is hardness of composites,
P is indentation load,  and c is half of the crack length.

A three point bending test was adopted to measure flexural strength and   modulus of
composites.  An MTS testing machine  was used to conduct the test.  The span L,  width  w,
and height  h  of  the specimen were designed to be 40 mm, 9 mm, and 5 mm, respectively;
detailed dimensions were measured for each specimen for further calculation of the strength
and modulus. The width of the specimen is made larger compared to that of typical
unidirectional ceramic composites to avoid scattering of the data. Crosshead speed was set at
0.008 mm/sec.  The relationships of applied load (P) versus displacement (δ) were recorded
during the test.  The ultimate load (Pmax) were taken for the calculation of  flexural strength

(σmax) and modulus (E) according to the following equations

                                              σmax =  3PmaxL/2wh2                                             (2)

                                                 E =  PmaxL
3/4wh3δ                                             (3)

RESULTS AND DISCUSSION

Effect of Liquid Oxidation Reaction

In order to enhance the bonding between carbon fabrics and alumina matrix as well as
interlayer shear strength, liquid oxidation reaction was adopted to modify the surface
condition of carbon fabrics.  Nitric acid was used in the liquid oxidation reaction.   The
existence of shallow grooves on the surface of one-hour treated fibers was observed.   After 6
hour treatment,  the grooves become deeper; furthermore the outside layer have been etched
as some fragments and then peeled off until the surfaces becomes rougher and rugged.  This
phenomena is beneficial for interfacial bonding due to more contacts between matrix particles
and fibers.  By liquid oxidation reaction,  some active oxide functional groups are attached to
the  surface of carbon fabrics, such as  hydroxyl group, ester group,  carboxylic acid group,
and  carbonyl group. These functional groups were verified by IR spectrum for the surface of
treated fibers [11].  After 300 minute treatment, the distribution of those functional groups is
as follows: 80% for hydroxyl,  6% for carbonyl, 6% for carboxylic acid,  and 8% for ester,
respectively.  Those active oxide groups may  react with matrix particles and silica gels
leading to chemical bonding between fibers and matrix. Treated carbon fabrics with active
functional groups on their surfaces can have high affinity with silica in the matrix. Some of
those groups have negative charge, such as  hydroxyl. They attract hydrogen atoms with
positive charge in silanol group on the surface of silica.  Hence, during hot pressing, those
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active functional groups can react with silanol via dehydration process and result in siloxane,
then chemical  bonds were formed [12]. Furthermore, silica may react with alumina and
produce mullite with lower melting point resulting in better interfacial bonding. The
evidences can be supported from several figures that discussed below.

Figs. 2(a) and 2(b) show cross sections of hot pressed composites  with treated and untreated
carbon fabrics,  respectively.  After cutting and polishing, the former shows better infiltration
of  matrix in the intrayarn pores inferring better bonding between fibers and matrix. While the
latter  shows worse infiltration corresponding to poor bonding at the interface.   Fracture
surfaces perpendicular to treated carbon fibers of  2-D carbon/alumina composites  are  flat
indicating complete bonding between fibers and matrix (Fig. 3(a)). However, it seems that
incomplete bonding between fibers and matrix occurs for  composites with untreated carbon
fibers because the surface of composites is likely in a molten state as shown in Fig. 3(b).  The
incomplete bonding may be due to the reaction of sizing on the carbon fabrics with silica gels.
By our observation, it is found that the distribution of alumina matrix is inhomogeneous and
sintering effect is nonuniform  in two kinds of pore, interyarn pores and intrayarn pores. This
may lead to the reduction of strength of composites. The content of matrix materials in
intrayarn pores is less because they are much smaller compared to interyarn pores so that
infiltration is more difficult. Furthermore, during hot pressing, fibers around intrayarn pores
constrains matrix shrinkage  more than fibers around interyarn pores.  Both reasons result in
poor bonding between fibers around intrayarn pores and matrix particles, but better bonding
between fibers around interyarn pores and matrix particles as shown in Figs. 3 (a) and (b).

The influence of liquid oxidation reaction on fracture toughness of 2-D carbon/alumina
composites is shown in Table 1. Composites with untreated fibers have higher fracture
toughness than those of composites with  treated fibers. It is because that the former have poor
bonding at fiber/matrix interface so that  propagation of cracks may go through interface. Its
porosity is somewhat higher than that of the latter as can be compared by the final densities
from Table 1.  The above reasons explain why composites with untreated fibers  obtain better
fracture toughness.  But, in Table 2,  it is shown that composites with untreated fibers obtain
both lower flexural strength and modulus of elasticity as compared to those of composites
with treated fibers due to better bonding between fibers and matrix.

(a)                                             (b)
Fig. 2:  2-D carbon/alumina composites with cross sections parallel to the hot pressing

direction showing  (a)  better infiltration in the intrayarn pores among treated carbon fibers
inferring better bonding between matrix and fibers in this region,  (b) worse infiltration in the

intrayarn pores among  untreated carbon fibers
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 (a)  (b)
Fig. 3:  Fracture surfaces of  2-D carbon/alumina composites perpendicular to the fibers
showing   (a)  complete bonding between treated carbon fibers and matrix,  (b) incomplete

bonding between untreated carbon fibers and matrix

Table 1:  Results of  fracture toughness of 2-D carbon fabric/Al2O3 ceramic matrix

composites

Table 2:  Flexural strength and modulus of  2-D carbon fabric/Al2O3  ceramic matrix

composites

Effect of Fiber Volume Fraction

The fracture toughness of composites increase with the increase of fiber volume fraction as
shown in Table 1. It is known that fibers in ceramics can inhibit the propagation of cracks
resulting in the increase of fracture toughness.  The influence of volume fraction of fibers Vf

on both flexural strength and modulus of elasticity is shown in Table 2. For lower fiber
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volume fraction, less constraint of matrix shrinkage during sintering from fiber fabrics  results
in better densification and less porosity of  matrix particles.  This leads to higher strength.
However, the sparse fiber yarns in the fabrics can distort during their preparation or
infiltration of  the composite resulting in its lower modulus of elasticity.

The failure procedure of  2-D carbon/alumina composites with untreated carbon fibers can be
described by Fig. 4.  Arabic numerals represent the sequence of the procedure.  Cracks initiate
at the matrix between fabric layer (1) and propagate at the interface between fiber layer and
matrix.  When cracks meet fiber yarns perpendicular to the paper plane (weft yarns), they
propagate through intrayarn pores (2).  Later, cracks would meet the fiber yarns parallel to
the paper plane (warp yarns) and continue to propagate at the interface between fiber yarns
and matrix (3).   Eventually,  as the energy of cracks is large enough, it breaks the fiber yarns
parallel  to  the paper plane (4) and composites fail.  According to the observation, most of
cracks in the composite with untreated carbon fibers locate at interlayer matrix, between weft
and warp yarns, inside weft yarns, and on warp yarns.  The distribution of cracks is uniform.
On the other hand, cracks in the composite with treated carbon fibers are located at interlayer
matrix and inside weft yarns near matrix-fiber interface.  The distribution of cracks is
nonuniform and dense around large pores.  An overview of failure of 2-D carbon/alumina
composites can be seen in Fig. 5. Some transverse microcracks can be found in the
photographs. Interlayer delamination is the major failure mode of composites with treated
fibers (Fig. 5(a)) because interlaminar shear strength of 2-D ceramic composites is
intrinsically weak and cracks may propagate through matrix between layers instead of
stronger interface between fibers and matrix. But local kinking is the major failure mode of
composites with untreated fibers (Fig. 5(b)) because  cracks could propagate at weaker
interface under large compressive stresses and then local fibers would bend or kink without
the constraint of matrix.

Fig. 4:  Failure procedure of  2-D carbon/alumina composites with untreated carbon fibers;
Arabic numerals representing the sequence of the procedure
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Fig. 5(a):  Overview of failure of 2-D carbon/alumina composites showing first major failure
mode  delamination (fibers treated)

Fig. 5(b):  Overview of failure of 2-D carbon/alumina composites showing second major
failure modes  local kinking (fibers untreated)
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CONCLUSIONS

2-D carbon/alumina composites were successfully fabricated by the pressure infiltration
method.  The fracture toughness increases but flexural strength decreases with increasing fiber
volume fraction. Composites with untreated carbon fabrics have high fracture toughness of

7.0 MPa.m1/2, lower flexural strength of 30.4 MPa, and lower modulus of elasticity of 649.5
MPa. But composites with treated  carbon fabrics by liquid oxidation reaction have lower

fracture toughness of 6.5 MPa.m1/2, higher flexural strength of 51.7 MPa, and higher modulus
of elasticity of 2081.4 MPa. Better bonding between treated fibers and matrix was found by
scanning electron microscopic observation.
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APPLICATION OF PRECERAMIC POLYMER FOR
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SUMMARY:  The purpose of the present work is to fabricate shape-complex SiC/Si3N4

multiphase ceramic parts (such as blade) using preceramic polymer (Polycarbonsilane PCS)
as shape-forming binders. SiC/Si3N4 multiphase ceramics are formed by in-situ pyrolysis and
sintering from PCS/Si3N4 green body. Divinylbenzene(DVB) is used as active diluent agent to
prepare slurry of PCS/DVB/Si3N4 at room temperature, and as cross-linking agent to make
solid green body of PCS/DVB/Si3N4. It is necessary to control precisely rate of pyrolysis
temperature of 250-450 °C under 0.3 °C/min in order to obtain a pyrolysis with body of
deformation-free and crack-ffee. Before sintering, decreasing the carbon-rich content in the
pyrolysis body, the density of sintered body can be enhanced.

KEYWORDS:  precursor, SiC/Si3N4 ceramic, shaping, pyrolysis, sintering

INTRODUCTION

SiC/Si3N4 multiphase ceramic is one of the most promising candidate materials for high
temperature structural components in heat engines for its attractive characteristics such as low
density and excellent resistance to corrosion, wear, oxidation and heat-shocking at high
temperature. Once it was used in heat engine, fuel would be saved, the working temperature,
efficiency and power of the engine would be elevated. It may be the bottle-neck to prepare
such engine parts as turbine blade and rotor to realize the practicability of a ceramic engine.
The shaping technologies in common use in nowadays (e.g. injection and casting) are not
much promising because of their shortcomings as high cost, long cycle, poor property of
product and so on. The authors of this paper prepared ceramic blades using organosilicon
precursor as shaping binder, and discussed the effects of processing parameters on the
structure and performance of the pyrolyzed and sintered blades.

Preceramic polymer such as polycarbosilane (PCS) can be used as binder to fabricate ceramic
part [1-5]. Unlike conventional binders (PE,PP etc.) that are totally burned out, during
pyrolysis, the preceramic polymer binder can be chemically transformed into a continuous
ceramic phase. For example, while PCS is used as a binder of Si3N4 powder, PCS can be
changed into nanophase SiC at over 1000 °C, and a multiphase ceramic can be in-situ formed
in the final part.
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EXPERIMENTAL PROCEDURE

Polycarbosilane (PCS), as a preceramic polymer (dark black brittle melt point 125-135 °C)
was dissolved into divinylbenzene (DVB) which acted as active dilute agent, to form viscous
liquid for binder solution at room temperature. α-Si3N4 powder and Sintering aids
(Al 2O3/Y2O3) were incorporated into PCS/DVB solution by ultrasonic dispersion to form a
slurry of PCS/DVB/Si3N4/Al2O3/Y2O3, then the slurry was cast into a mold. Heat treatment
for curing of slurry was 130 °C, 7 hours at 1.6 MPa nitrogen pressure for preventing DVB
from evaporation. First, Green body of ceramic parts was pyrolysed in nitrogen flow at 0.3~1
C/min from room temperature to 1000 °C, held for 1 hour at 1000 °C; Then, the pyrolysed
body was cooled to room temperature in the furnace. Second, the pyrolyzed body was heated
in nitrogen flow at 20 °C/min from room temperature to 1600 °C, held 1 hour at 1600 °C to
crystalline amorphous SiC, and to react Si3N4 with free carbon derived from pyrolysed PCS,
and then sintered at 10 C/min from 1600 °C to 1930 °C, held for 120 minutes at 1930 °C and
1.0 MPa nitrogen pressure.

Density of specimens was determined by Archimedes immersion technique. Phase
identification of sintered body was performed by X-ray diffraction using CuKoc-radiation.
Microstructure of pyrolysed body and sintered body was examined by scan electron
microscopy (SEM). Fracture strength was evaluated using three-point bending over a 20 mm
span. The ratio span to height specimens is 5.

RESULT AND DISCUSSION

Preparation of Slurry and Preforms

The slurry was composed of Si3N4 powder, PCS, DVB, sintering aids and shaping aids
(crosslinking initiator and coupling agent). The role of DVB in the slurry was: 1) a diluent to
reduce the viscosity of the slurry, and 2) a solidifying agent to react with Si-H bonds in PCS
(initiated by dicumylphene, pop above 120 °C) and self-crosslink due to the vinyl groups in
its molecular. The effects of the concentration of DVB on the property of the crosslirlked
preform were listed in Table 1. According to these results, the ratio of PCS to DVB should be
1.5:1. Other experimental data proved that middle-molecular-weight PCS was appropriate and
coupling agent (e.g. titanate serials) should added into the slurry before ball milling to
improve the disconcentration of ceramic particles in precursor solution. For the same aim,
further dispersing treatment by means of super sonic should be adopted.

Table 1: Effects of PCS/DVB ratio on the facade of pyrolysed parts

PCS/DVB 2:1 1.5:1 1:1
outward appearance
of pyrolysed parts

metamorphosed
obviously

without distortion
no visible defects

cracked
evidently

Different compositions of binder solution were used to prepare crosslinked preform and the
crosslinking degrees of each sample were compared in Table 2. The data showed that
middlemolecular-weight PCS was seemly and the incorporation of about 2wt.% of pop as
initiator would promote the crosslinking reaction. IR analysis of the slurry, the crosslinked
preform and the precursor saluted in xylene after extracting the preform revealed that most of
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Si-H bonds did not crosslink as we expected. So, the microstructure of the crosslinked product
was cured DVB net with PCS chains running through it.

Table 2: Crosslinking degrees of preforms with different binder compositions

1 2 3 4 5
LPCS 100 100
MPCS 100 100
DVB 50 50 50 50 100
DCP 3 3 2

Crosslinking degree (%) 31.4 42.4 42.6 60.8 97

NOTE: All preforms were cured at 180 C in 1. 0-2. 0MPa N2 for 8h. The crosslinking degrees were
determined by measuring the maintained masses of the preforms after immersing them into xylene at

room temperature for 24hrs and then drying them at 80 C in vacuum for 2hrs. MPCS=middle
molecular weight PCS, LPCS=low molecular weight PCS

As discussed above, DCP was effective to initiate the self-polymerization of DVB and partial
crosslinking of Si-H with vinyl group. TG analysis showed that DCP began decomposition at
about 120 °C. Besides, the boiling point of DVB is 138 °C. So, the crosslinking reaction
should be performed at 120-138 °C and nitrogen pressure (1.0-2.0 MPa) should be adopted to
avoid the volatilisation of DVB and the oxidation of PCS.

Pyrolyzation of the Preforms

TG analysis (10 °C/min, Ar) of shaped preforms revealed that most of the loss occurred below
550 °C, especially from 250 °C to 550 °C (see Figure 1). The said weight loss was due to the
volatilisation of low-molecular-weight oligomer and pyrolyzation of the crosslinked
precursor. it was important to control the heating rate this temperature scale to reduce the
amount of the volatiled and pyrolysed gas and the possibility of deforming, cracking and
bulging. Heating rates of 0.3, 0.5 and 1.0 °C/min were introduced to optimize the heating rate.
Results in Table 3 showed that defect-free pyrolyzed parts could be obtained at a heating rate
lower than 0.3°C/min.

Fig 1: TG curves of crosslinked samples
Note: 1: DVB/DCP 2: LPCS/DVB/DCP  3: MPCS/DVB/DCP. 4. LPCS/DVB/DCP/Si3N4
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Table 3: The property of ceramic parts pyrolysed at different heating rates

heating rate (°C/min) property of pyrolyzed parts
1 heavily distorted and cracked

0.5 slightly distorted, cracked at large cross section
0.3 no deformation, crack-free

TG curves in Figure 1 also showed that the weight loss above 800 °C was negligible. This
result implied that the inorganization of the precursor was almost complete before 800 °C.
The pyrolyzed ceramic bars that were further treated up to 1500 °C (holding for 120 min)
showed very slight shrinkage and weight loss (about 2 wt.%). Their bending strength (60�10
MPa) were almost the same as that before the treatment. So it was necessary to elevate the
sintering temperature to improve the strength of the parts.

As concluded above, the microstructure of the cured preceramic binder was a inter-joined
3dimensioned network with PCS chains running through crosslinked DVB moleculars, and in
the network there was about 12-18 wt.% of uncured PCS that would melt at elevated
temperature to cause distortion of the preform. This kind of deformation could be reduced by
extracting 8-10 wt.% of the soluble PCS out of the preform with xylene as solvent, without
distorting the preform during extraction. The extracted preforms were heated at a faster
temperature rate, and defect-free pyrolyzed parts were obtained with highly reduced linear
shrinkage. The reasons for such a improvement might be that absence of low molecular
weight PCS decreased the volatilization during pyrolyzation and gangways for pyrolyzed gas
were left after extraction.

Sintering of Pyrolyzed Parts

Pyrolysed body has too low density, much more porosity and poor strength to use. It is
desired to sinter for dense SiC/Si3N4 ceramic parts. In the sintering process, free carbon
derived from pyrolysis of PCS/DVB will react with sintering aids (Al2O3, Y2O3, La2O3, etc.)
to decrease the amount of liquid phase for sintering, and react with SiO2 on the surface of
Si3N4 powder to increase the content of SiC. Those are retarded to densely sinter. Thus
decarbonation is important prior to sintering.

Table 4: Weight loss and density of Sintered body by deferent pretreatment



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 739

Table 4 shows weight loss and density of Sintered body by different pretreatment before
sintering. The result indicates that deformation and crack had been found in the sintered
specimen which the removal of carbon-rich by oxidating was at 700 °C for 120 minutes, but
no defect had been found in the sintered specimens when oxidation condition changed to 500
°C for 180 minutes. That is because oxygen reacts not only with carbon-rich, but also with
amorphous SiC derived from PCS. Large amount of SiO2 formed on the surface of pore, in
the sintering process, liquid-phase sintering aid was so heterogeneous distributing that
nonhomogeneously shrinkage of sintering resulted deformation and crack. Otherwise, gradual
change of carbon-rich content from the surface to the middle will influence the well
distributed of composition and microstructure of sintering body. The improvement of relative
density for sintered body which had been treated with NH3 is not pronounced due. to low
efficient of removal of carbon-rich. Density of sintered body which had been treated by
extraction of PCS and removal of carbon-rich in NH3 atmosphere is high due to low content
of SiC, carbon-rich derived from PCS/DVB. Thus the main factors which influenced densely
sintering are the content of PCS/DVB in the green body, SiC and carbon-rich in as-fired body

Effect of sintering temperature on density of the sintered body is shown as Table 5. Increasing
sintering temperature, density of sintered body can be enhanced. Increasing size of blade,
density of sintered body decreased. A multiphase SiC/Si3N4 dense ceramic part, with a
relative density of 93 % and no defect (such as deform, crack etc.), is obtained at 1930 °C for
120 minute.

Table 5: Effect of sintering temperature on the density of sintered body

Microstructure and Strength of Sintered Body

Figure 2 shows X-ray diffraction patterns of sintered specimen of PCS/DVB/Si3N4.  This
result indicates that β-SiC and β-Si3N4 grain phase was in-situ formed in the final sample. β-
SiC come from crystallization of amorphous silicon carbide derived from PCS. β-Si3N4 come
from transformation of α-Si3N4.
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SUMMARY : In a short form the grounding of the task priority is given. Necessity of
complex key components of ceramic matrix composites (CMC): polymer precursors, fibers
and interface coatings - working out is the important line in this area. Some positive new
results in the chemistry and technology of high temperature stable high oxidation resistant
CMC for civil aviation and automotive industry have been received. The easy production
process of oxygenless polycarbosilane has been  developed, high pressure and oxygenated
initiators were not used. A new method to synthesise oxygenless polymetallocarbosilanes
(PMCS) to stabilize ceramic fine structure has been proposed and preliminary checked. New
PMCS having metals in cluster form (nano-particles) without any oxygen links between metal
and silicon atoms are called cluster polymetalocarbosilanes (ClPMCS). They have improved
structure and are cheaper in making also. Preliminary research stages in oxygenless polymer
curing with unsaturated organosilicon compounds and complex interface molybdenum
disilicide - silicon carbide coatings have been carrying out. They have made possible to get
specimen fiber with - 0,3%O2 and 0,1-5% of Ti or Zr and have shown some perspectives in
more economical technology and better oxidation resistance.

KEYWORDS:  oxygenless ceramic polymer precursors, cluster polymetallocarbosilanes,
unsaturated curing organosilicons, tetravinylsilane, molybdenum disilicide, interface coating

INTRODUCTION

A high temperature stable high oxidation resistant CMC for a long work at 1500 – 1700°C in
civil aviation and automotive engines is a subject of priority working out nowadays [1]. From
working temperature 1100-1200 (now maximum) to 1500-1700°C transition make it possible
to decrease fuel consumption and increase flight distant by 25% and to duplicate specific
thrust.  Cooling systems in some cases become unnecessary and in Diesel engine as well
(adiabatic cycle) and so on [2,3]. One of good potential variants is CMC of SiC/SiC type with
coreless SiC fiber. Unfortunately all components of this material now known: polymer
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precursors, commercial (Nicalon and Tyranno) and pilot (radiation or unsaturated organic
vapour curing) grade fibers, matrix compositions and structures, interface coatings - can not
support work for a long time at temperatures more than 1100°C and too expensive. It is
necessary to delete oxygen in all the components, to stabilize fine ceramic structure at high
working temperatures, to work out very high oxidation resistant complex interface coating. It
is very important to depreciate the production of components and the material on the whole.
This aspects are the subjects of many publications and have been intensely discussed at the
last international conferences (ICCM-9, ICCM-10, HT-CVC-1, HT-CMC-II, MICC-93) in
1993-96. There is a wide range of difficult problems to overcome. The authors think
especially important to work out all key components of this material in the frame of one
complex program as for example it is not possible to develop oxygen resistant interface
coating or rational stabilizing methods without well finished oxygenless fiber. This is a base
for their research program and this paper.

MAIN  LINES  OF RESEARCH AND RESULTS

Polymer Precursors

PCS was first synthesized on the 70-th [4] by pyrolysis and thermal rearranging of
polydimethyl silane (PDMS) in autoclave in inert environment (10 MPa, 470°C). This method
is too expensive for industrial production. A lot of attempts to avoid high pressure and PDMS
using through the help of initiators and other organosilicon compounds have not given
positive results as far as PCS quality  is concerned. The oxygen is introduced with initiators
and stoichiometry and structure composition of PCS is distorted (Fig.1).

                            Elution time

Fig.1. MWD of synthesized PCS Fig.2. Iron cluster particle distribution by
1-high pressure, 2-low pressure, boron  size in high pressure polyethylene.

initiated, 3- low pressure, titanium initiated, Content of Fe,%mas. 1-0,7; 2-1,0;
4- low pressure without initiators 3-5,0;4-7,0 (model system)

It is the studying of PDMS and PCS syntheses, chemical composition and molecular structure
of initial and final products that have given the optimal regime in the temperature-pressure-

  



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 743

time-composition system. This  regime makes it possible not to use oxygen containing
initiators and any exotic initial products and to have as good PCS as autoclave one at handy
temperature, pressure and process duration (Table 1). A considerable depreciation of PCS is
reached which as is known becomes then 3- fold much in fibre and (4-5)- fold much in the
composite production.

Table 1: Polymer precursors characteristics

Characteristics [HSiC3]/
[SiC4]

Content, % mass.
     O2        H at Si      Init.(metal)

MWD
     Mn          Mw          Mz

PCS autoclav. 0,9-0,95 0,3 - 0,8 0,65 - 0,75 − 830 1310 2290
PBCS 0,8-0,85 1,0 - 3,0 0,55 - 0,65 0,5 - 1,0 1050 3010 9100
PTiCS 0,2-0,3 4,0 - 6,0 0,30 - 0,60 ≤ 5,0 890 7300 250000

PCS(without in.) 0,9-0,93 0,3 - 0,8 0,60 - 0,70 − 1060 2070 4830
ClPMCS 0,95-1,1 < 0,5 0,92 - 0,98 0,5 - 5,0 1220 1830 3580

Ceramic Phase Structure Stabilizers, Polymetallocarbosilanes

As it is generally known effective stabilizers of fine ceramic structure are getero-atoms of
many elements oxygen and nitrogen as well. By-effects such as fusibility, thermal stability,
sintering ability and so on changing  are positive using high melting metals (Ti, Zr, Hf, B, Mo
and some other). The problem is working out of a method to introduce the metal into the
polymer providing with the homogeneous distribution just on the synthesis stage and disusing
of oxygen. The first demand was only fulfilled in the practical method of metal-stabilizers
introducing through thetraalkoxi-compounds of metals. The «Tyranno» - fiber of Ube
Industries (Japan) was made with tetraalkoxititane. But ceramic phase in this fiber is of Si-C-
O-Ti type as Si-O-Ti link (oxygen bridge) takes place. More over active Si-H - links valuable
for curing are spent in this reaction. So it is necessary to work out essential new way of metal
introducing in the PCS or new method of PMCS synthesis.

The last task is carrying out by the authors on the base of an experience of linear monophase
metallopolymers making: polyethylene, polypropylene, polytetrafluorethylene [5]. It is quite
different from traditional  methods to introduce metal particles of 5-100 µm in size into
polymer to form homogenized and aggregatively stable but two-phase systems. Two-phase
metallopolymers do not have so high physical and mechanical properties as initial polymer
because their ordering (crystallinity) become  lower. They cannot be used for spinning fiber
also.

The new method introduce the metals in cluster form into micro voids which is natural in
every polymer. These voids are connected  with polymer molecules packing and located
between crystalline and amorphous parts of micro volumes. Clusters (nano-particles) of
metals are formed in situ as a result of high velocity thermodestruction  of organometallic
compound solutions during their input in polymer solutions or melts [6]. Carbonyls, acetates,
phormiates and some other classes of metal compounds are applicable. Fig. 2 gives a notion
of the method possibility. It shows Fe particles size distribution (small angle scattering of X-
ray (XSAS)) in the high pressure polyethylene at different general metal concentrations. In
the most interesting for ceramic stabilization 1-3% Fe particle sizes is in narrow interval 5-50
Å. Some testing methods have shown a separate metal phase is absent at these concentrations
and active interaction of metal and polymer is observed.
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As PMCS are vastly different from linear polymers in structure and thermal properties and
high melting metals are used to stabilize them so it was necessary to use other initial
compounds or synthesize them. Also the technological method of thermodestruction and the
stage of synthesis of cluster PMCS (ClPMCS) to introduce organometallic compound solution
is different for each of them. This compound should have full solubility in synthesis solvent
and be fast and clearly decomposed to metal and volatile ligand. The introduction of metals
on the intermediate stage of syntheses gives the most effective results because  they take part
in chemical processes of regrouping and polycondensation. The cyclopentadienyl complexes
and carbonyls of metals seem the best to fulfil these demands  in the case of ClPMCS. The Ti
and Zr complexes syntheses were made as follows. On the first stage sodiumcyclopentadienyl
was synthesized from sodium suspension and cyclopentadien in toluene. On the second stage
it was transformed into dicyclopentadienylchlorides of Ti and Zr by reaction with
metalochlorides in toluene or benzene (inert atmosphere):

2C5H6  + 2Na   →   2C5H5Na  +  H2

MCl4  +  2NaC5H5  →  2NaCl  +  (C5H5)2 MCl2 ,            M = Ti, Zr  [ 1 ]

PMCS by the traditional method and ClPMCS through organometallic complexes syntheses
can be illustrated by following general schemes:

PMCS:
    CH3                        CH3                                         CH3              CH3                 CH3
    |               |                                               |                   |                       |
−(Si−CH2)n−  −(Si−CH2)m−  + fM(OC4H9)4 → −(Si−CH2)f−  −(Si−CH2)(n-f)− −( Si−CH2)m−              [2 ]
    |                     |                                              |                   |                        |
    H                 −CH2                                        O                  H                   − CH2

                                                                         |
                                                          (H9C4O)2M−O−

ClPMCS:
    CH3                H3 C    CH3                                      CH3                          CH3
    |               |     |                               -HCl     |                     |          |
−(Si−CH2)n−  −(Si−Si)m− + f(C5H5)2MCl2   →  −(Si−CH2)q−  −(M) − −(Si−CH2)p−                        [ 3 ]
    |                    |     |                                            |                     |          |
    H              H3C    CH3                                      H                            −CH2

ClPMCS syntheses were carried at 250-280 °C and higher dicyclopentadienylchlorides being
introduced into fused oligocarbosilanes (dimetildichlorsilane pyrolysis products) mixture at
the period when about 10% of Si yet stayed in a Si-Si- fragments. After metals introduction
the process speeds up but without any negative by-effect . Si-Si-fragments fully disappear, no
insoluble or high fusible products are formed, only high vacuum topping is necessary. To
study ClPMCS by nuclear γ-resonance method the model FePMCS was synthesized via
ferrumpentacarbonyl with the same method of synthesis.

The cluster polymers average molecular mass were 1200-2500 (gel-penetration
chromatography), base skeleton (IR-spectroscopy) like the usual PCS formed by ≡ Si-C-Si≡
(1050 and 1350 cm-1) links with hydride ≡ SiH (2100 cm-1) and methyl  ≡ Si-CH3 (1250 and
1400 cm-1) side substituents at Si-atoms. NMR (29Si)-spectroscopy showed high regularity in
ClPMCS structure: groups HSiC3/SiC4  relationship (δ = -16 m.f. and 0 m.f.) is about unity,
oxygen containing fragments such as [SiSi(C2)O]  and [OSi(C2)O]  (δ= -6,5 and -22 m.f.)
were not discovered. Metals are present in the polymers in the form of cluster particles not
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more then 10-50Å in size in the concentration of 0,1-10% (different initial loading) (XSAS,
X-ray fluorescence). Preliminary data show that till concentration of 3% metal does not
prevent stable spinning of fiber from fused polymer at 250-280 °C. Ceramic yield is up to
75%.

As it can  be seen in Table 1 the new (cluster) method of PMCS synthesis provides the same
metal introduction without using deficit Si-H - links and more regular polymer structure. It is
possible to suppose the evenly dispersed through the polymer clusters act as active centre of
polymer molecular embranchment without Si-H-links using. This differs from the method [7],
according  to which a treating of hidrydesilanes with a catalytic quantity of Ti and Zr complex
compounds lead to crosslinking  by Si-H links interaction. Certainly the mechanism of cluster
(nano-particles)  action in the polymer matrix of the PCS-type is a question of series studying.

Oxygenless Curing of Polycarbosilanes

Several methods of this process implementation are known. The most practical now with λ-
and e- rays treating [8, 9] are difficult (i.e. expensive ) in technology. It is necessary to use
unique equipment, flame- and explosion-proof systems, cumbersome schemes  for preparing
and recovering organic containing gas mixtures. Technological difficulties are not small with
the ammonia atmosphere using also [10]. The most valuable from the technological view
point would be methods of curing in the atmosphere of pure nitrogen. These methods are
based as a rule on unsaturated organic or organoelement  compounds introducing into PCS.
The heating to the temperature which is higher then the synthesis one cures PCS with this
active unsaturated links help [11]. The difficulties are in provision of nearly ideal (molecular)
dispersion of additives, their action in rather near temperature interval with high selectivity.
Nevertheless this way maybe would be the most effective.

So as the first laboratory results showed that the using of monosilanes with vinyl and allyl
substituents such as tetravinyl-, tetraallyl-, trivinylmetyl-, trivinylfenyl- and other
monosilanes is very attractive. Advantage and peculiarity on the tetravinylsilane example can
be seen from the following scheme:

                  CH3         CH3                        CH=CH2
                   _                     |                           |
2{−(CH2−Si)n−  −(CH2−Si)m− } +  CH2=CH−Si−CH=CH2       →
                   |                     |                           |
                −CH2               H                          CH=CH2

                                               CH2=HC   CH=CH2

                                                           \   /
               CH3                            CH2  − CH 2− Si − CH2− CH2                          CH3

                |                      |                                      |                      |
 →   (−Si−CH2)n −  −(Si−CH2)m −                  − (Si−CH2)m −  −(Si−CH2 )n −                                [  4  ]
                |                     |                                        |                     |
             −CH2                       CH3                                                       CH3               −CH2

Unlike other methods there is no gas evolution in this one. It is very important to have dense
and regular structure of the ceramic product. Then as reactivity of vinyl groups in the same
molecule is different they can react with PCS for example in two stages which is useful for
large items. It is handy to cure these items preliminary at not top temperature for some
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strengthening in the forming equipment. Then it become possible to remove them into high
temperature furnaces to finish the curing and carrying out the heat treating.

An analogous method  uses an active amino groups by introducing into PCS some
polysilazanes [11] but it is necessary to optimize a residual nitrogen:

             CH3               R            CH3                                   CH3      R        CH3
_      |    |  |          |               t, Ar(N2)             |        |    |     |    |

−(CH2−Si)m− + (N-Si-N)p + (Si−CH2)k−  → −{(H 2C−Si)m−N−Si−N−(Si−CH2)k−} p    [5]
  \         /   |     \        /                  -2H2                |            |           |

    H      H   CH3   H  H         R=H, CH3,  CH=CH2...          CH3

One more way of oxygenless curing is now in authors’ working out. That is to use cluster
(nano-particles) of metals not only for structure stabilizing but for curing as well. They
possess a very great surface energy and are possible to tear not only Si-H, but Si-C and C-H
links also and to initiate  regroup and polycondensation processes at additional  thermal
treating:

           H                H3C                       −CH2                           H      H3C      −CH2

            |                    |    |                       |         Cl Ì               |             |     |     |
−CH2−Si−CH3  + H−Si−CH2 + H3C−Si−CH2−  → −CH2−Si−CH2−Si−CH−Si−CH2−    [6]
            |                   |                            |      −(H2, CH4)         |             |            |
         −CH2            −CH2                    −CH2                      −CH2     −CH2     −CH2

A lot of complicated variants of chemical interaction arise of course, so very fine control of
physical and chemical parameters is necessary.

CMC Interface Coatings

This CMC component provides high strength and toughness and long time work at high
temperatures in aggressive environment. Its polyfunctionality  is illustrated on Fig.3. Massive
SiC matrix in the air defends itself by a fine selfcuring film of SiO2. But it is not enough to
defend CMC as a whole. On mechanical force influence microcracks arise in the matrix. They
give way for the oxygen into the material right to fiber surface but thin fiber is not possible
with the oxide film to defend. More over they move across the fibber and can cut them
adhesion between fiber and matrix being strong enough. A fast and even catastrophic brittle
destruction of material will follow at rather small load. So it is necessary to have as a
minimum two layers on the fiber surface: dense high  oxidation resistant (protective) and
friable or weak adhesive contributing to local defoliation at crack front-fiber surface point
(«rheological»). The system fiber-coating-matrix components do not as a rule compatible in
thermal expansion coefficients that demands to add in the coating one or more buffer
(compensating) layers. The scheme of Fig. 3 shows that there is no protection from initial
oxygen in the fiber. No good makes the initial oxygen in the matrix also as its interaction with
SiC lead to gas evolution that is harmful for ceramic dense structure:

SiC(s)  +  1,5O2(g)  =  SiO2(s)  +  CO(g)

SiC(s)  +      O2(g)   =  SiO (g)  +  CO(g)  [ 7 ]
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Attempts to use for high oxidation resistant CMC coatings C, BN, their combinations with
TiC and SiC were not successful [12-14 et al.]. High thermostable oxides - Al2O3, Zr2O3- do
not hold stable dense structure  for a long time at cycle load especially. Practically all of high
temperature stable carbides, borides, nitrides, aluminides and silicides are not
thermodynamically compatible with SiC and long time oxidation resistant enough. This is
why the authors selected as a main research and technology way to use molybdenum
disilicide (MoSi2) for protective layers and polymer precursor SiC - for friable «rheological»
layers.

MoSi2 characteristics are rather well known [15]. The highest oxidation resistance and
thermodynamic and thermal expansion compatibility with SiC among refractory compounds,
2000 °C melting point, complementary positive results with W, Ge, Re et al. silicides
alloying. Besides it is cheaper and more handy for machining than SiC and Si3N4. Its
limitations are more density, lower creep characteristic, fast oxidation process at about 500 °C
if pour and microcracks are present. These limitations are difficult to overcome in the matrix
and not so difficult in the coating case of using the material. «Rheological» layer for CMC
SiC/SiC of SiC or Si3N4 is obviously reasonable. Polymer technology provides flexible
process control  with type and composition of polymer precursors, degree of dilution, number
of treating cycles. This in no case excludes the CVD and CVI methods using at some
technological stages.

Fig. 3: CMC structure and cracks’ spreading scheme
«rheological» layer, 2- protective layer, 3- buffer layer

The experiments were carried out in two types furnaces: with the direct and indirect heating
and with the cameras of cold and hot walls accordingly (Fig. 4). Metering and heating means
provided 2500 and 1200 °C accordingly both from about 1.105  to 1 Pa. Gas mixture preparing
system gave possibility to have mixtures of organometallic compounds and metal chlorides
with the hydrogen, nitrogen and inert gases of 0,01 - 30% in composition.

SiO2
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Fig. 4: Furnace scheme for interface coatings applying
1-gas inlet, 2-to vacuum  pump outlet, 3- copper water-cooled electrodes, 4- graphite heater,
5- treated sample, 6- silicon carbide heater, 7- steel vessel, 8- vacuum pump

                            1                                        2                                 3                              4
Fig.5: Coating on Nicalon fiber

1,2−molybdenum: end view (×2980) , side surface (×4000), 3,4−friable SiC−layer (1%
PCS solution, pyrolysis at 1000 0C in inert atmosphere) − end view (×2200,×17600)

               1                                     2                                    3                                    4

Fig.6.Coating on SiC/C fiber
1,2− molybdenum: surface  and structure (×6750), end view(×503), 3,4− two-layer

coating of silicon  and molybdenum: side surface (×2020), end view(×4020)
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CONCLUSIONS

The results support the authors’ conception of complex program necessity in working out key
components of high oxidation resistant for long time work CMC for civil technical products.
New methods for production of oxygenless polymer precursors (PCS and ClPMCS) are an
important  step in this program. Next one must be the finishing of oxygenless technologically
cheap curing methods that will give real possibility to have cheaper oxygenless fiber and to
carry active work on interface coatings. This chief line  does not exclude parallel experimental
work on the all particular subjects of the program.
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SUMMARY:  The aim of this paper is to present results of the microstructure investigations
in the tetragonal zirconia polycrystals (TZP) - tungsten carbide system. Microscopic
observations compared with phase composition investigations confirmed that the reaction
between composite components occured. They also revealed close adhering of the matrix and
carbide grains with no discontinuities. Crystallographic correlations between zirconia and
carbides grains was shown.

KEYWORDS:  tetragonal zirconia polycrystals, tungsten carbides, particulate composites,

INTRODUCTION

Yttria stabilized tetragonal zirconia polycrystals (Y-TZP) are well known for their good
mechanical properties. These are due to the tetragonal to monoclinic martensitic
transformation at the crack tip advancing through the material. However, still better properties
could  be obtained by incorporation WC inclusions into the TZP-matrix. Our previous works
[1,2] pointed out that hardness, fracture toughness, Young’s modulus and, especially, wear
resistance of the material can be improved. It is worth to notice that dense composite bodies
(> 98 % theoretical density) were obtained by the pressureless sintering.

Thermodynamic calculations [3] show that under the potentially necessary sintering
conditions reaction between ZrO2 and WC could not result in the formation of any of the
tungsten oxides. However, the reaction (1)

                                                ZrO2 + 6WC = ZrC + 3W2C + 2CO (1)

could proceed towards the right hand side if the CO partial pressure would be lower than
indicated in the Table 1.

The samples were sintered in the carbon bed. So, the following reaction had also to be
considered.

                                                             ZrO2 +3C = ZrC + 2CO          (2)
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Table 1: Limiting CO partial pressure (in atms)

Temperature, °C 1400 1500 1600 1700
Reaction 1 0.95 5.20 23.8 93.0
Reaction 2 0.054 0.20 0.65 1.89

EXPERIMENTAL PROCEDURE

Composites processing

The 2.8 mole % of Y2O3 - 97.2 mole % ZrO2 solid solution was selected as the matrix
material. The starting powder was prepared by the coprecipitation - calcination technique [4].
The commercially available tungsten carbide powder (Baildon, Poland) was applied.

Homogenization of the oxide and carbide powders was performed by one hour attrition
milling in ethyl alcohol using 2 mm Y-TZP balls as the grinding media. Volume of the
carbide additives was 20 %. Dry powders with no lubricating additives were uniaxially
pressed under 50 MPa and isostatically repressed under 350 MPa. By this procedure
cylindrical samples of 23 mm diameter and 10 mm thickness were prepared. The samples
were placed in a carbon bed and sintered in the argon atmosphere at temperature ranging from
1400 to 1700°C with the two hour soaking at each temperature. Sintering was performed in a
furnace equipped with the tungsten heating elements.

Experimental methods

X-ray diffraction was used to establish the phase composition of the bodies sintered at
different temperatures. Scanning electron microscope PHILIP XL30 equipped with an energy
dispersive spectrometer LINK ISIS was used to investigate morphology of the thermally
etched surfaces as well as the chemical composition of the composites. Transmission electron
microscope PHILIPS CM20 equipped with energy dispersive spectrometer LINK eXL was
applied to determine crystalline structure and chemical composition from both TZP grains and
WC inclusions. Thin foils were prepared by ion milling of the samples using the Duo Mill
GATAN 600 equipment.

RESULTS AND DISCUSSIONS

Figures 1 and 2 show X-ray patterns of the composites sintered at the whole range of
temperature. In the as received surfaces of the bodies (Fig. 1.), ZrC is present even at the
lowest sintering temperature. W2C appears in samples sintered at 1700°C. This fact indicates
that ZrC is formed due to reaction (2). The limiting CO partial pressure for the reaction (2) at
1400°C is 0.054 atm. Under such conditions reaction (1) should also proceed at 1400°C. This
is not the case, plausibly because of the kinetic effect.

Fig. 2. Shows the X-ray diffraction patterns of the samples having thin near surface layer
(~100 microns) removed. It is different from that taken from the as received surface (Fig. 1.).
In  the composite sintered at the 1400°C only ZrO2 and WC were detected. At higher sintering
temperatures phases not introduced into the starting material, ZrC and W2C appear. They
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undoubtedly result from the reaction (1). In the composite achieved at the 1700°C W2C is the
dominant carbide phase.

Fig. 1: X-ray diffraction patterns of the as received surfaces of the composites sintered at
indicated temperatures. T - tetragonal zirconia phase

Fig. 2: X-ray diffraction patterns of the composites sintered at indicated temperatures.
Surface layer of about 100 microns was removed by grinding and polishing

SEM micrographs of the composite microstructures are shown in Fig. 3. In the samples
sintered both at 1400°C and 1600°C the boundaries between zirconia and carbide grains are
distinct and well defined. The increase of the sintering temperature up to 1700°C results in the
rims surrounding carbide inclusions. X-ray energy dispersion microanalysis shows that in
these rims both zircon and tungsten are present.
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Fig. 3: SEM micrographs of the thermally etched composite surfaces. Sintering temperatures:
1400, 1600 and 1700°C (starting from top of the figure)
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TEM observations of the sample sintered at 1400°C revealed that not only WC (Fig. 4.) but
also W2C are present (Fig. 5.). The identification of the phases is based on indexing of the
electron diffraction patterns. Diffraction pattern taken from the border zone between ZrO2 and
WC grains (Fig. 4.D.) indicates the existence of the following crystallographic relationships:

[0001] WC    [001] t-ZrO2

[1 010] WC   [010] t-ZrO2

The presence of the W2C grains in material achieved at 1400°C confirms that reaction (1)
proceeds at this temperature.

Fig. 4: A. Transmission electron micrograph  the TZP-WC composite sintered at 1400°C, B.
selected difraction pattern (SADP) of tetragonal zirconia phase, C.  SADP of  hexagonal WC,

D.  SADP of boundary between ZrO2 and WC grains
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Fig.5: A. Transmission electron micrograph  the TZP-WC composite sintered at 1400oC, B.
selected difraction pattern (SADP) of tetragonal zirconia phase, C.  SADP of  orthorhombic

W2C

In the composite sintered at 1700°C W2C is the dominating tungsten carbide phase. Fig. 6.
shows the TEM micrograph in which the tetragonal (Fig. 6B.) and monoclinic (Fig. 6C.) ZrO2

as well as W2C (Fig. 6D.) grains coexist. The presence of martensitic transformation and
modulated structure characteristic for the tetragonal phase (the state just before
transformation) suggests that tetragonal to monoclinic transformation takes place during the
thin section preparation. This has been confirmed by the X-ray diffractometric measurements,
where no monoclinic phase was observed in the as received surfaces. Crystallographic
correlation observed between tetragonal and monoclinic ZrO2:

[100] t-ZrO2   [100] m-ZrO2

[001] t-ZrO2   [010] m-ZrO2

confirms Wen et. al. investigations of the 3Y-TZP system [5].
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Fig. 6: A. Transmission electron micrograph  the TZP-WC composite sintered at 1700oC, B.
selected difraction pattern (SADP) of tetragonal zirconia phase, C.  SADP of monoclinic and

tetragonal zirconia, D.  SADP of orthorhombic W2C.

The crystallographic correlations between tungsten carbide phases and the matrix has also
been found:

[100] W2C   [001] t-ZrO2

[010] W2C   [010] t-ZrO2

In all sintering temperatures applied in this work close adhering of the matrix and carbide
grains with no discontinuities occured. ZrC distinct in X-ray patterns was not identified by the
electron diffraction. It is probably localized in the rims surrounding tungsten carbides grains.

CONCLUSIONS

Reaction between composite components under applied sintering condition occured. It results
in the W2C and ZrC formation inside the material. Reaction between the zirconia matrix and
the carbon bed is limited only to the near surface layer (~100 microns).

It was revealed that by means of the TEM microscopy carbide/matrix contacts were tight. No
microcracks were observed. A crystallographic correlations between ZrO2 and both WC and
W2C were observed. It indicates that under the applied sintering conditions components tend
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to arrange in way that a minimum interface energy is achieved. This is substantiated by the
crystallographic arranging of the composite phases.
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SUMMARY :  To investigate the mechanism of energy loss in load - displacement of indenter
curve (indentation curve) under fiber indentation test of unidirectionally reinforced C/C
composites, the fiber indentation tests were performed and the indentation curve was analyzed
by an axis symmetrical finite-element method (FEM) model including a newly designed fiber-
matrix interfacial bonding. In this model, only elastic deformations were considered for both
fiber and matrix, and the interfacial bonding was assumed to yield not to fracture. From this
FEM analysis, a hysteresis loop was obtained in the indentation curve and the interfacial
debonding was founded to start from the inside of specimen under the indentation test. And
the indentation curve calculated by the FEM analysis was coincide with the experimental
results, so compressive Young’s modulus of carbon fiber in C/C composite was founded to be
predictable from the FEM analysis.

KEYWORDS :  C/C composite, carbon fiber, indentation test, interface, finite element
method, Young’s modulus, transmission electron microscopy, graphite

INTRODUCTION

Mechanical properties of interface between fibers and matrices are known to be quite
influential in determining properties of fiber reinforced composites. Some of the previous
reports have indicated the effectiveness of controlling fiber-matrix interface on improving
properties of composite materials [1]. So the effects of surface treatment or coating on fibers
for several composites have been studied [2] and many experiments have been carried out to
measure the interfacial mechanical properties by various methods, those were pull-out test [3],
push-out test [4], protrusion test [5] and multiple fracture test [6]. And most of these studies
have done by using simple model composites reinforced with single thick fiber. But practical
carbon reinforced carbon (C/C) composites are reinforced with a large number of very thin
fibers and have many pores and cracks in matrix [7]. Therefore, to measure the mechanical
properties of practical C/C composites in the micro area is very difficult and the micro
indentation test is considered to be one of the suitable test method.

There were some reports of the indentation tests about carbon materials [8], but in these
reports maximum load and displacement of indenter were too large to indent only one fiber in
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the practical C/C composites. So, to study mechanical properties of fiber, matrix and their
interface in C/C composites, the authors have applied a newly developed ultra micro
indentation test machine to fiber indentation tests in C/C composites [9-11]. Where, any
indications of plastic deformation were not observed on specimen surfaces after indentation
test by scanning electron microscopy (SEM), although load - displacement of indenter curve
(indentation curve) showed large hysteresis loop, that indicated the existence of some energy
loss under the test [10]. However this experimental result could not be understood by any
models including the indentation tests of carbon materials as far as the authors knowledge. So,
in this study, fiber indentation tests were performed and a new finite-element method (FEM)
model was provided for analyzing the deformations of fiber, matrix and their interface.

EXPERIMENTAL

Material Used and Specimen

Material used was unidirectionally reinforced C/C composite, heat treated at 1873 K. Carbon
fiber used was mesophase pitch-based fiber and its characteristics are shown in Table 1.
Matrix precursor was a mixture of green coke and phenolic resin (80/20 in volumetric ratio).
And a fiber volume fraction and a density of C/C composite were 45.0 % and 1.69 Mg/m3,
respectively.

Table 1:  Characteristics of fibers used

Diameter (µm) 9.8
Tensile Modulus (GPa) 542
Tensile Strength (Gpa) 2.92

Heat Treatment Temperature (K) 2473

Schematic flow of specimen preparation for fiber indentation test is shown in Fig. 1. C/C
specimen, whose size was 20l x 5w x 1t mm, was fixed at the center of acrylic pipe by resin.
And next, the fixed specimen was sliced perpendicular to the fiber direction with about 200
µm thickness by low speed diamond saw. Then the thickness of sliced specimen was reduced
80 µm by mechanical grinding and the pipe and resin were removed in acetone. Finally the
size of specimen for fiber indentation test became 5l x 1w x 0.08t mm.

Fiber Direction Sliced by
Low Speed

Diamond SawC/C

about 200µm
ThicknessAcrylic PipeResin

under 100µm
Thickness

Mechanical
Grinding

Indenter Tip

Inclination Angle of Side Triangle

Specimen Holder

Specimen

Remove Resin
and Acrylic Pipe

Fig. 1:  Schematic flow of specimen preparation and shape of indentation tip
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Fiber Indentation Test

Fiber indentation tests were carried out by utilizing the dynamic ultra indentation test machine
[8]. The specimen was placed on a specimen holder made of SUS and fibers in C/C
composites were loaded by triangular diamond pyramid indenter tip, where maximum loads
were 0.2 N. The shape of triangular diamond pyramid indenter tip is shown in Fig. 1. The
inclination angle of side triangle was 68 degrees.

Structural Inspections

Macroscopic structure, including fiber volume fraction, was determined by both optical
microscopy and SEM. And microstructural inspections of interface were performed with high
resolution transmission electron microscopy (TEM : JEOL-4000FX), where an acceleration
voltage was 400 kV. Specimens for TEM observation were prepared by dimple grinding and
Ar ion milling, and were observed parallel to the fiber direction.

RESULTS OF FIBER INDENTATION TEST

Typical examples of indentation curves under fiber indentation tests are shown in Fig. 2. For
all cases, the indentation curves showed large hysteresis loops and came back to the origin.
Under indentation tests of glasslike carbon, same hysteresis loops were reported [8]. However
maximum load and displacement of indenter were over 10 N and 100 µm under the carbon
indentation test, respectively. In addition to that, cracks were observed at the specimen
surface after carbon indentation tests by SEM. But, after the fiber indentation tests, the
interfacial debonding and the indentation mark could not be observed at the specimen surface.
It indicates that the origin of the hysteresis loops under the fiber indentation tests was
different from that under the carbon indentation tests, that is, the loops under the fiber
indentation tests were not resulted from the essential property of carbon.

And micro steps can be detected in Fig. 2 and some of them are pointed out by arrows, those
are considered to be indications of interfacial debonding. So, for the exact understanding of
the indentation curves and the deformations of fiber, matrix and interface in C/C composites
under fiber indentation test, a new FEM analysis including the interfacial debonding seems to
be needed.

0 1 2 3 4 5
0.00

0.05

0.10

0.15

0.20

0.25

Displacement of Indenter (µm)
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ad
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N

)

UD-C/C Composites (HTT=1873K)
Specimen Thickness = 80µm

Fig. 2: Indentation curves under fiber indentation test in C/C composites
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FEM MODEL

Shape of FEM Model

By using an axis symmetrical FEM model shown in Fig. 3, the deformations of fiber, matrix
and interface in C/C composite under fiber indentation test were calculated. For the analysis
of practical composites, the correlation between adjacent fibers must be taken into account,
but in this study, two dimensional models were used for the first step of FEM examination
including the interfacial debonding. So C/C composites reinforced with only single carbon
fiber were used for this calculation, and the matrix phase was assumed to be carbon layer. The
width of this layer was assumed to be 2 µm, that reflects a fiber volume fraction of specimen
for fiber indentation test correctly (Fig. 4).

Holder
x

yz

Indenter Tip

C
/C

F
iber

M
atrix

Fig. 3:  FEM model of fiber indentation test

Fiber Volume Fraction   : 45%
Radius of Carbon Fiber : 5µm Thickness of Carbon Layer : 2µm

Carbon LayerC/C CompositesCarbon FiberCarbon Matrix

Fig. 4:  Thickness of carbon layer around fiber
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Under the indentation test, the effect of the area of contact between indenter tip and specimen
on stress distribution was considered to be very large [10]. For this axis symmetrical FEM
model, the shape of indenter tip was a cone not a triangular pyramid. Therefore, in this
analysis, indenter tip was assumed to be a cone with 145.6 degrees of the apical angle so that
the area of contact in case of the cone was as same as in case of the triangular pyramid at the
same displacement of indenter, shown in Fig. 5.

Triangular Pyramid

a

b

h 68$

Cone
h

r1

r2

2θ

a h= ⋅ ⋅2 3 68tan $ b
h=

cos68$

Area of Contact

A ab hT = × = ⋅ ⋅ ⋅3
1
2

3 3 68 682 sin tan$ $

r h1 = ⋅ tanθ r
h

2 =
cosθ

Area of Contact

A r
r

r
hC = ⋅ ⋅ = ⋅ ⋅ ⋅π π θ θ2

2 1

2

2 sin tan

A AT C= ⇒ ≈θ 72 8. $

Fig. 5:  Shape of indenter tip

Interfacial Bonding Between Fiber and Matrix

Fig. 6 shows a typical example of TEM image at interface between fiber and matrix. A
vertical direction of this figure is fiber direction. From this figure, the thickness of interface
seems to be about 30 nm. And a structure of carbon at interface was observed to be graphite
layers parallel to the fiber direction. That is, c-axis direction of this graphite was parallel to
radial direction of the fiber. And, for graphite structure, bonding strength at c-axis direction is
very week because there are van der Wall’s bonds between graphite layers [7]. So the
debonding of fiber-matrix interface is considered to be as same as the debonding between the
graphite layers.

Fig. 6:  TEM image at interface between fiber and matrix
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In the most previous analysis of micro indentation test, an extra interphase, which was made
from reaction of fiber and matrix, was set up independently [12]. For C/C composites, the
extra interphase seems to be the graphite layer. Now, in this FEM analysis, the graphite layers
were assumed to be springs between nodes of fiber and matrix element in the FEM model.
And debonding was assumed to occur when a length of the spring, that was 30 nm in the
beginning of the FEM analysis, changed to 45 nm, which indicates that the distances between
each graphite layers expand to one and half times. Where stiffness of the spring parallel and
transverse to the fiber direction were determined to 50 GPa and 20 GPa, respectively, from
mechanical properties of graphite [13].

And two kinds of the stress-transmission method in the spring were assumed to be as shown
in Fig. 7 after the debonding at fiber-matrix interface. In Fig. 7, the case 1 is a usual method
of the interfacial debonding on FEM analysis under the fiber indentation test. Under the
condition of case 1 on the axis symmetrical FEM model, a debonding at one point on fiber
surface seems to be equivalent to a debonding on one circumference of fiber surface including
the debonding point. But this phenomena is considered not to exactly express a three
dimensional phenomena of the debonding at fiber-matrix interface, because under the three
dimension the debonding at one point on fiber surface seems to be gradually spread on the
circumference including the debonding point. So a newly designed interfacial bonding was
constructed shown in case 2 of Fig. 7. Under the condition of case 2, the bonding force of the
spring between fiber and matrix was assumed to linearly decrease after the beginning of the
interfacial debonding, that is considered to indicate the gradual spread of the interfacial
debonding. That is, the interfacial bonding was presumed to yield not to fracture. And the
slope of the bonding force in an unloading under the fiber indentation test was assumed to be
as same as that in loading, because the bonding between fiber and matrix was considered to be
supported by the residual bonding interface that has the same stiffness in both loading and
unloading.

Connection between Fiber and Matrix : Spring

Case 1 : Spring Fracture Model
Connection Break
  • ¨ Force=0, Stiffness=0

Force

Displacement0

Case 2 : Spring Yield Model
Connection Break
  • ¨ Spring Yield

Force

Displacement0

Fig. 7:  Condition of debonding at fiber-matrix interface

Condition of FEM Model

After the fiber indentation test, the interfacial debonding and the indentation mark could not
be observed at the specimen surface by SEM. So, in this FEM analysis, only the elastic
deformations of fiber, matrix and C/C composites were considered. That is, the origin of the
large hysteresis loop in Fig. 2 was assumed to be only an energy loss caused by the fiber-
matrix interfacial debonding. The specimen holder and the indenter tip were presumed to be
rigid. The condition of FEM analysis is as shown in Table 2. The Young’s moduli of C/C
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composite were determined from the measured values [14], except to the longitudinal
Young’s modulus of unidirectional C/C composites. The radial Young’s modulus of fiber and
the isotropic Young’s modulus of matrix was assumed to be same as the transverse Young’s
modulus of unidirectional C/C composites. And the Poisson’s Ratio and the shear modulus
were determined from the previous researches [15] except for νxy and νzx of fiber, which was
decided in reference of the Poisson’s Ratio of composite and fiber.

On the other hand, the carbon fiber was considered to be mainly received the compressive
stress at the fiber direction under the fiber indentation test, and the compressive Young’s
modulus of fiber has been reported to be the quarter of the tensile Young’s modulus [16]. And
the longitudinal Young’s modulus of fiber are known to have the strain dependence. So the
longitudinal Young’s modulus of carbon fiber was assumed to be the quarter of the calculated
value from the longitudinal Young’s modulus of unidirectional C/C composites [14]
according to the simple law of mixture, and the longitudinal Young’s modulus of C/C
composites was determined from this Young’s modulus of fiber.

Table 2:  Condition of FEM model

Specimen Size :
Radius of Fiber :
Indenter Tip :

Thickness             :
  of Carbon Layer 

Radius 2500 µm, Thikness 80 µm
5 µm
Cone with 145.6° of the Apical Angle

2 µm• @(from Fiber Volume Fraction)

Analysis Model Axis Symmetrical FEM Model

Elastic Properties of Each Element

Fiber :

 

Carbon Layer :

  

C/C :

Exx:  80GPa  νxy:0.16  Gxy:10GPa
Eyy: 8.9GPa  νyz:0.30  Gyz:20GPa
Ezz: 8.9GPa  νzx:0.16  Gzx:10GPa
Density 2.08 Mg/m 3

E:   8.9GPa  ν:  0.30
Density 1.70 Mg/m3

Exx:  40GPa  νxy:0.20  Gxy:8.9GPa
Eyy: 8.9GPa  νyz:0.30  Gyz:15GPa
Ezz: 8.9GPa  νzx:0.20  Gzx:8.9GPa
Density 1.68 Mg/m3

RESULTS OF FEM ANALYSIS

In this FEM analysis, only a displacement of indenter can be controlled. So the FEM analyses
with the two kinds of interfacial bonding, that were case 1 and 2, were done in loading from 0
to 2.5 µm displacement of indenter and in unloading from 2.5 to 0 µm displacement. The
indentation curves calculated from FEM model with the interfacial bonding of case 1 and 2
are shown in Fig. 8 (a) and (b), respectively. In Fig. 8 (a), the load was largely decreased over
0.6 µm displacement of indenter, and the interfacial debonding started after the 0.6 µm
displacement in the FEM model with the interfacial bonding of case 1. But the large decrease
of load was not detected in the experimental results. On the other hand, for the FEM model
with the interfacial bonding of case 2, the load was continuously increased in loading
although the interfacial debonding began after the 0.6 µm displacement. That is, the
indentation curve of case 2 showed the hysteresis loop as same as the experimental results. So
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the FEM model with the interfacial bonding of case 2 is considered to be suitable for the
analysis of the fiber indentation test of C/C composites.

And, in this FEM analysis of case 2, the start point of the interfacial debonding was the inside
not the surface of specimen. To put it in the concrete, the interfacial debonding started at the
interface under 5 µm depth from the upper side of specimen surface. And the area of
interfacial debonding gradually expanded into the lower side of specimen surface with
increasing the displacement of indenter, but the interfacial debonding at both the upper and
lower sides of specimen surface did not occur at the 2.5 µm displacement of indenter. This
result from the FEM analysis was in good agreement with the result by the SEM observation
of specimen surface after the fiber indentation test. Furthermore, in this FEM analysis of case
2, the maximum value of load at the 2.5 µm displacement of indenter was close to the
experimental results. Therefore the compressive Young’s modulus of carbon fiber in C/C
composite was founded to be predictable from the FEM analysis with a newly designed
interfacial bonding.
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Fig. 8:  Indentation curves calculated from FEM model with the interfacial
bonding of case 1 (a) and case 2 (b)

CONCLUSIONS

To investigate the mechanism of the energy loss in the indentation curve under the fiber
indentation test of C/C composites, the fiber indentation tests were performed and the
indentation curve was analyzed by an axis symmetrical FEM model including a newly
designed fiber-matrix interfacial bonding . The conclusions could be summarized as follows.

(1) From the FEM analysis, the hysteresis loop was obtained in the indentation curve and
the interfacial debonding was founded to start from the inside of specimen under fiber
indentation test.

(2) The indentation curve calculated by this FEM analysis was coincide with the
experimental results, so the compressive Young’s modulus of carbon fiber in C/C
composite was founded to be predictable from this FEM analysis.
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WITH MULLITE MATRIX DERIVED FROM

COLLOIDAL PRECURSORS
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SUMMARY:  In this paper, the preparation of carbon and SiC continuous fibre reinforced
composites with mullite matrix derived from colloidal-size alumina powder and silica colloids
is described. The prepregs was prepared by one infiltration of a fibre tow with high solids
yield colloidal sols of 40 vol% containing an oxide composition corresponding stoichiometric
mullite, 3Al O 2SiO2 3 2⋅ . The composites were consolidated by hot-pressing at 1550 °C for 0.5
h at 15 MPa to form dense mullite matrix. The microstructures of the unidirectional
composites were characterised by XRD and SEM. The structure of the interfaces was
examined by TEM. The properties of the composites: flexural strength, modulus and work of
fracture were measured by three point bending.

KEYWORDS:  SiC, carbon, continuous fibre, colloidal, mullite, matrix, composites,
unidirectional, mechanical properties, interface

INTRODUCTION

Continuous fibre reinforced ceramic matrix composites have been extensively investigated for
the improvement of the strength and toughness of ceramics, which can be used as structural
materials at high temperatures. Densification of the ceramic matrix and control of the
interface between fibre and matrix are vital in the production of composites with useful
properties [1, 2]. Mullite combines excellent strength and creep resistance at high
temperatures with good chemical and thermal stability and a low thermal expansion
coefficient of 4.5-5.6×10 6− K 1−  [3]. Therefore, mullite-containing composites have a potential
as a high performance material [4]. In previous work [5-7] it was shown that a sol containing
40% solids by volume, of the mullite composition, 3Al O 2SiO2 3 2⋅ , could be prepared using α
-alumina powder and colloidal silica sol. This sol was transformed into a gel from which a
mullite monolith was obtained by pressureless sintering at 1600°C for 2 h. A density of 3.10×
10 kg / m3 3 for the bulk sample was obtained, which corresponds to 98% of the theoretical
density of 3.17×10 kg / m3 3 for mullite. The microstructures of the bulk materials have been
characterised and the densification mechanism analysed [6, 7]. It was demonstrated that a
unidirectional carbon fibre reinforced crystalline mullite matrix composite could be fabricated
by one infiltration with this sol and consolidated by hot-pressing [5].

In this paper, the fabrication of composites using colloidal precursors for a mullite matrix is
described, in which either high strength carbon or Nicalon silicon carbide fibres were
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employed as the reinforcement. The matrix was stoichiometric mullite, 3Al O 2SiO2 3 2⋅ . The
microstructures of the composites were characterised by X-ray diffraction (XRD) and
scanning electron microscopy (SEM). The fibre-matrix interfacial characteristics were
examined by TEM and related to the properties, fracture behaviour and processing conditions
of the composites.

EXPERIMENTAL

Prepregs of the unidirectional fibre reinforced mullite matrix composite samples were
prepared by the single-stage infiltration of the fibre tows with a colloidal sol corresponding to
an oxide composition of 3Al O 2SiO2 3 2⋅ , which has been described elsewhere [5], using
Ludox colloidal aqueous silica sol (Dupont AS40, 40 wt% of silica particles of 5-50 nm in
diameter) and α-alumina powder (Alcoa A1000 SG, with an average size of 0.5 µm) as
starting materials. Briefly, the as-received α-alumina powder was dispersed in Ludox
colloidal silica sol to produce a homogenous sol. The viscosity of the sol was sufficiently low
for the efficient impregnation of the fibre tow. The high solids concentration (alumina-silica
mixture) of 40 vol% (68 wt%) enabled single-stage infiltration to be employed for the
formation of a dense matrix.

Grafil LXA unsized high strength continuous carbon fibre tow has a diameter of 8 µm, a
strength of 4 GPa, an elastic modulus of 224 GPa, a ultimate strain of 1.78% and an average
density of 1.81×10 kg / m3 3. The Nicalon-207 silicon carbide is a polyvinyl alcohol sized
continuous fibre yarn which has a strength of 2.6 GPa, an elastic modulus of 189 GPa, a
ultimate strain of 1.37%, an average density of 2.55×10 kg / m3 3 and a diameter of 14 µm.
Nicalon-207 SiC polyvinyl alcohol sized fibre yarn was de-sized by passing through hot water
at 90 °C, and then stored in vacuum ready for the preparation of the composites.

The composite prepregs were fabricated by infiltrating the continuous fibres using the above
sols without additional binder in a single stage. The prepreg was dried in air at room
temperature for 48 h and in an oven at 90°C for a further 48 h. By careful control of the solids
concentration, composites with a fibre volume fraction in the range of 30-60% could be
prepared. In the graphite die assembly, the composite stack of prepregs was sealed by two
thick layers of graphite powder to ensure that a reducing atmosphere of CO existed during
hot-pressing. The composite samples were consolidated by hot-pressing at 1550°C, for 0.5 h
at 15 MPa for the formation of the mullite matrix. All hot-pressed composite samples were
allowed to cool naturally to room temperature overnight within the furnace.

The densities of the composite samples, ρc were determined by mercury porosimetry using a
Micromeritics Pore Size 9320 with a pressure range of ~174 MPa. The volume fraction of
fibres in the composites and the crack spacing in the polished surface of the composites were
determined by computer-controlled image analysis using an AMS OPTOMAX V. The
maximum theoretical density of each composite (assuming no porosity), ρ0c was calculated
using the following equation:

ρ ρ ρ0c m m f fV V= +                                                          (1)
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where ρm  is the theoretical density of matrix; ρ f  is the theoretical density of fibre; Vf  is the

measured volume fraction of fibre in composite; and Vm is the measured volume fraction of
matrix in composite. The phases present in the matrix of the composites were identified by
XRD on a Philips 1710 X-ray Diffractometer with the scanning speed of 2° (2θ)/min. SEM
was performed on a JEOL JSM6400. TEM was performed on a Philips EM400T. Thin
sections for TEM were prepared by ion beam milling a specimen which had been
mechanically dimpled to less than 30 µm in thickness using fine grinding paste.

The flexural strengths, flexural moduli, and work of the fracture of the composites at room
temperature were determined in three point bend on a Mayes Universal Tester at a
displacement rate of 0.2 mm/min. The span of the lower support pins was 30 mm, and a span
to specimen thickness ratio greater than 20 was employed. Rectangular test specimens cut
from hot-pressed cylindrical composite samples were ground and polished to the dimensions
of 37 mm in length, 2.0 mm in width and 1.5 mm in thickness. The load-deflection curve for
the composites was recorded to fracture. The mechanism of failure was identified by visual
examination after the test and by SEM examination of the fracture surface of tested
specimens.

The flexural strengths and moduli were determined according to British Standard Methods of
Testing (10). The work of fracture was calculated from the area under the load-deflection
curve. The ultimate failure strain, ε, was calculated by an approximate eqn. (7).

RESULTS

Microstructures of Composites

Figure 1 shows the XRD pattern for the hot-pressed carbon fibre composites hot-pressed at
1550 °C, for 0.5 h at 15 MPa. The composite matrix is predominantly crystalline mullite,
although a trace of unreacted alumina is evident. For the SiC/M composite hot pressed under
the same conditions as the C/M composite, XRD gave a similar result as in Fig. 1. Fig. 2
shows a polished section through the C/M composite approximately parallel to the fibre
direction. A dense mullite matrix with a uniform distribution of carbon fibres (Vf =0.52) was

revealed. No large pores were observed, which was consistent with the measured density of
95% of the calculated theoretical density of 2.46×10 kg / m3 3 for the composite. Mechanical
polishing resulted in some degree of damage or "pluck-out" at the fibre-matrix interface
(white areas indicated by arrows) suggesting that little or no chemical bonding had occurred.
Some regularly spaced microcracks were observed in the matrix, which are perpendicular to
the fibre direction in fig. 2, which are believed to be induced by thermal mismatch between
the fibres and mullite matrix. Thermally induced cracks are produced by stresses resulting
from a mismatch in the expansion coefficients of the carbon fibres and the mullite matrix on
cooling from the high processing temperature to room temperature. The measured thermal
expansion coefficient is 4.83×10 6− K 1−  for the bulk samples of mullite and that of the carbon
fibres is about zero [8]. The thermally induced cracks and the interfacial pores are believed to
be the main contributors to the 5% porosity within the C/M composite.

The thermal expansion coefficient for the SiC fibres at 4.0-5.0×10 6− K 1−  [8] is similar in
magnitude to that of mullite. Thus, the potential for thermal mismatch cracking in the
SiC/mullite composites is much lower as suggested by the observation of few cracks in a
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random polished section through the SiC/M composite (not shown). A polished section
perpendicular to the fibre direction (Fig. 3) shows that some fibres were in contact.

Fibre/matrix Interfaces in Composites

The interfaces between the fibre and matrix in the composites were examined by TEM as
shown in Fig. 4. A sharply defined interface was observed between the carbon fibre and the
mullite matrix in the C/M composite (not shown). Some crevices appear to occur along the
interface which would further weaken the interfacial bonding. The crevices are believed to be
the consequence of the thermal expansion mismatch between fibre and matrix during cooling.
No obvious chemical interaction between fibre and matrix was evident. Some mullite grains
near the fibre surface were observed to have grown parallel to the fibre direction. Dislocations
were also observed in the mullite grains or along grain boundaries. Evidence for a thin
continuous interfacial layer between the SiC fibres and the mullite matrix in the SiC/M
composite was revealed by TEM (Fig. 4). Energy dispersive spectroscopy (EDS) [7] indicated
the layer mainly consisted of silica and carbon (amorphous or crystallised). It is possible that
the SiC fibre degraded to form a silica layer at high temperatures.

Densification and Mullitisation of Composite Matrices

Highly densified composites were produced including C/M, and SiC/M which have densities
ranging from 95 to 98% of the theoretical density (Table 1). Glass viscous sintering is the
main matrix densification mechanism as discussed previously (5-7). From XRD and TEM
analysis, substantial mullitisation (approximately 90% or more by volume) could be achieved
in the matrix. Complete mullitisation was not achieved  at 1550 °C for 0.5 h because of the
slowness of the interdiffusion processes [9].

During the three point bending test, most of the composites initially showed an elastic
response with deflection increasing linearly with increase in load, followed by an extended
non-elastic regime. Generally after the maximum value of load was reached, the degree of
subsequent extension was strongly dependent on the nature of the interface between fibre and
matrix. Figure 5 is representative examples of the stress vs. deflection curves for the carbon
fibre mullite composite, C/M and SiC fibre mullite composite, SiC/M, compared with typical
results for the matrix materials alone (dotted lines). A summary of hot-pressing parameters
together with the properties of the composites is given in Table 1. Vf  is the measured fibre

volume fraction, ρc/ρc0 the ratio of measured to theoretical density expressed as a percentage, 
σ the ultimate flexural strength, E the flexural modulus, W the work of fracture, and ε the
ultimate failure strain. σc and Ec  are the ultimate tensile strength and the modulus of the
composites calculated theoretically according to theory [11]. In the flexural test, employed
here, only the outside surface experiences a maximum stress. All failures were initiated on the
tensile face of the specimen.

Referring to Table 1, the highest average flexural strength (737±128 MPa) was observed for
the carbon fibre reinforced mullite matrix composite hot pressed at 1550 °C for 0.5 h at 15
MPa (C/M). This composite also exhibited the highest work of fracture, 482±122 kJ / m2, and
ultimate failure strain of 0.37±0.13%. These values were considerably higher than those for
unreinforced bulk mullite of 150 MPa for σ, 5.18 kJ / m2 for work of fracture and 0.001% for 
ε [11]. Samples of bulk mullite were prepared by pressureless sintering of gels of α-alumina
and Ludox silica at 1600 °C for 2 h to 3.1×10 kg / m3 3, approximately 98% of the theoretical
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density for mullite, 3.17×10 kg / m3 3 [9]. The SiC fibre mullite matrix composite (SiC/M) hot
pressed at 1550 °C for 0.5 h also had a high strength, σ of 630±98 MPa, W of 293±111
kJ / m2, and ε of  0.30±0.1%.

Fracture Surfaces Observations

The nature of the fibre/matrix interface can be also revealed by examining the fracture
surfaces of composite specimens after the three point test. Extensive fibre pull-out was
observed in the fracture surfaces of both carbon fibre and SiC fibre reinforce mullite matrix
composites. A typical fracture surface of SEM micrograph from SiC composite is shown in
Fig. 6.

DISCUSSION

Strengths and Ultimate Failure Strains

In comparison with the bulk unreinforced matrix materials, all the composites demonstrated
an enhanced flexural strength and a change in their fracture behaviour. The flexural strength
of these materials correlate directly with the quality of the interfacial bond strength. As
expected those materials with a weak interface exhibited tough behaviour (Table 1). However,
there is a discrepancy between the experimental values and the theoretical predictions based
on the mixture laws (Table 1). The experimental values of strength are lower than the
theoretical predictions even assuming that there are no contributions from the matrices. Thus,
other parameter needs to be considered. When exposed to high temperatures, carbon fibres
oxidise, and the composition and structure of SiC fibres change. Consequently the retained
strength of the fibres is affected and also the strength of the composite. Nicalon-SiC fibres
generally show reaction even in a reducing atmosphere [12, 13] as follows:

SiO C SiC  fibre SiO Cx y 2( ) ⇒ +                                           (2)

The reduction in strength above 1000 °C is caused by microcrystallisation of the fibre
structure [12], although the degradation can be alleviated by employing reducing atmospheres
[13]. Both a silica phase and the presence of carbon have been detected in the interfacial
regions within the SiC/M composite using EDS [7], which are believed to be the products of
the above reaction. A severe reduction in the strength of the SiC composites because of the
high processing temperatures was also observed, however the longer processing time at 1550 
°C was not necessary to lead to a reduction in the SiC fibre strength according to the Raman
spectroscopy analysis on the SiC fibre composite specimen [14].

Interfaces, Fracture Behaviour and Fibre Pull-out

A glassy silica phase in the interfacial regions between the SiC fibres and matrices of the
SiC/M was observed by TEM and defined by EDS. Silica is expected to form on the fibre
surface as a product of reaction in equ. 2. A weak interface was observed for the SiC
fibre/mullite composite, SiC/M hot-pressed for 0.5 h as shown by the extensive fibre pull-out
after the bending test (Fig. 6). In this case the interfacial glass layer between the fibres and
matrix in the composite may not be sufficiently thick to form a strong bond.
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The influence of the porosity of the composites on the nature of the interface should also be
considered. From SEM and TEM observations, some pores and crevices were detected along
the interfacial region between the fibres and the mullite matrix within C/M. These pores may
have resulted partly from incomplete densification and partly from the volume change during
the mullitisation in the matrix, and the crevices may have formed as a result of a relative
displacement between fibre and matrix on cooling from high temperature because of thermal
expansion mismatch. These pores and crevices could contribute to the weak interfacial
bonding, resulting in extensive fibre pull-out on failure (Fig. 5) with a substantial failure
strain of 0.37±0.13%.

CONCLUSIONS

Carbon fibre and SiC fibre continuous reinforced mullite matrix composites were successfully
fabricated by colloidal processing, using α-alumina powder and colloidal silica sol as
precursors by one stage infiltration followed by hot-pressing at 1550 °C. Highly densified
composites were obtained.

The microstructures of the composites were examined by SEM and TEM. Parallel cracks
were observed in the carbon fibre reinforced composites, resulting from thermal expansion
mismatch. For the C/M composite a sharply defined interface with little sign of interaction
was observed between carbon fibres and mullite matrix, and some crevices were also
observed along the interface. A highly densified and nearly crack-free mullite matrix was
observed in the SiC/mullite composite, SiC/M. For this composite a thin continuous
interfacial silica layer was also observed by TEM and EDS, which may result from reaction at
the SiC fibre surface at high temperatures.

Using the three point bending test, the properties of the composites were determined. The
highest flexural strength of 737±128 MPa, with the highest work of fracture, 482±122
kJ / m2, and ultimate failure strain of 0.37±0.13% were achieved for the C/M. The SiC/M also
had a high σ of 630±98 MPa, W of 293±111 kJ / m2, ε of  0.30±0.1%. The fibre
reinforcement to mullite is highly effective.

The amount of silica phase along the interface between SiC fibre and matrix is thought to be
the main factor controlling the interfacial bonding strength in the SiC fibre composites. The
thin silica layer at the interface as shown by TEM and EDS for the SiC/M composite may be
account for the relatively weak interfacial bonding observed.
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Table 1: Summary of the hot-pressing conditions and properties of composites

Hot-pressing
parameter

1550 °C 0.5 h 15
MPa

1550 °C 0.5 h 15
MPa

Fibre/Matrix SiC/M C/M
Number tested 6 6

Vf  (±2%) 60 52

ρc/ρc0  (%) 98 95

σ (MPa) 630±98 737±128
E (GPa) 208±11 127±64

W (kJ / m2) 293±111 482±122
σc (GPa) 1.6 2.2
Ec  (GPa) 149 160

±: standard deviation
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Figure 1: XRD of mullite matrix carbon fibre reinforced composites of C/M hot-pressed at
1550 °C for 0.5 h at 15 MPa

Figure 2: SEM of polished section parallel to the fibre direction through the C/M composite
hot-pressed at 1550 °C for 0.5 h at 15 MPa
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Figure 3: SEM of polished cross section perpendicular to the fibre direction through the
SiC/M composite hot-pressed at 1550 °C for 0.5 h at 15 MPa

Figure 4: TEM of the interfacial structure between fibre and matrix for the mullite matrix
Nicalon-SiC fibre reinforced composite, SiC/M hot-pressed at 1550 °C for 0.5 h at 15 MPa



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 784

Figure 5: Typical load vs. deflection plots tested by three-point-bending; behaviour of matrix
shown by dotted curves. C/M: Carbon fibre mullite composite C/M, SiC/M: Nicalon-SiC fibre

mullite composite

Figure 6: SEM of the fracture surface of SiC/M composite hot pressed at 1550 °C for 0.5 h at
15 MPa, parallel to the fibre direction
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SUMMARY:  The mechanical properties of Nephila clavipes spider silk are presented to
illustrate the unique combination of strength and toughness and the anisotropy of spider silk.
The tensile properties of the silk of Nephila clavipes spider were characterized by simple
elongation, transverse compression and torsion under various humidity conditions using an
ultra-sensitive testing system. It was founded that, although the properties of the spider silks
vary from species to species, they all have a high level of combined strength and toughness as
well as shear resistance much greater than that of some of the toughest synthetic fibers such as
the aramid fibers.

KEYWORDS:  spider silk, tensile modulus, compressive modulus, shear modulus,
micromeasurement instrument, anisotropic properties, combined strength and toughness

INTRODUCTION

Strength and toughness are usually considered mutually exclusive properties for materials. In
spite of the progress made over the past century in polymeric fiber science and technologies,
the search for a truly strong and tough fiber continues. It is of practical and scientific interest
to explore the limit of strength and toughness of fibrous materials; and  to examine the factors
which contribute to the development of a combination of strength and toughness in materials.
The answers to these questions may be found in nature.

In the world of natural fibers, spider silk has long been recognized as the wonder fiber for its
unique combination of high strength and rupture elongation.  An earlier study, as shown in
Figure 1, indicated spider silk has strength as high as 1.75 GPa at a breaking elongation of
over 26% [1]. With toughness more than three times that of aramid and industrial fibers,
spider silk continues to attract the attention of fiber scientists and hobbyists alike.

Considering the remarkable mechano-chemical properties of spider silk and fueled by the
recent progress in biotechnology, there is a revival of interest in using spider silk as a model
for the engineering of high energy absorption fibers [2]. Because of the fineness of spider silk,
on the order of 4µm, the characterization of the mechanical properties of spider silks are
limited to tensile mode. Little is known about the response of spider silks to other modes of
deformation in the transverse direction and in torsion. It is the objective of this paper to
present, for the first time, the tensile, transverse compression and torsional stress-strain
properties of the spider silk from Nephila Clavipes spiders. This was made possible by using
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an ultra sensitive micromeasurement fiber testing system developed by Kawabata [3]. From
these experimental data, the engineering properties: tensile modulus, transverse compressive
modulus, and shear modulus of the spider silk was determined.
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Figure 1: Tensile stress-strain behavior of agiope aurentia spider silk

SPIDER SILK AND SPECIMEN PREPARATION

There are over one million species of spiders on earth.  Less than one percent of the spiders
are orb weavers or silk makers.  Properties of spider silks very by species and by functions.
Depending upon the species an individual spider has more than five different silk glands
where silks of different properties are produced before extrusion through three pairs of
spinnerets.  The drag line originates in the ampullate glad and is extruded through the anterior
spinnerets.  Spider dray line is the strongest and toughest of the silks a spider makes.  Spider
drag line is the structural framework of a spider web and the life line of a spider. Chemically
spider silk is a fibroin composed of twenty-odd alpha amino acids connected by the amide
linkage (-COHN-).  Alanine , serine and proline account for eighty percent of the amino acids.
Drag lines of Nephila Clavipes (golden silk spider) and Argiope Aurentia (black and yellow
spider) are among the strongest spider silks that we know.  The strength of the drag line of
Nephila Clavipes obtained by forcible silking was reported to be about 8 grams/denier and the
strength of the drag line of Argiope Aurentia was over 12 grams/denier.  In fact the strength
and toughness of the silk from Nephila Clavipe was recognized for a long time by the South
Sea Islanders who use the silk to make various kinds of bags and fish nets.

The spider silks used in this study were forcible spun from Nephila Clavipes spiders. They
were provided by the US Army Natick R&DEC. The diameter of the silk, averaging over 117
measurements using the scanning electron microscope, is 3.67 +/- 0.47µm. Figure 2 shows a
SEM picture of the silk. To facilitate handling of this delicate silk fiber, each fiber was
mounted carefully on a cardboard frame with an opening equal to the gage length of the
specimen. Thirty eight (38) samples were prepared for tensile test. Fifty (50) samples were
prepared for transverse compression test whereas a total of twenty nine (29) samples were
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prepared for torsion test. In order to investigate the effect of  water on the mechanical
properties of the spider silk half of each group of fibers were tested in ambient condition

(20oC, 65% RH) and the other half of the specimen were tested in wet condition. The
diameter of each fiber was measured  and recorded prior to testing. All the tests were
performed with the micromeasurement system developed by Kawabata, including a micro
tensile tester, torsion tester, and single fiber transverse compression tester 3.

Figure 2:  SEM picture of spider silk

TENSILE PROPERTIES

The tensile properties of the spider silk were measured with the Kawabata micro tensile tester
equipped with a special function "floating control".  In order to minimize mechanical noise
from the tester, a DC servo-motor system and simple transmission mechanism were used.
The motor driving power is transmitted to the driving shaft through a helical rack-and-pinion
mechanism similar to the driving mechanism of a microscope body tube.  As shown in Figure
3, the control stroke of the driving chuck is 30 cm; however, in most of the fiber tensile
testing, the dynamic stroke is measured in millimeters, requiring very precise measurement.
Accordingly, the servo control system can be switched from the large stroke to the more
precise small stroke zone at any portion of the large stroke travel. The control accuracy in the
small stroke zone is 10 times more accurate, enabling a smoother control of fiber strain in the
"floating zone".  The maximum load capacity of this tester is 20 Kg and the maximum testing
speed is 10 cm/sec.  The position of the driving chuck can be controlled by an external servo-
command signal (such as a sinusoidal signal) at any stage of the tensile testing process.
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Figure 3:  Floating-control tensile tester

The tensile testing were carried out under ambient and wet conditions with a cross head speed
of 0.3 cm/min and a gage length of 2.53 cm. As shown in Figure 4, the stress-strain response
of the spider silk tested under ambient condition assumed a sigmoidal  shape with an initial
modulus of 12.7 GPa. The breaking strength and elongation are 0.85 GPa and 20%
respectively. When tested in water, there is no significant change in ultimate strength,
however, a reduction of the initial modulus to 0.54 GPa and increased in ultimate elongation
to 36% was observed. This phenomenon may be attributed to the rupturing of the secondary
bonds which hold the helical molecular chains together resulting in greater elongation due to
the uncoiling of the molecular chain.

Figure 4:  Tensile stress-strain properties of spider silk

TRANSVERSE PROPERTIES

The compression tests in the transverse fiber diameter direction were carried out by placing a
single fiber  between a flat and mirror-finished steel plate and a mirror finished 0.2 mm square
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compression plane. Because of the fineness of the spider fiber, a combination of sensitive
instrumentation and mechanistic analysis are required in order to assure accurate
measurement of the compressive stress-stain properties. For a compression force F, deforming
the fiber cross-section as shown in Figure 5, its corresponding diameter change, U, can be
calculated based on the following equations:

4F R
U =

π (S11 - ν13 
2s33) (0.19 + sin h -1

b
) (1)

where

4F
B2 =

π (S11 - ν13 
2s33) (2)

R = fiber in undeformed state;
S11 = 1/ET
S22 = 1/EL
ET = transverse modulus
EL = longitudinal modulus
F = compression force/unit length of fiber

For polymers  with highly oriented molecular-chain such as spider silk it is approximated that
S33 << S11 and ν13 is small; therefore, Equation (1) may be reduced to

4F 1 R
U =

π ET
(0.19 + sin h -1

b
) (3)

4F
B2 = π ET

(4)

Figure 5:  Diametrical compression of single fiber

The predictive accuracy of equation (3) have been verified using the Finite Element Method
[3]. The FEM analysis also provides the stress distribution within the fiber cross-section.  In
the central area of the cross section, the maximum principal stress is:
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σa = 
F

2R (5)

and the maximum stress occurs in the area nearest the point of contact, approximated by

σm � 2σa (6)

The compression force, F,  is obtained by a moving electromagnetic coil acting against a
strong fixed permanent magnet, which permits precise control of the compression rod.

The resolution of the displacement measurement is 0.05 µm.  The influence of the stiffness of
the rod, etc. on the measured curve has been confirmed as negligible.  Although U can be
measured to a high degree of accuracy, the initial region of the F-U curve has some
uncertainty, which causes a degree of uncertainty in the measurement of U values.  In order to
eliminate the effect of this uncertainty on ET, the use of the slope of the F-U curve was

applied as follows: From Equations 3 and 4, U is expressed only as a function of ET for a

fixed value F.  For fixed F1 and F2,

U1 = f (ET)|F = F1 (7)

U2 = f (ET)|F = F2 (8)

where F1 and F2 are taken after passing the initial region to obtain the corresponding U1 and

U2, respectively, as well as the slope of the curve between F1 and F2.  The following relation

may then be derived:
∆U = g(ET) (9)

or
ET = g-1 (∆U) (10)

where ∆U = U2 - U1 and g(ET) = f (ET)|F = F2 - f (ET)|F = F1

The silk fibers were subjected to transverse cyclic loading at a compressive speed of 0.3
µm/sec. under ambient and wet conditions, The compressive modulus of the fiber tested in
ambient condition was 0.58 GPa. and the fiber experienced a high degree of permanent
deformation ( ~20%). As shown in Figure 6. similar to the tensile behavior, a drastic
reduction in compressive modulus was also observed when the test was performed under wet
testing conditions.
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Figure 6:  Compressive stress-strain behavior of spider silk

TORSIONAL PROPERTIES

As shown in Figure 7, a single fiber having both ends reinforced by a paper backing using
ceramic adhesives is hung on a top hook connected to a highly sensitive torque detector
supported by two torque wires made of 0.2 mm piano wire.  The bottom end is connected to a
bar, and both ends of the bar are inserted into slits of a servo-driven cylindrical tube.  The full
scale of the torque meter is 0.0025 gf-cm/10 volt.

The specimens were tested in both ambient and wet conditions with a gage length of 1.33 mm
at a torsion speed of 0.3π rad/sec. Because of the low level of torsional load, great care must
be taken to contain the mechanical noise. Figure 8 shows the smoothed out torsional stress-
strain curves illustrating the effect of moisture on the shear rigidity of the fibers. In both
cases, a significant hysteresis was observed. A shear modulus of 3.58 GPa was determined for
the silk tested in ambient condition. On the other hand, under wet condition, the silk fiber has
low resistance to deform after overcoming the frictional moment. This appears to be
consistent with the tensile deformation mechanism of the helical molecular structure.
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Figure 7:  Torsion tester for single fiber

Figure 8:  Torsional stress-strain behavior of spider silk
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CONCLUSIONS

Spider silk is an excellent model for the development of strong and tough materials. With a
highly anisotropic mechanical behavior, the sensitivity of the initial modulus and elongation
but not ultimate strength to moisture indicated an interesting molecular composite structure
composed of well ordered fibrillar structures oriented in a primitive helical structure.

An ultra sensitive fiber testing system has been introduced and its capability  demonstrated
with the ultra-fine spider silk. This provides a useful tool in determining the engineering
properties of single fibers as shown in Table 1.

Table 1:  Engineering properties of spider silk

Tensile Modulus:
EL (GPa)

Transverse Compressive
Modulus: ET (GPa)

Shear Modulus
G (GPa)

12.71
(25.6%)*

0.579
(41.3%)*

3.58
(19.7%)*

       * Coefficient of Variation
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SUMMARY:  Natural-fibre-mat-reinforced thermoplastic (NMT) composites based on flax
fibre mats and a Polypropylene (PP) matrix were manufactured using (i) a film-stacking
method and (ii) a paper making process. The influence of fibre length and fibre content on
stiffness and strength is reported and compared with data for glass-mat-reinforced
thermoplastic (GMT) composites, including the influence of using maleic-anhydride grafted
PP. The data is also compared with existing micromechanical models like Kelly-Tyson and
Cox-Krenchel for strength and stiffness, respectively. A good agreement was found between
theory and experiment in case of stiffness while in case of strength the experimental values
fall well below the theoretical predictions. Results indicated that NMTs are of interest for
low-cost engineering applications and can compete with commercial GMTs, especially when
a high stiffness per unit weight is desirable. Results also indicated that the key area for future
development lies not only in improved adhesion but mainly in improving the fibre strength.

KEYWORDS:  natural fibre, thermoplastic, composites, mechanical properties,
manufacturing

                                                            INTRODUCTION

In the last decade, research activities in the area of thermoplastic composites have shifted
towards the development of 'cost-performance' engineering materials. Especially, glass-mat-
reinforced thermoplastic (GMT) materials [1], being stampable sheet products based on
commodity resins such as polypropylene (PP) and moderate loadings of relatively long glass
fibres in random array have proven to be very successful in high volume markets such as the
automotive industry. Because of their excellent price-performance ratio, E-glass fibres are by
far the most important fibres for these type of composites. However, these fibres do have
some disadvantages regarding (thermal) recycling issues and abrasive wear of processing
equipment. Moreover, glass fibres are non-renewable and can cause skin irritations during
processing and assembly of fibre-reinforced parts.

Nowadays, ecological concern has resulted in a renewed interest in natural materials and
issues such as recyclability and environmental safety are becoming increasingly important for
the introduction of new materials and products. An interesting alternative for the use of glass
fibres as reinforcement in engineering materials are natural fibres based on lignocellulose
such as flax, sisal and jute [2]. These vegetable fibres are renewable, nonabrasive, can be
thermally recycled, and show less concern with safety and health. In addition, they exhibit
excellent mechanical properties, especially when their low density and price in comparison to
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E-glass fibres is taken into account. Although these fibres are abundantly available, especially
in developing countries such as Bangladesh and India, the applications are still rather
conventional, i.e. ropes, matting, carpet backing and packaging materials. Moreover, in the
last few decades the uses of natural fibres for these type of applications has been declined due
to the introduction of synthetic fibres, such as nylon and polypropylene. Hence, also in the
economic interests of developing countries, there is an urgent need for new application areas
for these natural fibres.

The first natural-fibre-reinforced composites were based on thermoset matrices, such as
unsaturated polyester or phenolic resins, together with sisal and jute [3,4]. More recently,
developments shifted to thermoplastic matrix composites [5-7]. This research focuses on the
development of natural-fibre-mat-reinforced thermoplastic (NMT) composites, being GMT-
like materials based on natural fibres [8]. In this development study flax fibres are used as
reinforcements, mainly because of their excellent mechanical properties when compared with
other natural fibres and also because of availability in different forms in Western-Europe. PP
is used for a number of reasons. First, it is easy to process and one of the cheapest polymers
on the market. Secondly, it has a low processing temperature, which is essential because of
the relatively low thermal stability of natural fibres (200-250°C). Finally, it has the perfect
ability to protect the hydrophilic natural fibre because of its strong hydrophobic and apolar
character. A clear disadvantage of this apolar character for composite applications is its
limited wettability as well as poor interfacial bonding with reinforcing fibres. This
disadvantage can, however, be overcome by functionalization of the polymer, which has
proven to be very effective in enhancing fibre/matrix adhesion in composite systems based on
polyolefins [9,10]. For the optimisation of the mechanical performance of the flax/PP
composites it is expected that both flax content and the flax fibre length should be as high as
possible. However, high fibre volume fractions and large fibre lengths will limit the
processability of such composites. Therefore, a balance between mechanical performance and
processability should be found.

In this research the influence of fibre length and volume fraction is investigated on random
flax-mat-reinforced PP composites, which were manufactured using the film-stacking method
and the suspension impregnation method, respectively. The latter method allows for a
systematic variation of the fibre length, since no fibre break-up occurs during processing. The
use of conventional melt-processing methods for the production of short fibre reinforced
compounds such as extruders will degrade the fibre length and are therefore not suitable for
such a systematic study. In addition, the influence of maleic-anhydride PP (MA-PP) on the
mechanical performance of flax/PP composites was also studied. Flax fibres, as well as glass
fibres, contain functional OH-groups that are able to interact chemically with the maleic
anhydride grafted polypropylene. From this an improved interfacial bond strength between
the flax fibre and the modified PP is expected.  In order to get a better insight in the
importance of all these different parameters, the experimental results were compared with
model predictions using micromechanical models for random short-fibre-reinforced
composites [11-15].
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EXPERIMENTAL

Materials

In this study random flax fibre mats of Eco Fibre Products B.V. (The Netherlands) in
combination with an isotactic-polypropylene (PP) matrix of Shell (XY6500T) with a melt
flow index of 35 were used. In order to study the effect of improved fibre/matrix adhesion on
composite performance, 5 wt.% of a maleic-anhydride-modified polypropylene (MA-PP)
(Polybond 3002, BP Chemicals Ltd.) was added to the homopolymer. NMT composite
plates with different fibre contents were manufactured using the film-stacking method. In this
film-stacking method, pre-dried flax fibre mats and PP film were stacked alternately. PP as
well as films based on a blend of PP and MA-PP were made using film-blowing equipment.
Impregnation was achieved by applying heat and pressure in a hot-press (200°C, 25 bar for 15
min.). The obtained composite plate was cut into tensile specimens according to ASTM-D
638 specifications. The Young’s modulus of the PP matrix was approximately 1.6 GPa and
the yield stress was about 32 MPa. Random MA-PP/flax composites were manufactured in a
similar way. The modification of PP with a commercially available MA-PP (Polybond 3002,
BP Chemicals Ltd.) was performed in a twin-screw extruder (Werner & Pfliederer ZSK25).

For the suspension impregnation process a dispersion of flax fibres and PP-fibres (Young’s
modulus = 1.6 GPa and yield stress = 29 MPa) was made in an ethanol/water (1:1) mixture. In
separate production runs, three different flax fibre lengths were used (3, 6 and 25 mm).
Significantly differing fibre lengths were removed before use. After drying of the materials at
room temperature for 24 hours and at 60°C for one hour, this lofted mixture of flax fibres and
PP fibres was consolidated in a hot-press. For the suspension impregnation process random
flax/MA-PP composites were made by treating the fibres with MA-PP (Hostaprime® HC5,
Hoechst). Degreasing of the flax fibres was executed via extraction of the flax fibres with an
ethanol/toluene (2:1) mixture, refluxed for three hours. The extraction fluid was replaced by a
new, fresh fluid after which it was refluxed for one hour. The fibres were subsequently
washed for approximately 30 minutes with cold ethanol, followed by 6 litres of cold water
over a büchner-funnel. The extracted fibres were dried at 60°C in an oven with circulating air
for 24 hours. Afterwards they were immersed in a solution of MA-PP copolymer in hot
toluene (100°C) for 10 minutes. The concentration of copolymer in solution was
approximately 2 wt.% on the fibres. After treatment, the fibres were extracted with toluene for
one and a half hour to remove all components not chemically bonded to the flax fibres.
Finally, the fibres were dried at 60°C for 24 hours. These treated flax fibres were used in the
suspension impregnation process, yielding a composite plate using the compression moulding
method described above.

Test methods

Uniaxial tensile tests on random flax mat composites were performed on a Frank tensile
machine, type 81565, according to ASTM standards (D638M). The specimens were cut in a
dog-bone shape with dimensions 200mm x 20mm x 1.8mm. An extensometer was used to
monitor the elongation of the tested specimen. The uniaxial tests on random flax/PP
composites, made by the paper making process, were performed on a Zwick tensile testing
machine, type Z010. The specimens were rectangular cross-sections having dimensions of
100mm x 20mm x 2mm. Again, an extensometer was used to monitor the elongation of the
tested specimen.
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RESULTS AND DISCUSSION

Influence of fibre length

Composite stiffness

The results of the tensile tests on the manufactured flax-fibre-reinforced composites, with
varying fibre lengths, are given in Figure 1 and 2. Figure 1 shows the Young’s modulus for
the systems based on PP and MA-PP together with the Cox-Krenchel model predictions. Cox
[11] introduced a fibre length efficiency factor into the ‘rule-of-mixtures’ equation for the
composite stiffness Ec, to account for the ‘ineffective’ loading of fibres over their stress
transfer length. Since the fibre is only partly utilised in the case of a short fibre composite,
these effects have to be taken into account when modelling the mechanical performance of
such composites. The expression used by Cox yields:

E V E 1 V Ec LE f f f m= + −η ( )  (1)

In the case of stiffness related problems Cox’s ‘shear lag’ model is used for the calculation of
the fibre efficiency factor ηLE  [16-21] the assumption of elastic fibres in an elastic matrix,
leading to:

η β
βLE [1

tanh(   L / 2)

  L / 2
]= −   (2)

where β 
2

D
[

2G

E ln(R / r)
]m

f

1/2=  (3)

The R/r factor can be related to the fibre volume fraction Vf  by:

ln(R / r) ln(  /  V )i f= π χ  (4)

so that  Equation 3  can be rewritten as

β
π χ
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E ln( / V  )
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f i f

1/2=  (5)

where ci
 depends on the geometrical packing arrangement of the fibres, r is the fibre radius

and R is related to the mean spacing of the fibres. In this study a square packed fibre
arrangement is assumed, following Thomason et. al [20], where similar equations were used
for the modelling of glass/PP composites. The inter-fibre spacing in the composite is 2R and
ci  equals 4. Besides the ineffective fibre length, another reason why the fibre can only be

partially utilised is the fibre orientation. In order to take this into account, the theory of Cox
was extended by Krenchel [12], who took fibre orientation into account by adding a fibre
orientation factor ηo into the ‘rule-of-mixtures’ equation.

E V E (1 V )Ec o LE f f f m= + −η η  (6)
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The Krenchel orientation factor ηo allows for the introduction of a fibre orientation
distribution. If transverse deformations are neglected, ηo  is given by:

η φo a cos= ∑ n
4

n
n

  (7)

where an is the fraction of fibres with orientation angle φn with respect to the reference axis.
For a two-dimensional (in-plane) random orientation of the fibres it can be shown that
ηo = 3/8. In a three-dimensional random fibre orientation the fibre orientation factor yields the
value of 1/5. For thin section laminates with fibre lengths greater than the thickness of the
sample, fibres are expected to be oriented mainly in two directions. However, deviations are
expected to occur due to out-of-plane oriented fibres or bend fibres. In the model a modulus
of 45 GPa for the flax fibre and a modulus of 1.6 GPa for the PP matrix is used. An effective
fibre length of 25 mm for the random flax mat material, together with a distribution function
for the fibre diameter is used. A rather good agreement is found between the model
predictions and experimental data. No effect of improved adhesion on the modulus of flax/PP
composites is observed indicating good wetting of the fibres. Only the data for a fibre length
of 3 mm shows a somewhat increased composite stiffness with the use of MA-PP.
Presumably, the higher interfacial bond strength in case of flax/MA-PP leads to a slight
decrease of the critical fibre length (from ~3.5 mm to ~2.5 mm) and consequently a small
improvement in composite stiffness might occur. At fibre lengths of 6 and 25 mm this
improvement is not observed since in both cases the fibre length is well above the critical
fibre length. No fibre length dependence is observed for the developed flax/MA-PP as the
fibre lengths are higher than critical lengths thus showing the curve in the plateau zone.

Fig. 1: Tensile modulus of the flax/PP composites (o) and the flax/MA-PP composites (••)
as a function of the flax fibre length. The dashed line represents the Cox-Krenchel

prediction

Composite  strength

In Figure 2 both the results of the tensile strength measurements as well as the model
predictions for flax/PP and flax/MA-PP, as a function of the fibre length, are plotted. In the
case of tensile strength modelling of discontinuous fibre composites, Kelly and Tyson [14]
extended the ‘rule-of-mixtures’ equation for composite strength in a way similar to Cox’s
‘rule-of-mixtures’ for composite stiffness:
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   (1 )  f f f mσ η η σ σuc O LS V V= + −  (8)

where ηLS is the fibre length efficiency factor and ηo is the fibre orientation factor, similar to
the Cox-Krenchel model, in order to take off-axis fibre orientation into account. For the fibre
length efficiency factor, Kelly and Tyson used [14] :
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f
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j
c

j

 (9)                  

The first summation term in Equation 9 accounts for the contribution of all fibres of sub-
critical length (L<Lc). The second summation term incorporates the strength contribution
from fibres whose lengths are super-critical (L>Lc). A combination of Equation  8 and 9
results in the Kelly-Tyson model [14,15] for the prediction of the strength (σ uc ) of a polymer

composite reinforced with short off-axis fibres:
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In the case of stiffness, the related Cox-Krenchel model, including a theoretical orientation
parameter for in-plane random fibre orientations (ηo = 3/8), can be used quite effectively for
the prediction of the stiffness of random fibre composites. However, previous studies have
shown that the Kelly-Tyson model for strength yields far too high values for the strength of
random fibre composites. In general this discrepancy is accounted for by adopting the fibre
orientation efficiency parameter ηo  and as a result no unambiguous value for ηo is found in
the literature for the prediction of random composite strength. In this paper we used a value of
0.2 for the fibre orientation efficiency parameter ηo of our random flax/PP composites. This
value, having no physical meaning, was reported by Thomason et al. [20] and was obtained
by fitting ηo to the experimental strength data of a similar type of composite based on
glass/PP. Moreover, a fibre strength of 750 MPa is used together with an interfacial bond
strength (τ ) of 10 MPa for flax/PP and 16 MPa for flax/MA-PP. The interfacial shear
strength value of 16 MPa  for the flax/MA-PP system is taken similar to the shear yield stress
of the pure PP matrix as calculated from the Von Mises yield criterion (29/√3 MPa), which
means that for this composite system perfect adhesion, or a matrix dominated rather than
interface dominated shear failure mode, is assumed.  First of all, when looking at Figure 2, it
becomes clear that the experimental results at high fibre lengths (6 and 25 mm) of the flax/PP
as well as the flax/MA-PP composites are significantly lower than the Kelly-Tyson
predictions for tensile strength. With respect to the effect of improved interfacial bonding the
model predicts only a small increase in strength in the case of improved adhesion. Similar to
the stiffness there appears to be no significant influence of the flax fibre length on the
measured composite strength. Only the experimental results of the 3 mm flax/(MA-)PP
composites are more or less comparable with the model prediction. Due to the easier way of
mixing and consequently better impregnation, the composite with 3 mm long fibres is of a
higher quality in comparison to the 6 and 25 mm ones. Moreover, during the chopping of the
fibres into the desired length the weak internal interaction between the elementary fibres
results in extensive fibrillation of the fibres and a decrease of the flax fibre diameter and
consequently, an increase in fibre aspect ratio. As a result, the stress transfer becomes more
effective, yielding a composite with relatively better properties.
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Fig. 2: Tensile strength of the flax/PP composites (ο) and the flax/MA-PP composites (•) as a
function of the flax fibre length. The dotted line and the dashed line represent the Kelly-Tyson

prediction for the flax/PP and the flax/MA-PP composites, respectively
    

Influence of fibre volume fraction

Composite stiffness

Figure 3 shows the tensile modulus of the flax/(MA-)PP composites together with the Cox-
Krenchel prediction and the commercially known glass-mat-reinforced thermoplastic (GMT)
materials, as a function of fibre volume fraction. Based on the data obtained, it can be
concluded that the stiffness of flax-fibre-reinforced PP is comparable to E-glass fibre
composites. Especially, when the relatively low density of the flax fibre is taken into account,
the stiffness per unit weight approaches or even surpasses that of GMT materials. Moreover,
as a result of the relatively low price of flax fibres compared to E-glass fibres these materials
are particularly of interest from a cost-performance point of view. From this it can be
concluded that flax/PP composites can compete with glass fibre based GMT materials in
stiffness critical applications.

Fig. 3:    Tensile modulus of the flax/PP composites (ο) and the flax/MA-PP composites (••)
as a function of Vf. The dashed line represents the Cox-Krenchel prediction
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A rather good agreement is found between the experimental data and the predictions using the
Cox-Krenchel model. In the model a modulus of 45 GPa for the flax fibre and a modulus of
1.6 GPa for the PP matrix is used, together with an effective fibre length of 25 mm for the
random flax mat material and a distribution function for the fibre diameter.

Composite tensile strength

Figure 4 shows the tensile strength of the manufactured flax/PP and flax/MA-PP composites,
together with the Kelly-Tyson predictions for flax/PP and flax/MA-PP as well as the
commercially glass fibre based GMT materials, as a function of the fibre volume fraction. In
the model the same material parameters are used as in the Cox-Krenchel model for
the prediction of composite stiffness. Again, a fibre strength of 750 MPa is used. These
micromechanical calculations also indicate that the difference in interfacial bond strength in
the case of flax/PP (τ  = 10 MPa) and flax/MA-PP (τ  = 16 MPa) has no significant influence
on the predicted composite strength (see Figure 4).

Fibre volume fraction [-]

Fig. 4: Tensile strength of the flax/PP composites (ο) and the flax/MA-PP composites (••)
as a function of Vf. The dotted line and the dashed line represents the Kelly-Tyson predictions

for flax/PP and flax/MA-PP composites, respectively. The solid line represents the
commercially available GMT

Clearly, GMT materials show superior strengths compared to flax-fibre-reinforced PP
composites for all volume fractions. With respect to the effect of improved interfacial bonding
in the case of flax/MA-PP composites no significant difference in tensile strength was found.
Moreover, based on micromechanical calculations no significant improvements can be
expected since already an ‘upper limit’ matrix dominated shear strength value is used for the
calculation of the theoretical strength of flax/MA-PP. Obviously, the strength of the flax
based composites is intrinsically limited by the relatively low strength of the technical flax
fibres (~750 MPa). Therefore the present study shows that the key area for the improvement
of the tensile strength of the flax/PP composites lies not only in the interphase modifications
for improved adhesion but mainly in fibre modifications for improved fibre strength.
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                                                      CONCLUSIONS

For the production of flax/PP random composites two production methods similar to the
commercially known methods for glass/PP composites were used. First, the so-called film-
stacking method based on flax non-woven fibre mats and secondly, a suspension
impregnation process using chopped short flax fibres were used. Material parameters that
were studied for the optimisation of the mechanical performance of such composites were (i)
fibre volume fraction, (ii) fibre length and (iii) fibre matrix adhesion. In order to get a better
insight in the importance of these different parameters for the optimisation of composites, the
experimental results were compared with model predictions using micromechanical models
for random short-fibre-reinforced composites. As expected, there is a significant effect of
fibre volume fraction on mechanical properties, whereas, no real experimental evidence for
the anticipated increase in mechanical performance with increasing fibre length was found.

Based on the experimental results it can be concluded that the tensile modulus of the flax-
fibre-reinforced composites is comparable to E-glass-fibre-reinforced composites. Especially,
when focusing on the specific properties as a result of the low density of flax, the stiffness per
unit weight of flax-fibre-reinforced composites approaches that of glass-fibre-reinforced
materials. Moreover, as a result of the relatively low price of flax fibre compared to E-glass
fibres these materials might be of interest from a 'cost-performance' point of view. However,
due to the relatively low tensile strength of flax fibres compared to E-glass fibres, the tensile
strength of technical flax-fibre-reinforced composites is significantly lower than that of their
glass fibre counterparts. In short, it can be concluded that thermoplastic NMT composites
based on a PP matrix and flax fibres can compete with E-glass reinforced GMT materials in
stiffness critical structures, whereas for strength critical applications these materials still need
to be optimised.

ACKNOWLEDGEMENT

The authors would like to acknowledge Dr. G. Pott of CERES Fibres BV for providing the
flax fibre mats used in the present study.

REFERENCES

1. Berglund, L.A. and Ericson, M.L. in: Polypropylene: Structure, blends and composites,
Vol. 3, Ed. J. Karger-Kocsis, Chapman & Hall, London (1995) 202.

2. Morton, W.E. and Hearle, J.W.S., Physical Properties of Textile Fibres, 2nd ed., John
Wiley & Sons, Inc., New York (1975).

3. Satyanarayana, K.G. et al. in: Composite Structures, Vol. 1, Ed. I.H. Marshall, Elsevier
Appl. Sci.., London (1981) 618.

4. Chawla, K.K. and Bastos, A.C. in: Proc. 3rd. Int. Conf. Mech. Behaviour of Materials,
Vol. 3, Pergamon Press, Toronto (1979) 191.

5. Kuruvila, J., Thomas, S., Pavithran, C. and Brahmakumar, M., J. Appl. Polymer Sci.,
47, (1993) 1731.



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 803

6. Selzer, R., Advanced Composite Letters, 4(3), (1995) 87.

7. Sanadi, A.R., Caulfield, D.F., Jacobson, R.E. amd Rowell, R.M., Ind. Eng. Chem. Res.,
34 (1995) 1889.

8. Heijenrath, R., Peijs, T., Advanced Composite Letters, 5 (3) 1996.

9. Rijsdijk,  H.A.,  Contant, M. and Peijs, A.A.J.M., Composites Science & Technology,
48, (1993) 161.

10. Felix, J., Ph.D Thesis, “Enhancing Interactions Between Cellulose Fibres and Synthetic
Polymers”, Chalmers University of Technology, Goteborg, Sweden 1993.

11. Cox, H.L., Brit. J. Appl. Phys., 3 (1952) 72.

12. Krenchel, H. in: Fibre reinforcement, Akademisk Forlag, Copenhagen, 1964.

13. Folkes, M.J. in: Short fibre reinforced thermoplastics, Research Studies Press,
Chichester, (1985) 16.

14. Kelly, A. and Tyson, W.R., J. Mech. Phys. Solids, 13 (1965) 329.

15. Kelly, A. and Macmillan, N.H. in: Strong Solids, Clarendon Press, Oxford (1986) 269.

16. Ericson, M. and Berglund, L., Composite  Science Technology, 43 (1992) 269.

17. Ericson, M. and Berglund, L., Composite Science and Technology, 49 (1993) 121.

18. Thomason, J.L. and Vlug, M.A., Composites, Part A, 27A (1996) 477.

19. Rosenthal, J., Polymer Composites, 13 (1992) 462.

20. Thomason, J.L.,Vlug, M.A., Schipper, G., Krikor, H.G.L.T, Composites, Part A, 27,
(1996) 1075.

21. Pan, N., Polymer Composites, 14 (1993) 85.



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 804

MECHANICAL PROPERTIES OF WOVEN FABRIC
CARBON/MAGNESIUM-COMPOSITES

O.Öttinger, W.Schäff, C.Hausmann, T.Heyne and R.F.Singer

Department of Materials Science
University of Erlangen

Martensstr.5, D-91058 Erlangen, Germany

SUMMARY:  The mechanical behaviour of a woven fabric carbon/magnesium-composite
which is manufactured by a gas pressure infiltration technique is the subject of this research
work. Apart from the investigation of the influence of the fibre volume content (50-70 vol.-%)
on the bending strength, all other mechanical testing (bending, tensile and compression test) is
carried out by using composites with a constant fibre volume fraction of about 60 vol.-%. The
main points of the mechanical characterisations are the orientation and temperature
dependence, as well as the thermal long term stability of the 0/90° woven fabric C/Mg-
composites. The investigated two-dimensionally reinforced magnesium composites show a
typical orthotropic mechanical behaviour. The 0/90° strength is temperature independent up to
300°C. Moreover, the outstanding mechanical properties stay unchanged even after a long
thermal exposure (200°C; 1000h).

KEYWORDS:  Woven fabric composite, carbon magnesium composite, MMC, mechanical
properties, thermal stability, orientation influence, temperature influence.

INTRODUCTION

Continuously reinforced metal matrix composites have received significant attention in the
last few years. Compared to conventional engineering materials they offer high specific
stiffness and strength, tailored thermal expansion and conductivity. Especially the low density
(1.8 g/cm³), as well as the remarkable in-axis tensile, fatigue strength and stiffness make
unidirectionally carbon fibre reinforced magnesium (C/Mg) extremely attractive for advanced
aerospace and automotive applications [1-5]. However, C/Mg-composites have particularly
poor off-axis properties [4,6]. Fibre coatings and adapted fibre/alloy systems are able to
reduce the anisotropic behaviour of the composites slightly [6-8]. A much more effective way
to surmount this specific weakness, which is pursued in the present paper, is to use two-
dimensional (2D-) woven fabrics. The results reported in this paper are part of a more
comprehensive study with different C/Mg-systems [9].

EXPERIMENTAL

Materials

The specific subject of this research work is the AM20/T300J-composite system, which is
manufactured by a gas pressure melt infiltration technique [9, 10].
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A magnesium matrix with 2 wt.-% aluminium (AM20: 2 wt.-% Al, 0.6 wt.-% Mn, balance
Mg [11]) was chosen because of the comparatively moderate fibre/matrix-reaction (Al4C3)
resulting in an optimised interfacial strength [8, 12]. The commercial 2D satin 1/4 woven
fabrics are made of the high-tenacity carbon fibre T300J produced by Toray. The woven
fabric shows 7 filaments per cm in warp and fill direction and weigh 285 g/m². The fibre
preforms were manufactured without binder by stacking several woven fabric sheets
(typically 180x80 mm²) in the infiltration form. Depending on the desired fibre volume
fraction a certain amount of woven fabric layers, which can be calculated by Eqn.1, was used.

V
d N N x

hF
L F=

2

2
100%

π
  (1)

with: VF: Fibre volume fraction
d: Fibre diameter (here: d=7.1µm)
NL: Amount of woven fabric layers
NF: Fibres per filament (here: NF=3000)
x: Filaments per cm
h: Thickness of the composite plate

Mechanical testing

The mechanical characterisation including bending, tensile and compression tests was
performed with an 100kN Instron 4505 machine.

The bending strength specimens had the dimensions of 100x10x2 mm³ and were tested
corresponding the German standard DIN 29971. According to this test method the influence
of the following factors on the bending strength were examined:

- Fibre volume fraction
- Orientation of the fibres
- Temperature in the range of room temperature to 400°C
- Isothermal exposure at 200°C and a duration of 1h to 1000h

The composite 0/90° tensile strength was determined by using flat specimens with a total
length of 175 mm. The gage length was 50 mm with a cross section of 8x2 mm². The ±45°
tensile samples had no gage length and a dimension of 100x10x2 mm³. All tensile tests were
performed at a crosshead speed of 0.5 mm/min.

The compression strength was measured according to the German standard DIN 50106 for
unreinforced metals. The cylindrical specimens had a diameter of 6 mm and height of 9 mm.
For comparison the Celanese compression test method [13] with flat specimens of 112 mm in
length and a cross section of 6.3x2 mm² were used. For both methods the crosshead speed was
0.5 mm/min.
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RESULTS AND DISCUSSION

Influence of the fibre volume content on the bending strength of 2D-AM20/T300J

The influence of the fibre volume fraction on the bending strength and stiffness can be seen in
Fig. 1.

50
0

200

400

600

800

B
en

di
ng

 s
tr

en
gt

h 
 (

M
P

a)
700

500

300

100

55 60 65 70

Fibre content (vol.-%)

50

70

90

110

130

150

AM20/T300J
(0/90°)

B
en

di
ng

 s
tif

fn
es

s 
 (

G
P

a)

Bending strength σbB

Bending stiffness Eb

Figure 1: Influence of the fibre content on the 0/90°-bending strength and stiffness of 2D-
AM20/T300J composites

According to the Rule of Mixture both the 0/90°-bending strength and stiffness show
approximately a linear dependence of the fibre volume content in the range of 50-70 vol.-%.
Large variations of the bending strength with about 70 vol.-% can be observed. However
stable mechanical properties are obtained at volume fractures below 60 vol.-%. Therefore all
further mechanical composite testing are carried out with a constant moderate fibre volume
fraction of about 57 vol.-%.

Orientation dependence on mechanical properties of 2D-woven fabric reinforced
magnesium

As seen in Fig. 2, the two-dimensionally reinforced magnesium composites show a typical
orthotropic mechanical behaviour which has been previously observed with other woven
fabric composites [14]. Both the tensile and the bending strength reach the highest values in
the 0° and 90°, respectively the fill and the warp direction. The total tensile strain at
composite fracture does not exceed 1%. In contrast to the 0/90° response, the woven fabric
reinforced composite show much lower strength in the ±45°direction. Bending and tensile
strength reach a minimum. The tensile strength is just slightly higher than the unreinforced
matrix AM20. The total fracture strain of the ±45° composite samples is about 5% and half as
big as the unreinforced matrix. The ±45° tensile test specimens show shear failure, i.e. the
crack surface is parallel to fibre orientation. The 0/90° tensile specimens fail normal to the
loading direction.

To analyse the orientation dependence of the compression strength of the 2D-AM20/T300J
two types of fibre orientations are tested: Load direction perpendicular (Fig. 3a) and parallel
(Fig. 3b) to the woven fabric layers.
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Figure 2: The orthotropic mechanical behaviour of 0/90°-reinforced AM20/T300J composites
(57 vol.-% fibre content) in comparison to isotropic tensile behaviour of the unreinforced

matrix AM20

Table 1: Influence of the fibre orientation on the compression strength of 2D-AM20/T300J
(57 vol.-% fibre content)

Fibre orientation (related to the
compression direction)

Compression strength
[MPa]

0/90° parallel 505 ± 84
perpendicular 583 ± 48
unreinforced 225 [7]

As Table 1 indicates, the compression strength of the composite is more than twice as high as
that of the unreinforced AM20, whereas the difference between loading the composite
perpendicular and the parallel to the fibre orientation is rather small. However, both fracture
modes can be clearly distinguished, as shown in Fig. 3.

Shear failure

Shear- and delamination failure

5mm

a)

b)

Figure 3: Influence of the fibre orientation on the fracture mode of the compression
specimens. The white arrows are pointing out the shear and delamination cracks
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With an orientation of the woven fabric laminates perpendicular to the compression direction
only shear failure in the plane of the maximum shear stress can be seen (Fig. 3a). The
compression specimen loaded parallel to the fibre direction demonstrates a different
behaviour (Fig. 3b): Beside the shear-cracks additional delamination cracks parallel to the
woven fabric layers occur. This is the reason why the attained compression strength is
somewhat smaller. Compared to these results the Celanese compression test method of the
0/90°-bending strength parallel to the laminates showed without exception a slightly higher
strength of about 580 MPa instead of 505 MPa.

Mechanical properties at elevated temperatures and after thermal exposure

Fig. 4 illustrates the temperature influence on the mechanical behaviour of 0/90°-reinforced
AM20/T300J in comparison to unreinforced AM20.
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Figure 4: The influence of the temperature on the mechanical behaviour of 0/90°-reinforced
AM20/T300J

Regarding the low fibre volume content of only half of 57 vol.-% in loading direction
outstanding bending and tensile strength can be achieved even at elevated temperatures. In
contrast to unreinforced AM20, which tensile strength decreases distinctly with increasing
temperatures, the composite strength is constant up to 300°C. Only at higher temperatures
(e.g. 400°C) the strength declines and the composite strength will not be longer determined by
the fibre/matrix interface strength but by the very low matrix strength itself [9].

In contrast to many other magnesium matrix composites with e.g. alumina short-fibres [15]
the excellent 2D-AM20/T300J-composite strength still exist even after long thermal exposure,
as one can see in Fig 5.

Compared to the as-cast specimens neither the bending strength nor the bending stiffness is
reduced. The main reason for this excellent thermal stability is that carbon and magnesium is
thermodynamical inert (the Gibb´s enthalpy values ∆G0 for the formation of magnesium
carbides MgC2 and Mg2C3 are positive from casting to room temperature) [16] and that the
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moderate reaction between the alloying element aluminium and the carbon fibre is completed
during the composite processing.
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Figure 5: The influence of the thermal exposure duration at 200°C on the bending strength
and stiffness of woven fabric reinforced AM20/T300J

Comparison of the temperature influence on the composite strength of different woven
fabric reinforced composite

Fig. 6 gives a comparison of the temperature influence on the bending strength of different
woven fabric reinforced composites. All composites are reinforced with woven fabric made of
high tenacity carbon fibres with similar fibre strength. The fibre volume content of all
composites is approximately 60 vol.-%.
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Figure 6: Comparison of the temperature influence on the bending strength of different woven
fabric reinforced composites [17, 18]

At low temperatures (up to 100°C) the C/EP-system (carbon fibre reinforced epoxy) shows
the highest bending strength whereas these properties get quickly lost at elevated temperatures
[17]. In contrast, the strength of C/C composites (carbon fibre reinforced carbon) is relatively
low at room temperature but increases slightly up to temperatures of 2000°C in an non-
oxidising atmosphere [18]. However, the woven fabric reinforced AM20/T300J shows
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medium strength at room temperature, but has superior properties in the temperature range of
180°C to 400°C. Therefore, the 2D-AM20/T300J-system is able to close the strength gap
between C/EP and C/C-composites and makes C/Mg-composites extremely attractive for the
internal combustion engine and other high temperature components. Some near-net-shape cast
prototypes of woven fabric reinforced AM20/T300J are shown in Fig.7:

Figure 7: Woven fabric reinforced AM20/T300J-prototypes manufactured at the university of
Erlangen

CONCLUSIONS

The results of the present investigation lead to the following conclusions:

1. Strength and stiffness of 0/90° AM20/T300J increase linearly with the fibre volume
fraction.

2. The 0/90°-reinforced AM20/T300J system shows an orthotropic mechanical behaviour.
The 0/90°-tensile strength is more than three times higher than unreinforced AM20. The
tensile strength with ±45° fibre orientation is only slightly higher than the unreinforced
matrix.

3. Bending and tensile strength of 0/90° reinforced AM20/T300J is constant up to 300°C.
The composite system shows an excellent thermal stability even after long thermal
exposure (200°C, 1000h).

4. Compared to other woven fabric reinforced composites (C/EP and C/C) the discussed
C/Mg-system has superior strength in the temperature range of 180°C to 400°C. Therefore
2D-AM20/T300J-system is an very promising material for high temperature composites
as required in internal combustion engines.
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MODELLING STRESS TRANSFER IN A WOOD
COMPOSITE

Rowan Paton

Department of Materials Engineering, Monash University, Clayton, Victoria, 3168, Australia

SUMMARY:  A model has been developed for the longitudinal elastic modulus of a new
structural wood composite, Scrimber. The model has been developed using a micromechanics
of composites approach, and is based on the Krenchel model. The morphology of Scrimber
has been studied in order to estimate the effects of strand discontinuity, strand misorientation,
strand damage during pressing, and wood densification during production of the composite.
The prediction of the model was within 2% of the measured modulus for a single batch of
Scrimber. Similar models should be very useful for other structural wood composites.

This paper concentrates on the effect of strand discontinuity on the modulus. The strand
discontinuity factor was estimated using a measured strand aspect ratio distribution, modified
by strand end shape criteria, and a form of the shear-lag theory of stress transfer.

KEYWORDS:  wood composites, modelling, stress transfer, modulus

INTRODUCTION

Wood composites are a class of materials which are formed by breaking down wood into
smaller wood elements which are then bonded together again in a different form. A class of
wood composites increasingly used for structural purposes are the "Artificial Lumber" or
"Composite Lumber" materials such as Parallel Strand Lumber and Laminated Veneer
Lumber, materials which have similar properties to wood itself. These have been developed to
meet the demand for timber-like products at a time when the supply of large old-growth trees,
which are the most suitable for sawn timber production, is steadily decreasing.

Despite the common use of the term wood composites to describe these materials, and the
strong links with the polymer composites industry provided by groups like the US Forest
Products Laboratory, the industry has tended to regard these materials as an exotic species of
timber, rather than studying these materials as composites, an engineered material. Although a
great deal of theory has developed to predict the properties of many composites, there appears
to have been little serious use of such theory to predict the properties of wood composites.

A new form of “composite lumber”, Scrimber, has been developed in Australia. Scrimber is
produced from strands produced by passing juvenile Radiata Pine logs through a series of
rolls. This splits the log in the grain direction, and produces batches of partially-connected
strands called increments. The width and thickness of these strands typically varies from 1 to
10 mm, and their length typically varies from 10 to 200x the width or thickness. These are
dried, coated with adhesive, and laid up into a preform. The preform is then consolidated
before being compressed and cured in a radio frequency heated press. The principal direction
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of the strands in the beam is close to parallel to the long direction of the Scrimber beam.
Scrimber has an obvious “grain” and “grain direction”.

Scrimber is in many ways similar to a unidirectional fibre composite. The basic starting point
for the prediction of the longitudinal modulus of such a composite is often the Rule of
Mixtures:

Ec = EfVf + EmVm (1)

where E is the modulus, V the volume fraction, and the subscripts "c", "f" and "m" refer to the
composite, fibres and matrix respectively. In the derivation of this equation it is assumed that
the fibres are continuous; that the fibres are perfectly aligned in the longitudinal direction; that
there is perfect bonding between fibre and matrix; and that the constituents are linearly elastic
for the stresses expected.

In Scrimber, as in many practical composites, the “fibres” are neither perfectly aligned nor
continuous. Krenchel (Theory 1) [1] was one of the first to predict the modulus of such
composites. He built on the Rule of Mixtures model, introducing two "fibre efficiency"
factors. These factors (here referred to as ηο, for fibre orientation, and ηst, for stress transfer)
allow for the effect of fibre orientation and fibre discontinuity on the composite modulus. His
equation has been rewritten using the more usual terminology introduced above:

Ec = ηoηstEfVf + EmVm                                                      (2)

This approach is now a standard method for predicting the modulus of short fibre composites,
and has been used in this work to model the modulus of Scrimber. Feedlog offcuts, an
increment of strands, and two cured beams from a single batch of Scrimber were collected
and tested in compression and shear, measured, and examined to provide data for the model.
Predictions of the model were then compared with measured Scrimber modulus. This paper is
primarily concerned with the estimation of the stress transfer factor ηst for the model.

PREVIOUS WORK

Where the wood elements, (in Scrimber these are referred to as strands) are discontinuous, the
stress and strain in these strands are not uniform, and it is necessary to characterise the stress
transfer into the strands to determine how this affects the modulus of the wood composite. No
useful work specifically concerning stress transfer between wood composite elements could
be located. However a good model for the transfer of stress between fibres in a short-fibre
composite, the "shear-lag" theory, which exists in many forms, was first presented by Cox [2].
His and other variants of the theory are reviewed in Holister and Thomas (Chapter 2) [3]. For
this theory it is assumed that: the fibre and matrix are elastic and isotropic; a perfect bond
exists between fibre and matrix; there is no load transfer through the ends of the fibre; and
fibre shear strain is negligible compared to matrix shear strain.

Consider a tensile load is applied in the fibre longitudinal direction to an idealised composite
consisting of aligned short cylindrical fibres, with length L and radius r, in an elastic matrix.
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The tensile strain in the composite as a whole, and in the matrix, is considered uniform1 and
called εc. The shear-lag theory holds that the shear stress on a fibre surface at a point near the
end of the fibre varies along the length of the fibre, being directly related to the difference
between the fibre tensile strain and the bulk composite tensile strain at each position along the
fibre. Cox showed that the tensile stress in the fibre, σx, varies along the length of the fibre, L,
as:

σx = Ef εc 1– 
cosh ω L

2
 – x

cosh ω L
2

ω = 2πGm

EfAf ln. s
r                                     (3)

Ef   = Fibre modulus in the x direction
Gm = Matrix shear modulus
Af   = Fibre cross-sectional area
s     = Mean separation of fibres normal to their length
r     = Fibre radius
εc    = Matrix strain in the x direction

Fig. 1: Stress profile in a short fibre according to the Cox shear-lag theory

The form of this stress distribution is shown in Figure 1. Cox also showed that the average
stress in a fibre is:

                                       

σav = Ef εc 1 – 
tanhωL

2
ωL
2                                               

(4)

If the effective modulus of the fibres in the x (longitudinal) direction, Eeff, is defined as:

Eeff = σav
εc

 
                                                                  (5)

then the short fibre stress transfer efficiency factor, ηst, can be defined as:

ηst = Eeff
Ef

 = σav
σmax

  = 1 – 
tanhωL

2
ωL
2  (6)

                                                
1 A reasonable approximation where the fibre ends of adjacent fibres are evenly distributed along the length of
the composite and the fibre cross–sectional area is small compared to the composite cross–sectional area.
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Since tanh ωL/2 ≈ 1 where ωL/2 > 3, it can be shown that  ηst is dependent on ωL. Space does
not permit here, but it can be shown also that ωL is related to the "fibre" aspect ratio, L/d,
where d is the fibre diameter.

While the shape of the stress transfer profile shown in Figure 1 may well represent the
situation in wood composite elements, these equations have been derived assuming a rigid,
circular fibre, not a good description of wood composite elements. Another form of the shear-
lag theory will now be examined.

For the purposes of investigating the stress transfer mechanism, a wood composite may be
thought of as similar to a laminate (like plywood or laminated veneer lumber) made up from
discontinuous bonded laminae. The geometry for stress transfer into a lamina in such a
laminate is exactly analogous to that for a double lap bonded joint. The pioneering work in
this area was done in 1938 by Volkerson, who presented a version of the shear-lag theory
suitable for bonded lap-shear joints which is still considered accurate for double-lap joints
where adherend bending is not a big factor.  This arrangement of the original theory by
Volkerson is from Adams and Peppiatt  [4]. Figure 2 shows the geometry.

Fig. 2: Geometry of lap joint for Equation 2.10

E and G are the elastic and shear moduli respectively, b is the lap joint width and P is the load
on the joint; the subscripts 1, 2, 3 refer to adherend 1, adherend 2, and the adhesive.
Volkerson showed that σ1x, the tensile stress on adherend 1, is:

σ1x = P
bδ1

 1 – ψ 1 – cosh αx  – 
 1 – ψ 1 – cosh αL  sinh αx

sinh αL  (7)

where:

α = 
G3 E1δ1 + E2δ2

E1E2δ1δ2δ3                         
ψ =  E2δ2

E1δ1 + E2δ2  (8)

The form of the stress profile described by Equation 7 is shown below in Figure 3.
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Fig. 3: Stress transfer profile in a lap joint

Volkerson's theory is based on the same assumptions as Cox's theory, although of course the
assumptions are expressed in terms of the adherends and the adhesive, rather than the fibre
and matrix. It can be demonstrated that the right-hand side of the two stress profiles is very
similar. The rate of stress build up in a fibre or ply depends on the value of ω or α (in
Equation 7 the value of ψ also has a very, very small effect), and for the conditions below
Equations 3 and 7 give indistinguishable results to three significant figures. This shows that
where stress transfer in a composite can be described by the Volkerson theory, the value of α
calculated using this theory could be substituted for ω in Equation 6 to predict ηst for the
composite.

L/2 � x � L     αL > 25     α = ω              

P 1 – ψ

bδ1

 = 2Efεc
              (9)

Three of the assumptions behind the Volkerson theory, namely that the adherend and adhesive
remain elastic, that a perfect bond exists between adherend and adhesive, and that there is no
load transfer through the ends of the adherend, may be valid for wood composites at low
strain. However the assumption that adherend shear strain is negligible compared to adhesive
shear strain is clearly invalid, as the shear moduli of wood and adhesive are similar, and the
wood element is normally much thicker than the adhesive. Adams and Peppiatt recognised
that this is so for many practical lap joints, and presented a modification of the Volkerson
theory which incorporates the effect of shear strains in the adherends. In their modified
theory,  Equation 8 is replaced by:

α = 
2G1G2G3 E1δ1+E2δ2

E1δ1E2δ2 δ1G2G3 + δ2G1G3 + 2δ3G1G2                                    (10)

This equation could be used to calculate the stress transfer profile for wood elements in a
wood composite, and thus could be used to estimate ηst for a wood composite using Equation
6, rewritten here in terms of α rather than ω:

ηst = 1 – 
tanhαL

2
αL
2                                                             (11)



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 818

If Equations 10 and 11 are used to estimate ηst for a wood composite, it must be remembered
that these equations assume no stress transfer through the ends or the sides of the adherends
(wood elements). This assumption will be examined later.

ASPECT RATIO OF SCRIMBER STRANDS

In most short fibre composites and many wood composites the fibre or wood element is an
easily identifiable unit with a simple and consistent geometry. The Scrimber strand is a more
complex entity, with a large variety of shapes and sizes. One of the first problems in
describing Scrimber strands is to decide where one strand ends and the next begins; an
increment can contain both independent strands and partially connected clumps. It has been
assumed here that the wood in a clump is likely to lie together in the Scrimber, and to transfer
stress as a unit. Therefore, for the purposes of stress transfer, a single strand was considered to
be any part of the increment which was completely separate from the rest; clumps of partially
connected pieces were considered to be a single strand. A representative strand is depicted in
Figure 4.

Fig. 4: Representative strand shape

The majority of strand ends were of the tapered type. Cracks were a feature of almost every
strand, especially the clumps. Many of these cracks may be penetrated by adhesive and
bonded during the pressing stage, but others are expected to persist in the cured composite.
The presence of unbonded cracks within a strand is expected to lower the rate of stress
transfer between strands, but no practical quantitative method of predicting the effect of this
on Scrimber modulus could be conceived. Blunt steps were found on only a small minority of
strands. Their effect would be the same as that of blunt-ended strands, discussed below, but
on a much smaller scale; it was not possible to quantify it.

For stress transfer, it is considered that the most important feature of the strand is whether or
not its end is bonded.  When a strand end is unbonded, there is no stress transfer through the
end, and shear-lag theory can be used to calculate ηst for that strand using the strand
dimensions. When a strand end is bonded, most of the stress is expected to be transferred
through the end. Adhesive bondlines in Scrimber are very thin, with a typical thickness of
0.1mm, and the adhesive modulus Ea is approximately half the strand modulus EL. Therefore,
where strand ends remain bonded,  there is no significant variation in the fibre stress near the
fibre end, and ηst  � 1. Since Scrimber made up from end-bonded strands should have the
same initial modulus as a hypothetical Scrimber made from continuous strands, for the
purpose of calculating ηst, end-bonded strands can be considered to have an effectively
infinite aspect ratio.

Whether or not a strand end in Scrimber is bonded appears to depend on its degree of taper.
During the pressing stage, if the strand has a sufficiently fine taper, adjacent strands are able
to deform around the strand end, and to remain in contact with it. This is depicted in Figure 5.
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Fig. 5: Effect of strand end shape on end bonding and stress transfer.

Observation of the shapes of voids found at strand ends in Scrimber suggests that, for adjacent
strands to be able to deform around the strand end and remain in contact with it, the strand
end included angle needs to be less than approximately 30°.

On this basis, the strands in the sample increment were classified according to their end
shapes and measured. The great majority of strands had at least one tapered end. Where the
strand-end included angle was more than 30°, the end was considered to be blunt, and thus
likely to be unbonded if incorporated into Scrimber. Approximately 25% of the strands by
weight had two tapered ends. These were assigned an "infinite" aspect ratio, and their total
weight fraction only was recorded.  For strands with two blunt ends width, thickness, length
and weight fraction were recorded. For strands with one blunt end only, the same dimensions
were recorded; however in this case an effective length of twice the actual length was
assigned and used to calculate an effective aspect ratio.

In total, three sets of data were recorded. In the first data set, as explained above, the actual
strand length is recorded for strands with both ends blunt; the effective length for strands with
one end blunt, and an "infinite" length for strands with two tapered ends.

A second set of aspect ratio data was recorded to investigate the effect on predicted Scrimber
modulus of all strand ends being considered unbonded. In this set, the actual strand length
was recorded for strands with one and both ends blunt. Since individual measurements had
not been taken of strands with both ends tapered, these were excluded from this data set,
which was recorded as a crude type of worst-case.

It was necessary to record a third aspect ratio data set because of a manufacturing practise at
Scrimber International. The most common reason for strands having a blunt end was that this
end was part of the original guillotined log end. These guillotined blunt ends were found close
to the increment ends, which placed them on the surface of the cured beam. Since the average
thickness of an increment after pressing was 5.5 mm, most of these blunt ends were found
within that distance of the surface of the cured beam. It was regular Scrimber International
practice to plane some material from all surfaces of the beam before use, and accordingly
approximately 7mm was planed from the surface of beams 2270/4 and 2270/5 during
production of the compression specimens. The compression specimens tested in this work
therefore included few guillotined ends, and their modulus could be expected to reflect this.

For the third set of aspect ratio data, strands with the guillotined blunt end were re-evaluated,
and considered to have a tapered end in its place, since those strands, after incorporation in
the Scrimber beam, would have gained a tapered end during planing. Strand effective lengths
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were modified accordingly. This third set of aspect ratio data is considered to be the most
representative of the strands making up the compression specimens for Scrimber batch 2270.

VERIFICATION OF THE SHEAR-LAG THEORY FOR WOOD COMPOSITES

To verify that the shear-lag theory as developed by Adams and Peppiatt [4] for non-rigid
adherends adequately predicts stress transfer in wood composites, the predictions of that
theory were tested against strain measurements near the end of a wood element in a simple
wood composite. Laminated Veneer Lumber (LVL), was chosen as a suitable composite
because it has a simple and consistent wood element geometry and similar glue-lines to
Scrimber. Most importantly, the stress state within a loaded section of LVL was expected to
be more predictable than in other wood composites, especially Scrimber, and the wood
elements within LVL were large enough to easily apply bonded foil strain-gauges.

The LVL chosen was made up from 15 rotary-peeled 3mm plies of Radiata, from the same
general area as the Scrimber feedlogs. The plies, each 1200 mm long, were bonded with
phenol formaldehyde adhesive; the outer three plies on each face were scarf jointed, while the
remainder were laid butt to butt with a small gap, typically 1 mm. The longitudinal direction
of each ply coincided with the longitudinal direction of the specimen.

A 600mm long piece of LVL was cut as a test piece. The test specimen was 47mm thick
(normal to the ply plane) and 10mm deep. A ply end near the centre of the test specimen, in
an area generally free from other butt joints or grain irregularities, was chosen for
measurement of the strain build-up. Foil strain gauges were bonded to the edge of the ply near
its end. The gap between the two ply ends was 1mm; approximately 70% of the gap was filled
with adhesive spew incorporating bubbles. Stress transfer in the LVL test specimen was
expected to be similar to that in a double-lap-shear specimen. The geometry of the test
specimen, considered as a double lap-shear specimen and using the notation of Adams and
Peppiatt from Figure 2,  is set out in Figure 6.

Figure 6. LVL considered as a double lap shear specimen.
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The stress transfer Equation 7 from Adams and Peppiatt has been rewritten in terms of the
notation in Figure 6. It predicts that for 0 � x < L/2:

σ2x = F
2δ2b 

 ψ 1 – cosh αx  + 
1 – ψ 1 – cosh αL  sinh αx

sinh αL                        (12)

where (Eqn 10):

α = 
2G1G2G3 E1δ1  + E2δ2

E1δ1E2δ2 δ1G2G3 + δ2G1G3 + 2δ3G1G2

A modification must be made to Equation 10 in order to predict a sensible value of  α  for the
LVL experimental configuration. Equation 10 is based on the assumption that both adherends
are free to deform in shear. Since the gap between the ply ends is very small, adherend 1 is
effectively rigid, and G1 » G2. In addition, because the adhesive is very thin, δ2G3 » 2δ3G2,
and in this case E1 = E2. Therefore the equation can be simplified to:

α = 
2G2 δ1 + δ2

E1δ1δ2
2
                                                      (13)

Using Equation 13,  α was calculated for the LVL experimental configuration shown in
Figure 6. The predicted value of α for the LVL specimen was 0.26. The strain-gauged LVL
specimen was loaded in tension to 20 kN, in 1 kN steps. At each step, individual gauge
readings were recorded. All strain/load plots were linear for specimen loads up to 8 kN. For
this initial linear section, Figure 7 shows the relative strain in the ply under each of the strain
gauges plotted against the distance of the gauge from the ply end.

Extrapolation of the measured strain profile to the ply end indicates that the strain at the ply
end was approximately 50% of the maximum ply strain; ie. roughly 50% of the load was
transferred into the ply through its end. This load is thought to have been transferred by
tensile stresses in the adhesive spew, which as noted previously filled approximately 70% of
the inter-ply gap. In addition, the measured rate of strain transfer (controlled by the value of α
in the shear-lag model) for the ply is less than predicted, and therefore the predicted value of
α appears to have been too high. The rate of stress transfer into the ply could be expected to
have been reduced by the peeling cracks observed in every ply. The presence of these cracks
apparently lowers the ply shear stiffness G2 and consequently α has been overestimated.

A shear lag profile can be shown to closely fit the measured strain transfer profile if α = 0.15
and σ = 0 at x = –4.5 mm (which corresponds to the strain at the ply end being 52% of the
maximum strain), as demonstrated in Figure 7. This suggests that the chosen shear-lag theory
can accurately predict the form of the stress transfer profile in a wood element if the amount
of stress transferred through the end is known and the effect of wood element internal
cracking on the effective shear modulus of the wood element can be estimated.
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Figure 7. Fitting of the shear-lag prediction to the measured strain profile.

It must be emphasised that the stress transfer profile described above applied only where
specimen load was less than 8kN. The strain gauge measurements also indicated partial
failures of the ply end bond at 8kN and again at 15kN. The strain transfer profiles above these
loads showed progressively less strain transfer through the end of the ply.

This experiment confirmed that the stress profile in a wood composite element  fits the shear-
lag form very well, and that the appropriate shear-lag theory can be used to predict ηst for
wood composites. It also showed that estimates of α, and therefore ηst, however, from wood
element geometry and properties are likely to be too high if the wood element contains
internal unbonded cracks. A porous spew fillet 1mm thick, bonding approximately 70% of the
strand end surface, was apparently able to transfer 52% of maximum ply stress through a very
blunt ply end. The result suggests that, in a lightly-loaded wood composite, for a wood
element with a well-bonded end, almost all of the stress could be expected to be carried
through the end. This justifies the proposal made earlier that end-bonded strands could be
treated as effectively continuous for the estimation of ηst.

ESTIMATION OF THE STRESS TRANSFER FACTOR FOR SCRIMBER

In detailed investigations of the microstructure of Scrimber it was found that the strand cross-
section circumference was similar to that of a square of the same area, and that at least 40% of
the strand surface was unbonded. Therefore for the purposes of predicting stress transfer
between strands in Scrimber, the typical strand was assumed to be square in cross-section, and
bonded on two opposite sides only. (The unbonded surface fraction was thus assumed to be
50%.) The strand was also assumed to be in the centre of the Scrimber compression specimen,
as shown in Figure 8.
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Figure 8. Geometry and notation for application of shear-lag theory to Scrimber.

The notation used is the same as for the LVL specimen in Figure 6. The strand cross-sectional
dimensions were calculated as shown below, where As is the measured strand cross-section
area and Ds is the batch 2270 densification factor:

2δ2 = As
Ds                                                          (14)

For each strand, the variable α(i) was calculated from Equation 13 and the stress transfer
efficiency factor, ηst(i), was then calculated from Equation 11. P(i) was defined as the strand
mass divided by the sample mass. For Scrimber batch 2270, ηst was calculated for each set of
strand aspect ratio measurements using:

ηst = ηst(i)P(i)�
i=0

i=n

                                                          (15)

For Set 3, believed to be the most representative set of aspect ratio measurements for the
sample increment, ηst was calculated to be 0.98. For Set 1 (not corrected for the absence of
guillotined ends in the Scrimber specimens) ηst = 0.96; and for Set 2 (the crude worst case),
ηst = 0.94.

The estimate of ηst = 0.98 for batch 2270 reached above is probably too high, as it relies on
the assumption that the Scrimber strands were internally intact. However investigations of
Scrimber microstructure found that internal unbonded cracks were likely to be present in the
majority of strands. No practical method of predicting the effect of these internal cracks could
be conceived. The quantitative effect of these cracks can only be guessed, using the LVL
stress transfer experiment as a guide. Given that relatively minor internal cracking lowered
the effective value of α in the LVL to 60% of the predicted value, it seems possible that the
existence of cracks within the majority of Scrimber strands might reduce the effective value
of α for those strands to half or even a third of its predicted value, giving rise to an estimate
for  ηst as low as 0.95.
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MODEL PREDICTIONS AND CONCLUSIONS

The Krenchel-type model introduced in as Equation 2 was found to need modification as
follows. The symbols are defined below.

Es  = ηd Ds Ew                                                                                 (16)

This makes the full model:

EB (Scrimber) = ηst ηo (ηd Ds Ew) Vs + Ea Va                                      (17)

Values for all the variables in this relationship were found for Scrimber batch 2270. Using
this proposed model, the average modulus of the Scrimber batch 2270 compression specimens
was predicted to be 11.05 GPa at standard conditions. This compares well with the average
measured modulus for those specimens of 10.8 GPa at standard conditions.

ηst  (stress transfer efficiency factor) = 0.98.
ηo   (orientation efficiency factor)      = 0.875.
ηd    (strand damage factor) = 0.88.
Ds    (strand densification factor) = 1.27.

Ew   (feedlog modulus)     = 12.9 GPa.
Vs   (strand volume fraction)     = 0.875. 
Ea     (adhesive modulus)     = 7.6 GPa.
Va   (adhesive volume fraction)   = 0.03.

Although it was impractical to attempt to design an experiment to test the effect of strand
aspect ratio, and therefore stress transfer, directly, the apparent accuracy of the whole model
allows some confidence in the predicted value of the various factors.

Strand discontinuity was found to have only a small effect on Scrimber modulus. The high
strand unbonded surface fraction of the batch studied also had little effect on modulus. Strand
misorientation and damage were found to be the major factors reducing Scrimber modulus.

This method described here of estimating the effect of “fibre” discontinuity in wood
composites is relatively simple and demonstrates the usefulness of applying standard
composites theory, allied with a good grasp of the composite microstructure, to the modelling
of wood composites. Procedures for estimating the efficiency factors could easily be modified
for application to other wood composites.
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SUMMARY:   This paper reviews the experimental work to develop processing conditions
for pitch foams.  The foams are produced by dissolving a gas into the pitch under pressure.
After the appropriate amount of time has lapsed the pressure is released, the gas nucleates
bubbles, and these bubbles grow, forming the pitch into the foam structure.  The resultant
foamed pitch is then stabilized in an oxygen environment.  At this point a rigid structure
exists with some mechanical integrity.  The foam is then carbonized to 800°C followed by a
graphitization to 2500°C.  The shear action of the bubbles growing aligns the graphitic planes
along the foam struts to provide the ideal structure for good mechanical properties.  Variations
of the blowing temperature, blowing pressure and saturation time results in foams of various
open pore sizes.  This study showed the final temperature and the duration of the hold time
most effected the foam structure.  A lower final temperature and a longer hold time produced
a foam with a uniform porosity foam with a very small bubble size.

KEYWORDS:  structural foams, graphitic foams, open-cell foams, processing

INTRODUCTION

Structural composites are based on disconnected carbon fibers integrated in some type of
matrix.  The strength and stiffness of commercial carbon fibers are due to the graphitic
morphology that originates from the melt spinning of the precursor pitch.  If an interconnected
network of struts could be produced which possessed a similar morphology to the carbon
fiber, a new generation of composite reinforcement could emerge.  Foams are an example of
such materials with an open cell structure being the desired architecture.  Microcellular, open
cell foams can be produced from anisotropic pitch with graphitic planes aligned along the
struts.  The process sequence includes blowing, stabilizing, carbonizing, then graphitizing the
foam, similar to the process for manufacturing pitch-based carbon fibers.  A foam could be
blown into a mold for net-shape composites or co-processed with fibers for anisotropic
reinforcements.  Model graphitic foams were predicted [1] to have  a compression modulus of
approximately 2 GPa with a density of about 0.1 gm/cm3.  Not many other foams or core
materials have a density and compression modulus near these values.

The original process for fabricating microcellular foams was developed by Suh et al. [2-3]
They demonstrated microcellular foams could be produced from amorphous polymers by
saturating the polymer with a gas then heating above the glass transition temperature.  The
sudden release of pressure resulted in a foam of uniformly distributed pores.  Dutta, et al. [4]
modified this process by saturating with nitrogen under pressure to get better solubility of
nitrogen into pitch.  In this process, the solubility of nitrogen into the pitch is critical to foam
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fabrication. Therefore, they first melted the pitch in a steady flow of nitrogen.  The pitch was
then saturated with nitrogen gas and held for 10 minutes before dropping the pressure and
temperature suddenly.

The current method of fabricating microcellular foams is a variation of both the Suh and Dutta
work.  It includes a slight initial pressurization before the pitch is heated.  Thus, the pitch is
under a slight pressure during heating and is further pressurized at the final temperature.  For
this process pressure, temperature and time are the controllable parameters and can be varied
to produce foams with various magnitudes and types (closed or open) of porosity.  Therefore,
this study was done to determine the effect of these parameters on the final foam structure.

EXPERIMENTAL
Materials

Foams were processed from AR pitch manufactured by Mitsubishi Gas Chemical Co.  The
pitch is produced by the catalytic polymerization of naphthalene and supplied in a pellet form.
Manufacturing data claims the softening temperature is 239°C and the material is 100 percent
anisotropic.  The glass transition temperature occurs over a temperature range of 230 to
260°C.

Processing

The pitch pellet was jet-milled into particles of an average size of 1-3 microns.
Approximately 10 grams of jet-milled pitch was pressed into a 5.7 cm diameter puck. The
pitch puck was then placed in a Parr pressure reactor and heated (under a slight nitrogen
pressure) at 3ºC/min to the desired final temperature.  When the puck reached the final
temperature additional nitrogen was added to obtain the final desired pressure and the entire
system was held at these conditions for a determined amount of time.  The pressure was
abruptly vented to the atmosphere.  Figure 1 shows a process cycle, with a sample rate of one
data point per 5 seconds.  This processing created the foam structure to be further analyzed.
Further processing was required to transform it from a pitch to a carbonaceous foam.  After
blowing, the foam was quickly removed from the reactor and placed in a 150 to 175°C oven.
The foam was then cooled to room temperature and weight and dimensional measurements
were taken.  The foams were then oxygen stabilized in a forced air oven at 220°C until a
weight gain of approximately 7 percent had been reached. Samples were then carbonized with
a 60°C/hour heating rate to 850°C in a nitrogen environment.
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Figure 1: Foam Blowing Process Cycle

Characterization

Physical evaluations included weights and dimensional measurements.  These measurements
were taken after puck fabrication, after foaming, and after carbonization to give a non-
destructive indication of any differences produced by the various processing conditions.  The
completely processed foams were examined under both optical and scanning electron
microscopy (SEM) and measurements of the pore size, pore shape, and amount of open
porosity were made. The relative pore size was measured using the SEM images.  All samples
were examined at the same magnification and pore sizes measured using arbitrary rulers in the
imaging software program.  Averages were calculated using 101 randomly chosen pores.  The
standard deviation of the pore size was also calculated and assumed to be a measure of the
uniformity of the foam porosity.

Finally, compression tests were performed on samples from the experimental conditions that
produced testable materials.  The test configuration basically followed ASTM D695, however
sample sizes were dictated by the size of the fabricated foam.  From the tests both
compression strength and modulus were calculated.

Design of Experiment

A 24 half factorial design of experiment was performed to look at the effect of four process
parameters; the initial pressure, final temperature, final pressure, and the length of the hold
time at the final conditions.  Table 1 provides the experimental values for each parameter and
Table 2 the conditions of each experimental run.

Table 1: Experimental Values

Initial Pressure (Pi): 1380 kPa (-) 3450 kPa (+)
Final Temperature(Tf): 250°C (-) 270°C (+)

Final Pressure (Pf): 6900 kPa (-) 10,350 kPa (+)
Hold Duration (t): 15 minute (-) 30 minute (+)
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Table 2: Experimental Run Conditions

Sample # Pi Tf Pf t
1 + + + +
2 - + + -
3 + - + -
4 - - + +
5 + + - -
6 - + - +
7 + - - +
8 - - - -

RESULTS AND DISCUSSION

For all experiments, foams were created with varying microstructures and compression
properties.  Figure 2 shows SEM images of the extreme microstructures produced by varying
the process parameters.  The foam in Figure 2a was processed with higher initial pressure, the
lower final temperature and final pressure, and the longer hold time.  Figure 2b was processed
with higher initial pressure and higher final temperature, lower final pressure, and the shorter
hold time.  The sample represented in Figure 2a had much more uniform porosity with a
smaller bubble size than the non-uniform, large sized pores shown in Figure 2b.  Figure 2a
represented the more desired foam structure.

500 µm  

500 µm

                                     (a)                                                     (b)
Figure 2: SEM Images of foam samples,

(a) small, uniform porosity, (b) large, non-uniform pores.

The volumetric change due to foaming was measure by comparing the pre-foamed puck
volume to the foam volume before stabilization.  Each process parameter was plotted versus
the volumetric change to determine which had the most influence, Figure 3.  As can be seen
the only parameter that had any effect is the hold duration at the final temperature after the
final pressure has been added.  A shorter hold time resulted in a larger expansion in the
foamed pitch.  The longer time at the final conditions allowed the system to equilibrate and
more nitrogen was able to diffuse into and uniformly disperse throughout the pitch.  When the
pressure was released the nitrogen nucleated and grew bubbles and quickly produced an open-
cell structure.  As the open cell structure formed, the nitrogen was able to diffuse out of the
foam and bubble growth was terminated.

The final temperature had a minor secondary effect on the volumetric change.  The foams
produced with a lower final temperature did not expand as much as the ones made at the
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higher temperature.  At the lower temperature, the pitch had a higher viscosity and could keep
more nitrogen trapped.  When the pressure was released the nitrogen expanded and quickly
created an open cell structure.  The open cells allowed the nitrogen to vent to the atmosphere
and minimized volume expansion.  At the higher temperature, less nitrogen was available for
bubble growth and an open structure was not produced until much later in the foaming
process.  Therefore, a larger expansion in volume occurred at the higher final temperature.
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Figure 3: Volumetric Increase from puck to foam as a function of (a) initial pressure,
(b) final temperature, (c) final pressure, and (d) hold duration.

The average pore size was plotted against each of the process parameters, Figure 4, to
determine what were the effects of each parameter on the pore size.  The results showed the
final temperature had the largest influence on pore size.  The higher final temperature
produced foams with larger size pores than the lower final temperature.  At the lower
temperature the pitch has a much higher viscosity and thus a much greater ability to keep the
nitrogen trapped.  The greater amount of nitrogen trapped inside the pitch the more bubbles
that could nucleate and/or the more nitrogen there is available to grow the bubbles. The
viscosity of the pitch was high enough to restrict the bubble growth to keep the pores small.

When the results from the volume increase were compared to the relative pore size it was
determined the smaller pore size also had the lower volume increase.  Apparently the nitrogen
nucleated bubbles and as they grew they formed an open-cell foam structure that allowed the
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nitrogen to diffuse out before the bubbles grew to a larger size or coalesced to form larger
pores.  This would allow for a high density of very small bubbles.
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Figure 4: Average pore size as a function of (a) initial pressure,
(b) final temperature, (c) final pressure, and (d) hold duration.

Compression tests were only done on material from experiments 3,4,5,7 in Table 1. These
were the only experiments that produced samples large enough to make compression samples.
The compression strength was plotted versus process parameters and shown in Figure 5. The
higher final temperature produced lower strength foams than the lower final temperature.
This trend could be correlated with the relative pore size. The larger pore size produced a
foam with lower compression strength.  This was due to the smaller strut size in the larger
pore foam.  As the bubble grows the strut becomes more elongated and thinner than the struts
of the smaller pore foam.  The pore size can be explained by the difference in the viscosity of
the pitch at 250°C and  270°C. At 270°C the pitch molecules were more mobile and the
nitrogen did not saturate the pitch as much as it did at 250°C.
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Figure 5: Compression strength as a function of (a) initial pressure,

final temperature, (c) final pressure, and (d) hold duration.

CONCLUSIONS

From the experiments the amount of pressure does not significantly contribute to the final
foam structure.  Foams processed at the high and low levels had the same structure.
Therefore, the pressures that were studied were sufficient to diffuse nitrogen into the puck.
Further studies need to be conducted to determine the lower limit on the amount of pressure
required to produce a foam structure.

The final temperature did produce some variation in the foam materials.  At the lower
temperature the pitch is within the glass transition temperature range.  In this range the
material had more integrity and was able to restrict gas flow and bubble growth.  When the
foam was at 250°C and the pressure was released the pitch was viscous enough to restrict
bubble growth and produce a small pore size foam.   At 270°C the pitch viscosity was low
enough so the nitrogen was able to diffuse in and out easily.  When the pressure was released
the nitrogen nucleated bubbles and the bubbles grew rapidly leaving a large cell foam behind.

The hold time produced variations in the different foam samples.  A more uniform pore
distribution was produce with the longer hold time.  This could be attributed to the system
have more time to reach an equilibrium at the final processing conditions.  After the final
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temperature is reached and the final pressure is applied, the 30 minute hold time allowed the
pitch system to equilibrate and the nitrogen to further diffuse into the pitch.  The more
nitrogen in the pitch the more gas available to nucleate and grow bubbles.  Experiments with
additional hold times need to be conducted to determine the effect longer and shorter hold
times have on the foam structure.

The most desirable foam structure was produced with a final temperature of 250°C and these
conditions were maintained for 30 minutes before the 10350 kPa of pressure was suddenly
released.  These parameters allowed nitrogen to diffuse into the pitch, yet did not weaken the
pitch’s ability to restrict bubble growth to produce the small pores.  This foam structure had
the desired uniform, small pore size.  The compression strength of this structure was the
highest value achieved for all of the foam experiments.
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NEW HIGH DAMPING COMPOSITE: MG 2SI/MG
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SUMMARY:  A new, lightweight, high-damping material has been processed and
characterised. It is a magnesium based composite with unidirectional Mg2Si fibres. This
natural composite has been produced by unidirectional solidification of a Mg-Si eutectic alloy
(1.34 wt% Si) or near eutectic alloy (2 wt% Si). Mechanical strength was measured through
tensile tests and the damping capacity was deduced from internal friction measurements in a
low frequency torsion pendulum. The results show that these composites have a tensile
strength comparable with industrial magnesium cast alloys such as AZ63 and a damping
capacity which is 10 to 100 times higher. The mechanical properties and damping capacity are
interpreted in terms of sample microstructure with emphasis on the effects of matrix and fibre
orientation on the dislocation mobility.

KEYWORDS:  damping capacity, mechanical strength, magnesium, unidirectional fibres,
dislocations, microstructure

INTRODUCTION

Modern technology tends to suppress mechanical vibrations for social and economic reasons.
Mechanical vibrations produce undesirable noise and can affect the precision of a machine-
tool or cause fatigue-induced rupture of devices. These mechanical vibrations can be reduced
in many ways, for instance by using external dampers or by increasing the inertial masses.
However, these solutions are not always applicable, particularly in transport systems, which
require lightweight and small structures [1]. Thus, contemporary transport systems need low-
density materials which exhibit simultaneously a high-damping capacity and a high
mechanical-strength. These properties are often incompatible [2] because the microscopic
mechanisms which are involved in strengthening and in damping are not independent [3]. It
is therefore important to develop new materials such as two-phase composites in which each
phase can play a specific role: strengthening or damping.

Pure magnesium is known to exhibit a very high damping capacity [4], but its mechanical
strength is low [5]. This metal can be hardened by introducing second phase precipitates
which are able to pin dislocations, in order to avoid plastic deformation and thereby to
increase the yield stress. However, if the mechanical properties are better in magnesium
alloys than in pure magnesium, the damping capacity is lost in most of them [5]. A pure
magnesium matrix reinforced with high-strength fibres is hence a good candidate for a high-
damping composite. Actually the damping capacity of magnesium is due to dislocation
vibration [6]. In order to obtain a high damping, this implies that the dislocation loops, which
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are defined between the pinning centres, must be relatively free to vibrate. Thus, the
magnesium matrix has to be relatively pure. In other words, in order to keep the damping
capacity high, attention must be paid to the choice of the alloying elements, whose solubility
in magnesium has to be low enough.

In this context, Mg - Si alloys have been studied as a system of low solubility because silicon
is almost insoluble in magnesium (solubility lower than 30 ppm) [7]. Using the eutectic
composition properties, a Mg-Si eutectic alloy (1.34 wt% Si) or near eutectic alloy (2 wt%
Si) is converted into a magnesium matrix composite with Mg2Si fibres by unidirectional
solidification. The obtained natural composite is formed by a pure magnesium matrix
reinforced with a low fraction of Mg2Si fibres. So the dislocation loops can be long enough to
vibrate and dissipate energy while pinning by fibres avoids plastic deformation.

This paper presents Mg2Si / Mg composites which were processed by unidirectional
solidification and characterised by optical and transmission electron microscopy, by tensile
tests and by mechanical spectroscopy, i.e. measurements of the internal friction and of the
elastic shear modulus as a function of temperature for different samples.

EXPERIMENTAL PROCEDURES

Mg2Si / Mg composites were processed by unidirectional solidification of two different
alloys. The grade A was an eutectic alloy (1.34 wt% Si) of low purity and the grade B was a
near eutectic alloy (2 wt% Si) of medium purity, the mean impurity concentration is about
0.15%. Unidirectional solidification was performed using the same process as the Bridgman
method for single crystal growth [8]. In a controlled atmosphere, a graphite crucible
containing the alloy is moved in a vertical thermal gradient furnace. If the solidification
surface is plane, the solid phase growth is regular and a two phase composite expands with
vertical Mg2Si fibres in a pure magnesium matrix. This solidification mode can occur if the
alloy concentration is the eutectic concentration or near eutectic concentration. The
solidification rate (v) and the distance between fibres (λ) are related by [9]:

λ2v = const. (1)

Plate shape specimens were cut from the solidified rods by spark machining, in such a way
that the sample axis is parallel to the solidification direction, i.e. parallel to the fibres.

The mechanical properties have been studied by classical tensile tests which provide the 0.2%
yield stress, the tensile strength and the rupture strain.

Damping properties were deduced from mechanical spectroscopy measurements [10]. When a
material vibrates under low stress excitation (much lower than the elastic yield stress)
anelastic deformation is responsible for energy dissipation.

In a free-decay inverted torsion pendulum, the internal friction (IF) at low frequency (~2Hz)
and at a strain amplitude of about 10-5 is given by:

IF =
1

nπ
ln

A 0

A n

(2)
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where A0 and An are the amplitude of the first and the nth oscillations. The shear modulus (G)
was determined by the following equation [11]:

��

G =
8π"If 2

a4

(3)

where a is the sample thickness, " its length, I the pendulum inertia momentum and f the
vibration frequency.

A forced, inverted torsion pendulum, which allows one to vary the frequency in a wider range
(10-3 to 10 Hz), was also used. In this case, the internal friction is given by:

IF = tan(δ) (4)

where δ is the phase lag between the strain and the applied stress.

RESULTS

Sample Microstructure

Unidirectional samples were processed from both alloys. Fig. 1 displays two pictures obtained
by optical microscopy on an unidirectional sample solidified at 0.5 mm/min. One can see that
the Mg2Si fibres are parallel to the direction of solidification.

       
(a) (b)

Fig. 1: a) Lengthways image of an unidirectional sample. b) Transversal image of the same
sample. Mg2Si fibres are parallel to the solidification direction

Depending on the solidification rate (or crucible speed in the furnace), thermal gradient and
alloy purity, the sample structures can be rather different. If all the conditions are proper
balanced, i.e. a high thermal gradient, a low solidification rate and a high alloy purity [8, 9],
the Mg2Si fibres are parallel to the direction of the thermal gradient (Fig. 1). Moreover, the
distance between fibres depends on the solidification rate as predicted by Eqn 1, with a
different constant for each alloy (Fig. 2).
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Fig. 2: Distance between fibres versus the solidification rate in a log-log graph. According
with the error margins, the points follow the Eqn 1, with two different constants for both

alloys, because of the different compositions

In addition, the matrix also exhibits a crystallographic orientation with the c-axis of the
hexagonal structure parallel to the solidification direction. Fig. 3 is a Transmission Electron
Microscopy (TEM) diffraction pattern associated with a magnesium grain, cut perpendicularly
to the solidification direction. The hexagonal symmetry indicates that the matrix, which has
an hexagonal structure, has its c-axis parallel to the specimen axis, i.e. the basal planes are
perpendicular to the solidification direction.

Fig. 3: MET diffraction pattern for a magnesium grain. The c-axis of the hexagonal structure
is parallel to the solidification direction (photo by Christian Verdon)

Without good conditions, randomly oriented short fibres are obtained, but the matrix
nonetheless exhibits an oriented c-axis. A disoriented matrix can be obtained by natural
solidification. Unidirectional specimens were obtained from grade B alloy for all tested rates,
i.e. from 0.2 to 8 mm/min. Unidirectional specimens were obtained from the grade A alloy
only for low solidification rates, between 0.2 and 0.7 mm/min.

Mechanical Properties

Tensile tests have been performed on these composites. Fig. 4 displays the mean ultimate
tensile strength of different samples, in which the Mg2Si fibres are parallel to the tensile
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stress, as a function of the distance between fibres. One can see that the tensile strength is
higher when the distance between fibres is lower, i.e. when the solidification rate is higher.
For the shortest distances between fibres, the tensile strength is comparable with the industrial
magnesium cast alloys such as AZ63 [5].
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Fig. 4: Mean ultimate tensile strength of unidirectional samples versus  distance between
fibres. The tensile strength is higher when the distance between fibres is smaller. The dotted

line corresponds to the level of the as cast AZ63 alloy

Internal Friction Spectrum

The Mg2Si / Mg natural composites are characterised by a high damping capacity. Fig. 5
displays the internal friction (IF) and the elastic shear modulus (G) as functions of the
temperature, measured in a specimen annealed during 4 hours at 600 K. Curves were
measured by means of a low frequency torsional pendulum on a sample of grade A alloy
solidified at 0.5 mm/min, but the damping general features are similar in all studied samples
and with all measurement methods.

The internal friction is high and rather constant. It exhibits a broad maximum at about 200 K
and a smaller one at about 400 K. The shear modulus exhibits an unusual behaviour: although
modulus usually increases with decreasing temperature, this material presents a decreasing
modulus with decreasing temperature between 430 and 350 K. Both the damping and the
shear modulus exhibit large hysteresis during thermal cycling: damping is higher and modulus
lower during heating than cooling. When the temperature is kept constant after heating, the
damping decreases continuously and the modulus increases until they reach the values of
isothermal equilibrium.
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Effects of the Measurement Parameters on the Internal Friction

One way to understand the microscopic origin of the damping is to study the internal friction
spectra, in particular the maxima of internal friction. Actually the microscopic phenomena,
such as twinning or gliding of dislocations interacting with points defects, induce specific
behaviour of the internal friction as functions of different parameters, as the strain amplitude
or the frequency [10, 12]. The study of these dependencies generally allows one to determine
some characteristic values of the phenomenon such as its activation energy and thus to deduce
the involved phenomenon.

The study of the internal friction at different frequencies does not reveal a clear shift of the
maxima, although a modification of the curve shape is observed. Fig. 6 displays the internal
friction measured at room temperature (290K) as a function of the strain amplitude. The curve
indicates a clear dependence on the amplitude. This reveals that the involved microscopic
mechanism is complex.
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Fig. 6: Internal friction versus strain amplitude at 290K. The internal friction depends on the
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Moreover, the internal friction also depends on the heating or cooling rate. Fig. 7a displays
the internal friction and the shear modulus versus the temperature at different heating rate
(T� ). One can observe that the internal friction is higher and the modulus lower when the
heating rate is higher. Furthermore, Fig. 7b indicates that this dependence is complex. When
T�  ≠ 0, the damping decreases linearly with , but the linear extrapolation for T�  tending to zero
(dotted line) is higher than the measured value for T�  = 0. When heating is stopped, the
stabilisation of the internal friction take a longer time than the stabilisation of the temperature.
So it is possible to distinguish two effects: linear dependence with T�  value (3) and time
dependence at constant temperature (2). These two contributions are added to the intrinsic
internal damping (1).
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Fig. 7: (a) Internal friction (IF) and shear modulus (G) versus temperature at different
heating rates: 0 K/min, 0.5 K/min, 1 K/min, 2K/min. The internal friction increases and the
shear modulus decreases when the heating rate increases, (b) Internal friction (IF) versus

heating rate (T� ) at 220K. The internal friction is composed of three parts. (1) Intrinsic
damping, (2) time dependant damping and (3) heating rate dependant damping

Effects of the microstructure on the internal friction

To enhance the composite properties, it is important to localise and to understand the
mechanism of damping. Another way to obtain this information is to study the damping
behaviour as a function of the sample structure.

Fig. 8 displays the internal friction versus the temperature measured with the forced torsion
pendulum in different samples, in which the c-axis of the hexagonal structure of the Mg
matrix is parallel to the sample axis. One can see that the Mg2Si fibre phase morphology has
no obvious influence on the damping capacity.

Fig. 9 presents the internal friction spectra of three specimens: one specimen (1) where the
Mg matrix c-axis and the Mg2Si fibres are parallel to the specimen axis, a second one (2)
where only the Mg matrix c-axis is aligned along the specimen axis, the Mg2Si fibres
exhibiting no preferential orientation, and a third one (3) in which neither the Mg matrix nor
the Mg2Si fibres show any orientation. In the two first cases, where the Mg matrix c-axis is
oriented, the internal friction level is high. On the contrary, the internal friction is lower by a
factor two or three in the sample which does not exhibit any structural orientation. One can
deduce that neither the distance between fibres nor the fibre orientation modify significantly
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the internal friction level. On the contrary, the orientation of the matrix has a great influence
on damping.
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Fig. 8: Internal friction versus temperature in unidirectional samples of grade B alloy with
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Fig. 9: Internal friction versus temperature in an unidirectional fibres/matrix sample (1), in
an oriented c-axis matrix sample (2) and in a disoriented sample (3). Both the oriented c-axis
matrix samples IF spectra have similar shape and height, but disoriented sample has much

lower amplitude

DISCUSSION

Sample Structure

Both alloys can be unidirectionally solidified, with Mg2Si fibre structures in agreement with
Eqn 1, but the rates which are required to solidify unidirectional composites and the constant
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which appear in Eqn 1 are different. This means that the involved solidification mechanism is
the same in both cases and correspond with the well known theory of unidirectional
solidification [8, 9], but the involved parameters are merely different.

The mechanism of unidirectional solidification is based on the fact that both phases solidify
together at the same time. The distance between fibres depends on the solidification rate as
shown in Eqn 1, because it corresponds to an equilibrium between the needed energy to
initiate a new phase and the energy to grow the existing phases. The major difference between
the two alloys is the impurity concentration. In fact, the grade A alloy contains more
impurities. All impurities are sites which might seed new phases, so the constant appearing in
Eqn 1 depends on the alloy purity. Moreover, these impurities disturb the regular growth of
the fibres, and the unidirectionality can be obtained only if the solidification rate is slow
enough. A pure enough alloy is hence necessary to obtain a small distance between fibres. As
the grade B alloy is purer than the eutectic alloy, finer structures can be obtain with this alloy.

Mechanical Properties

The preliminary tensile tests are very promising. Although a large dispersion of the results,
one can clearly see that the tensile strength is enhanced when the distance between fibres is
small, i.e. when the solidification rate is high. These tests were performed on prismatic
samples with a small cross section of 6 mm2. Some edge effects are certainly responsible for
the dispersion of the results, because the stress accumulation at corners facilitate the
formation of cracks. Furthermore, the presence of oxides induces some porosity during the
solidification, which decreases the mechanical strength.

Future work will be to optimise the processing of this composite and to find the best sample
configuration for tensile tests. But already, for the lowest distances between fibres, the tensile
strength is comparable with the industrial magnesium cast alloys such as AZ63.

Internal Friction Spectrum

Modulus Anomaly

Materials usually have a decreasing modulus as temperature increases. In these composites,
on the contrary, the shear modulus increases between 350 and 430 K. This anomaly can be
interpreted as follows: At the solidification temperature, the composite is at the equilibrium as
it concerns the internal stresses, i.e. no internal stress appears between matrix and fibres.
When the composite is subjected to an external stress such as torsion, the fibres are in
extension. The high Young's modulus of the fibres acts as a restoring force, so the shear
modulus of the composite is enhanced. During cooling, due to the thermal expansion
coefficient mismatch, the internal stresses at the interface between fibres and matrix increase.
These stresses can be first relaxed by dislocation creation and motion, but when the
temperature decreases below a given temperature this relaxation is not sufficient, and the
internal stresses compress the fibres. These compressed fibres are bent, they are no longer in
extension under the external stresses and thus they can have no more effect on the shear
modulus. So the shear modulus of the composite decreases to the modulus of the pure
magnesium.
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In other words, at high temperature the fibres participate in the modulus: the modulus is high
and at low temperature the fibres do not participate in the modulus, hence, the modulus is
low. This phenomenon occurs during each thermal cycle and explains the modulus anomaly.

Damping Behaviour

The samples exhibit a high damping, as was desired. But, the internal friction level depends
strongly on the sample microstructure (Fig. 8). In order to manage the internal friction level, it
is thus important to localise and understand the mechanisms which lead to the high damping.
Fig. 6 and 7 indicates that the involved phenomenon is complex, nevertheless some possible
interpretations can be explored.

Fig. 8 and 9 show that only the matrix orientation significantly influences the internal friction,
but neither the fibre orientation nor the distance between fibres does. Hence, the observed
effects may be due to a microscopic phenomenon which occurs in the matrix, such as motion
of dislocations, twinning or defect movement. It is well known [2, 4, 6] that internal friction
in pure magnesium is due to dislocation motion in the basal planes. Therefore, the composites
have a rather good damping capacity if the applied stress is in a preferred orientation to
induce dislocation vibration and if the dislocations are free enough to vibrate. This explains
the fact that the damping capacity is higher when the c-axis of the matrix is perpendicular to
the stress, i.e. when the c-axis is aligned along the sample axis, as shown in Fig. 9.

In other words, if the matrix is c-axis oriented and if the magnesium matrix is pure, the
damping must be high. As the matrix c-axis orientation is guaranteed when the fibres are
unidirectional, mechanical properties of this composite can be optimised without care to the
damping capacity. As presented in the introduction, the high-damping capacity and the high-
mechanical strength can be reached in these composites, because the involved mechanisms
are independent.

However, a large dispersion in the internal friction occurs between each measured sample
(Fig. 8). Previous works [4, 6] have shown that the dislocation motion in the basal plane is
controlled by their interaction with points defects, more precisely, the interaction consist in
pinning and depinning of the dislocations from the points defects. Thus internal friction
spectra are very sensitive to the impurity concentration. Fig. 6 confirms this interpretation, but
the shape modification with the frequency indicates that the interaction between dislocations
and point defects is not a pure pinning-depinning mechanism. The dependence of the internal
friction on the frequency permits one to suppose a dragging of point defects of higher
mobility.

Transient Internal Damping

The internal friction depends on the heating or cooling rate (T� ). Such a dependence, called
transient internal damping, has already been observed in some composites [13]. This is due to
the thermal expansion coefficient mismatch between the matrix and the fibres. But, the
dependence on T�  value is more complex than effects commonly reported in literature. Usual
dependence is linear, but here there are two different effects depending on the T�  value. Fig. 7
shows that when T� ≠0 damping decreases linearly withT� , as studied in literature. The main
characteristics of such an effect is a dependence with T� /(σ0ω) where σ0 is the applied stress
amplitude and ω is the circular frequency.



Proceedings of ICCM–11, Gold Coast, Australia, 14th-18th July 1997

II - 843

However, Fig. 7 displays also that the internal friction measured in isothermal conditions (at
T� =0) is lower than expected by extrapolation of the spectra measured for T� ≠0. Moreover,
when heating is stopped, the internal friction takes a longer time to stabilise than the
temperature. Internal friction is then composed of three contributions: the intrinsic damping
measured in isothermal conditions, a contribution which depends on the temperature
stabilisation time and a contribution which depends on the heating or cooling rate T� .

CONCLUSION

A new composite material has been developed and characterised. It is a natural composite
formed by unidirectional solidification of a Mg-Si eutectic alloy (1.34 wt% Si) of low purity
(grade A) or near eutectic alloy (2 wt% Si) of medium purity (grade B). Both the fibres and
the matrix c-axes can be aligned in the direction of solidification. The distance between fibres
depends on the solidification rate and on the alloy purity. The grade B alloy give access to the
finest fibre structure, because of its higher purity. The unidirectional fibres enhance the
mechanical strength up to some industrial magnesium cast alloys such as AZ63. The matrix
orientation provides a very high damping capacity over a wide range of temperatures, without
influence of the distance between fibres. These natural composites exhibit mechanical
properties comparable with the ones of classical magnesium alloys with a damping capacity
100 time higher.
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SUMMARY:  Different kinds of metal powder have been plated on a band of mild steel and
then both of them rolled toghter. With this new method, some composite bands such as Cu-
steel, Al-steel, Sn-steel, etc., have been made. TEM, EPMA, XPS and XRD are used to study
the interface among powder particles, the boundary of grains inside powder particles particles
and the interface between composite-layered and matrix. The metal powders are deformed by
force and their surface areas increase two or three times. There exist some pieces of oxidation
film at the interface between powder particles, and there is a lot of dislocation-substructures in
the grain inside powder particles. The SADP changes into multiple spots or small arcs, and
take on a form of a discontinuous ring distribution. After annealing, a diffusion phenomenon
can be observed at the interface among powder particles and between composite-layer and
matrix. Three conclusions are given.

KEYWORDS:   metals composite, surface coating, powder processing, multi-layers
interfaces, laminar materials

INTRODUCTION

It is well known that there are many methods for forming composite [1-3]. There also has
been a lot of research focused on the structures and properties of composite [4-6]. PPR
(Powder Plating and Rollingis a new method for forming composite bands [7]. With PPR,
which has been patented, metal powders (chosen as composite-layered metal) are plated onto
the other metal band (chosen as the matrix) and then both of them are rolled together to obtain
a composite band. In consideration of the difference of the presently reported technology from
others, i.e. the composite-layered metal is not a sheet but powder, the interfaces of composite
band formed by PPR are different from those of composites formed by other methods. In this
paper, the main purpose is to study the interface among powder particles, the boundary of
grain inside powder particles and the interface between the composite-layer and matrix. The
effect of annealing temperature on the interface and microstructure of composite bands is also
discussed. These will provide useful information for controlling the properties of composite in
real production.
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EXPERIMENT

Plating a mild-steel band with different kinds of metal powder, and then rolling them together,
a system of composite bands, such as Cu-steel, Al-steel, Sn-steel can be prepared. For
different metal powder, a variant of annealing temperatures are employed in a vacuum
furnace. Cutting out the composite bands into pieces, the samples for observing microstructure
of composite bands are ready.

By rubbing the matrix off the sample, transforming the composite-lamella into thin foils. The
thin foils are prepared by the electrochemistry-polishing method and examined in TEM of
2000-EX with accelerating voltage of 200 kv.

Samples for observing in EPMA are prepared by the way the same with the sample for
observing in OM and then the samples are examined in EPMA of EPMA505.
Some samples are analyzed by using XPS and XRD.

RESULTS AND DISCUSSION

Interfaces Among Powder Particles

Different from traditional composite materials, surface composite layer is an even substance
formed of a multitude of metal powder particles that are elongated in all directions, one on the
top of another in the deforming process. Therefore, there exist a large number of interfaces
among particles. The binding at the interfaces is of importance. Before being pressed tight,
powder particles with bigger diameter will begin to undergo a deformation while powder
particles  with  smaller diameter  will  slide  themselves  into the  gaps  among the  particles

  
Fig.1: Deforming process of metal powder particles  Fig. 2: TEM picture of the inter-

faces of aluminum powder particles

with bigger diameter. With deforming pressure increasing, powder particles will gradually
flatten out, close to each other, the gaps becoming smaller and smaller (See Fig.1a). Finally,
the powder particles overlap each other and combine into continuous lamella. The appearance
shows that metal particles have been cold welded into an even and continuous thin layer
covering the surface of the matrix metal (See Fig.1b). An analysis finds that the surface areas
of metal powder particles expand two or three times after undergoing deformation. The
oxidation film wrapping the metal powder particles bursts, exposing a lot of clean and non-
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oxidation surfaces. It is these clean non-oxidation surfaces that enable the metal particles to
weld together closely. Table 1 presents the statistics of the deformation of metal powder
particles.

Fig.2 shows that the broken fragments of aluminum oxide film can be observed at the
interfaces of aluminum powder particles.

Table 1:  Statistics of the deformation of the metal powder particles

   metal         original       thickness after    average diameter    average elongation   increase rate of
   powder      diameter     deformation        after deformation             rate                   surface areas
                     (mm)                (mm)                       (mm)                              (%)                          (%)
   Al               0.079                 0.01                       0.185                              134                          174
   Cu              0.055                0.005                      0.149                              170                          267
   Sn              0.055                0.005                      0.152                              176                           282

Boundary of Grain Inside Powder Particle

It can know from the above analysis that metal powder particles undergo a considerably big
deformation in the composite processing with PPR. During the composite processing, the
grains inside powder particle undergo a considerably big deformation too. The result of XRD
examination shows that the grain's size inside a powder particles is about 1200--1400 Å
before deformation while the size becomes about 240--280Å after deformation. This shows
that deformation affects a strong crushing function on metal grains. An observance reveals
that there exist concentrated  dislocation  groups  (See Fig.3a)  inside grains. These
dislocation  lines tangle together, forming dislocation-substructures. The results of SADP can

    
                         (a)                                           (b)

Fig. 3: Dislocation line and SADP inside grains
 of copper powder particle Fig. 4: Dislocation outcrop copper

powder particle etched tanks at the
interface of the dislocation-
substructure inside grain
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be seen in Fig.3(b), in which the diffraction spots change into multiple spots or small arcs,
and take on a form of a discontinuous ring distribution. This means that the crystals inside the
grains are crushed and been super-fineness under the large deformation forces, and these
dislocation-substructures are of small phase difference in selected area. Fig.4 clearly shows
the dislocation outcrop etched tanks at the interface of the dislocation-substructure inside the
grain. After recrystalization annealing treatment, the original grain boundaries and dislocation
line are hard to find under TEM. The substructure inside grain is replaced by annealing twin
crystals or normal crystals (See Fig. 5 and Fig. 6).

Fig. 5:Texture of copper grains after annealing   Fig. 6: Texture of tin grains after annealing

Binding Interface Between Composite-Layer and  Matrix Metal

By using XPS, the characteristic binding energy peaks of Cu and Al can be found at the
binding surface of the steel matrix  (See Fig.7 and Fig.8). The analysis results show that under
a strong external force the powder particles and the matrix are made to be close to each other
to atomic size, producing a metallic bond binding between them.

The observation about the composite bands which has undergone diffusion annealing with
EPMA also reveals that the composite layer metal is closely bond with the matrix and the
metal atoms on the both sides of the interface can cross the interface between powder
composite layer and matrix by means of diffusion to form a diffusion bonding. Fig.9 and
Fig.10 present the second electronic images of the Al-steel, Cu-steel composite bands by
using EPMA. The results of a linear scanning show that there is a clear component gradient
changes at the binding interface, which shows clearly that there is a diffusion occurring at the
interface between the composite layer and the matrix under the diffusion annealing
temperature but no metal compound is formed. An examination of the bonding strength of the
interface also reveals the  good bonding.
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Fig. 7: XPS analytical spectrum line at the bonding surface of the steel matrix of aluminum-
steel composite band

Fig. 8: XPS analytical spectrum line at the binding surface of the steel matrix  of copper-steel
composite band

Fig. 9 Binding interface of aluminum-steel
band

Fig. 10: Binding interface of copper-steel
composite band.
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CONCLUSIONS

(1) In the preparation of PPR, the surface areas of metal powder particles increase two or
three times, which makes the oxidation film of powder particles burst and fall down, exposing
a lot clean and non-oxidation surface. It is these clean non-oxidation surfaces that ensure a
bind among metal particles and  between grain composite layer and  matrix.

(2) After deformation, there exist much interfaces of powder particle inside composite layer
and there exist much boundary inside grain in every powder particle. Therefore, it is
important a good bind among the interfaces of powder particles and the boundaries of grains.

(3) A proper annealing treatment can make atoms spread cross the interface, thus causing the
disappearance of the interfaces of powder particles which have overlaped each other,  form an
even continuous metal thin layer by recrystallizing. The dislocation-substructures inside
grains is replaced by normal crystals. A diffusion bonding is formed at the interfaces between
composite-layer and matrix through atomic diffusion.
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SUMMARY: Two high temperature polyimides from NASA-Langley, LaRC-SI and
LaRC-IAX, were injection molded into tensile coupon shapes. A custom injection die was
developed with built-in electric heaters to generate the required die temperatures. LaRC-SI
and LaRC-IAX tensile coupons were produced by both injection molding and compression
molding for performance comparison. Compression molding and injection molding yielded
similar mechanical performance. However, non-optimal processing conditions and
contamination reduced strength and strain to failure in some specimens. To evaluate trade-offs
in blending LaRC-SI and LaRC-IAX with lower cost thermoplastics, PEI blends were studied,
prepared by both compression and injection molding. Overall, mechanical properties followed
a rule of mixtures relationship, with variations resulting from non-optimal processing rather
than blending. Preliminary thermal analysis highlighted extremely different blending related
to process conditions. Compression molding resulted in a binary polymeric system while
injection molding resulted in a single, completely mixed phase.

KEYWORDS:  LaRC-SI,  LaRC-IAX,  PEI,  polyimide thermoplastic, injection molding

INTRODUCTION

Two high temperature thermoplastics, LaRC-SI and LaRC-IAX, have recently been
developed by NASA-Langley. These aromatic polyimides exhibit high strength and a high
glass transition temperature (240°C), and have been identified for use as adhesives, films and
composite matrix material [1]. Composite processing has already been demonstrated,
particularly in prepregs of IM7 [2,3] Additional features of both LaRC-SI and LaRC-IAX
include good chemical and oxidation resistance and high dielectric strength.

Thus far, LaRC-SI and LaRC-IAX, in powder form, have been successfully compression
molded. However, compression molding can be a limiting and high cost manufacturing
process. This fact, plus the high cost of LaRC-SI and LaRC-IAX limits the materials'
applicability. Injection molding of these polyimides is thus of interest as a significant
improvement in manufacturing potential. This paper discusses the results of preliminary
injection molding trials with LaRC polyimides from pelletized stock.

To further increase the viability of this material, both LaRC-SI and LaRC-IAX have been
blended with ULTEM 1000, an amorphous polyetherimide (PEI) with a glass transition
temperature of 212°C. PEI is currently much less expensive than LaRC, yet with comparable
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physical properties and only slightly reduced mechanical performance. Blending of these
thermoplastics has therefore been investigated as a way to increase the economy of LaRC-SI
and LaRC-IAX.

Tensile tests were undertaken to investigate the effects of both processing method and PEI
blend ratio on the mechanical performance of LaRC-SI and LaRC-IAX. To investigate the
presence of any thermal degradation, as well as the degree of mixing of PEI with each LaRC
polyimide, differential scanning calorimetry (DSC) traces of specimens produced by both
compression and injection molding are presented.

EXPERIMENTAL

Compression Molding of LaRC-SI, LaRC-IAX and Blends with PEI

Compression molding of LaRC-SI/PEI and LaRC-IAX/PEI blends was carried out with a 20
ton hot press. Powders of LaRC-SI and LaRC-IAX were used to produce all compression
molded specimens. At the time of this study, PEI was not available as a powder. Sheets of PEI
were therefore milled into small flakes, and dry blends of the thermoplastics were well mixed.
Unfortunately, this process of milling PEI introduced impurities which, after molding,
resulted in stress concentrating defects in some tensile coupons.

Compression molding of all blends was carried using process parameters obtained with past
experience compression molding LaRC-SI. To produce blends with good consolidation and
no thermal degradation, a processing temperature of 320°C was used. An aluminum die with a
63.5 mm x 177.8 mm x 25.4 mm cavity was used to prepare all specimens.  The resulting
63.5 mm x 177.8 mm sample was subsequently machined into three separate ASTM D-638
type #1 tensile coupons. Machined specimen edges were sanded to eliminate machining
induced surface flaws.

Injection Molding of LaRC-SI, LaRC-IAX and Blends with PEI

A two-ton injection molder was used to investigate the injection molding potential for
LaRC-SI and LaRC-IAX. The molder, pictured in figure 1, was a screw injector with
individual temperature control of the hopper, preheat, screw, nozzle and mold zones.

Figure 1: Two-ton injection molder at CSU

All process zones in the molder are capable of temperatures approaching 400°C, which were
found to be necessary to mold these high temperature thermoplastics, except for the water
heated mold, which has a maximum temperature near 100°C. To prevent freezing at the mold,
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a steel die was custom modified with electric cartridge heaters to enable mold temperatures
above 220°C.  The geometry of the die cavity was milled to ASTM D-638-89 type #1 tensile
coupon specifications, with the exception of a draft angle milled into the cavity walls to
facilitate part ejection.

As moisture absorption is an ongoing concern in injection molding plastics, all pellet blends
were dried in a recycling desiccant hopper at 140°C for at least 15 hours just prior to injection
molding. A given blend ratio was determined to be successfully molded once 20 specimens
with good quality, consistency and reasonable absence of contaminants were continuously
produced.  This procedure allowed the investigation of a variety of blend ratios, from 0%
polyimide to 100% polyimide (by volume) in 25% increments, with the limited quantity of
LaRC-SI and LaRC-IAX at hand. A portion of the over 200 tensile coupons test coupons
produced are pictured in figure 2. Three specimens were produced for each material, blend
ratio and processing method combination. That is, a given blend specimen was produced by
both compression molding and injection molding for process comparison.

Tensile Testing

Tensile tests were performed at room temperature (25°C) with an ATS universal tester fitted
with wedge lock grips. In some cases the grip sections of the tensile coupons were roughened
to prevent slippage in the grips. A load rate of 5 mm/min was used in all tests, as per ASTM
standard D-638.  A clip gage extensometer with a 25.4 mm gage length was used to measure
strain. Stress and stiffness for each coupon were calculated based upon the average gage
thickness, which generally varied less than 0.05 mm across a given gage section.

Figure 2: LaRC-SI and LaRC-IAX tensile test specimens

Differential Scanning Calorimetry (DSC)

Of great interest is the effect of processing method and conditions on the resulting blend of
PEI with LaRC-SI or LaRC-IAX. In particular, the degree of mixing of the two constituents,
investigated by looking at changes in glass transition temperature, gives an initial indication
of blend quality. To investigate processing effects, two samples were prepared and tested with
a Seiko DSC 220C analyzer, one sample taken from an injection molded sample and one from
a compression molded sample. Each sample was scraped with a razor blade from the grip
section of a 50% LaRC-SI, 50% PEI coupon after tensile testing.
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RESULTS AND DISCUSSION

Both LaRC-IAX and LaRC-SI, as well as blends with PEI, were successfully injection
molded.  Further, blends were found to retain the strength of the neat polymers, indicating the
miscibility of the two constituents.  A significant amount to data scatter was obtained,
however, and is attributed to premature failures in some of the specimens. Typical problems
in injection molded specimens included splay marks, white streaks and incomplete cavity fill.
These problems can be related to the inability to fully optimize processing parameters such as
temperature and pressure with the limited material at hand. Compression molded specimens
were far more consistent in their quality, due to extensive processing experience with LaRC
polyimides. Contamination was a significant problem for both processing methods, however,
and was generally intermittent and unpredictable.

LaRC-SI blends exhibited greater ductility and toughness than LaRC-IAX blends. LaRC-SI
blends were characterized by plastic flow associated with neck down, while LaRC-IAX
blends were almost exclusively brittle in their fracture behavior.  For the process parameters
employed, the stress-strain behaviors observed in these materials are shown in figure 3
(a and b), which can be considered representative of mechanical behavior of LaRC-SI and
LaRC-IAX.
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Figure 3 (a & b): Relative stress-strain performance of LaRC-SI and LaRC-IAX

Higher failure strengths were usually obtained with LaRC-SI than with LaRC-IAX.
The highest ultimate tensile stresses obtained with LaRC-IAX blends were 110-115 MPa,
while in LaRC-SI blends was 135 MPa. However, as seen in figure 3, the failure strength of
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LaRC-IAX is similar to the yield point of LaRC-SI. LaRC-SI blends thus appear to be
roughly 10-20% stronger, although this reduction may originate from reduced flaw
sensitivity.

LaRC-SI/PEI Blend Tensile Tests

Figure 4 relates the elastic modulus and ultimate tensile strength of LaRC-SI blends with PEI
to the blend composition.  Based on investigations of specimen failure mode, it was observed
that low strength specimens failed prematurely at a point defect or impurity. Figure 4 thus
shows the best performance obtained for each blend ratio, as these results are considered the
most accurate assessment of the material.
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Figure 4: Elastic modulus and ultimate tensile strength vs. blend ratio for LaRC-SI/PEI

The strength of injection molded and compression molded LaRC-SI blends are very similar,
indicating no strength tradeoff with injection molding. For each processing method, as the
volume percent of LaRC-SI increases, the ultimate tensile strength increases in a linear
fashion, from 110 MPa to over 130 MPa.  Injection molded specimen modulus is consistently
lower than the corresponding modulus of compression molded specimens.  The origin of this
difference is unclear, although it is less than 10% in most cases.

LaRC-IAX/PEI Blend Tensile Tests

Figure 5 relates the elastic modulus and ultimate tensile strength in LaRC-IAX blends with
PEI to blend composition in the same manner as figure 4.  No clear trend in ultimate tensile
strength is apparent with respect to blend composition in either compression or injection
molded LaRC-IAX specimens. Blends of LaRC-IAX failed in a predominantly brittle fashion
(recall figure 3a), and impurities had a significant effect on the ultimate strength due to flaw
sensitivity.  It should also be noted that the semi-crystalline nature of LaRC-IAX may have
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played a role in making the generation of consistent blends more difficult than with LaRC-SI,
which is amorphous. Further, the injection molding process was not as well optimized as with
LaRC-SI, and so specimens of acceptable quality were more difficult to achieve.
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Figure 5: Elastic modulus and ultimate tensile strength vs. blend ratio for LaRC-IAX/PEI

Injection molded specimen modulus, shown in figure 5, is consistently lower than the
corresponding modulus of compression molded specimens, just as in figure 4. The difference
between the two processing methods is again less than 10% in most cases.  The general trend
is a slight increase in modulus as the amount of LaRC-IAX is increased. Data roughly follow
a rule of mixtures relationship, with no significant deviations.

Differences Between Compression Molded and Injection Molded Specimens

Compression and injection molding processes resulted in blends with similar yet highly
scattered mechanical performance. Failures outside the gage section (indicating brittleness
and high flaw sensitivity) were more prevalent in compression molded specimens. This is
related to the presence of contaminants in the milled PEI prior to processing, which
introduced defects and provides an explanation for the increased number of failures outside
the gage length. Some injection molded specimens failed in this fashion, also at point defects
related to contaminants.  An example of an out-of-gage failure is seen in figure 6, a cross
sectional micrograph of an internal flaw generated fracture surface in a 25% LaRC-IAX, 75%
PEI injection molded part.  The flaw is located at the center of the image.

All samples were observed to have elastic moduli in the range 3.2-3.7 GPa. Changes in
modulus did not correlate with ultimate tensile strength. Failure strain, however, was clearly
observed to increase with strength, as one would intuitively expect based on a Hookean
relationship between stress and strain, given a more or less constant modulus.
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Figure 6: Cross-section micrograph of brittle fracture surface generated by internal flaw
outside gage section. Specimen is 25% LaRC-IAX, 75% PEI, injection molded.

Differential Scanning Calorimetry (DSC)

Figure 7 and 8 show traces generated by DSC analysis of compression and injection molded
specimens, respectively. Figure 7 shows two distinct "dips" in the DSC trace, one located at
the Tg of PEI (212°C) and one at the Tg of LaRC-SI (239°C). The sample thus contains both
polymer species, as separate phases rather than an actual blend.  Note in figure 8, however,
that in the injection molded specimen there is only one intermediate glass transition occurring,
at 225°C. This indicates complete mixing of the two species, and the creation of a miscible
blend of PEI and LaRC-SI. Thus, the compression and injection molding processes seem to
produce blends that are fundamentally different.  This difference may be due to the increased
mixing, as well as the higher temperature and pressure of injection molding.

Figure 7: DSC trace of 50% LaRC-SI, 50% PEI compression molded specimen

1 mm

DDS
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Figure 8: DSC trace of 50% LaRC-SI, 50% PEI injection molded specimen

CONCLUSIONS

Both LaRC-SI and LaRC-IAX polyimides have been successfully injection molded into
ASTM type #1 tensile coupons. Mechanical performance of these injection molded coupons
compares favorably to compression molded specimens of LaRC-SI and LaRC-IAX.
The polyimides have also been successfully blended with PEI and found to retain mechanical
properties while significantly reducing the quantity of the thermoplastic polyimide.

Contamination and non-optimized processing have limited the mechanical performance
observed in all blends. These conditions contributed to premature failures of a number of
specimens during tensile testing. Further, it was found with differential scanning calorimetry
that the compression molding parameters resulted in specimens which were essentially two
phase materials, while injection molded specimens were completely blended.

Future efforts involving LaRC-SI/PEI and LaRC-IAX/PEI blends should involve commercial
PEI powders to eliminate contamination, and optimization of injection molding parameters.
Also, in-depth thermal analysis is planned to evaluate the various blends and changing
process conditions.  Finally, testing of non-mechanical performance of such blends is also
necessary since one of the principal strengths of the high temperature thermoplastic
polyimides is chemical resistance.
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SUMMARY :  Modification of polymer materials by electric fields is now  part of advanced
materials science. Polymer electrets are  efficient means of  rising serviceability of joints with
small clearances between conjugated parts.  Electret field makes it possible to regulate
wetting and spreading, sorption and diffusion, as well as capillary permeation of liquids.
Electrets in machines protect metal-polymer joints against corrosion,  increase adhesion of
composite components and articles, improve strength, enhance technological effectiveness of
composite formation,  improve tribological characteristics of friction joints. Electret plastics
bear mechanical loads in machines  and are the source of electric field. Electrets as materials
of a new generation  respond to the latest trends in technology  for simultaneous increase in
serviceability and reduction in machine size and mass.

KEYWORDS:  electrets and materials, polarization, metal-polymer electrets, wetting and
spreading, strength and  adhesion, corrosion protection, tribological characteristics

INTRODUCTION

Electric polarization is intrinsic physical state of the polymers being dielectrics in their
majority. Polarization-retaining dielectrics, i.e. electrets or electric analogues of magnets are
characterized by ability to generate a constant electric field.

The electrets are traditionally used in gas filters, microphones, systems of electronic focusing
[1].  Electrets were not used in joints contributing much into machine serviceability, including
bearings, seals, anti-corrosion systems. Nevertheless, experience in different  technologies
showed that electrets could  improve working capacity of machine joints with a small
clearance between conjugated parts [2,3]. The processes of lubrication, capillary permeation,
spread of liquids, etc. (where surface phenomena  are very important) can be controlled using
a relatively weak electret field.

Technologists are usually not paying attention to the fact that electric fields always generate
polarization in dielectrics. Polarization emerges even when electric field is used to solve some
mechanical or physic-chemical problems to match dielectric components at composites
forming.

More attention has been recently paid to ecological, environment protection problems. The
problems arise from the growing industry, which environmental effect is commensurable with
the natural processes. The former leads to changes in water, soil, air, violates equilibrium in
nature. Application of electrets can influence some aspects of the problem. Use of electric
field source in machines is ecologically pure. An experience has been attained in efficient
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purification of industrial wastes and ejections, rise f combustion effectiveness, reduction of
hostile media leakage by transfer of materials into the electret state.

Electrets perform two functions in machines: 1. the mechanical load carrier and 2. electric
field source.  Their application responds to the recent technological trends and permits to rise
serviceability, reduce dimensions and material consumption in machines. These materials  are
fairly competitive,  their composition and technology are new and  patented.

The object of the present paper is to describe new perspectives of electret composite materials
production and efficient use in machine joints governing serviceability of equipment.

RESULTS AND DISCUSSION

Polarization  Methods

Methods of polymer composite electric polarization realize mostly the technology of thermo-
and corona-electrets. In principle, they can be performed at any stage of article production [4].

It has been found out that polymer composites can be polarized by charged fillers [5].
Polyvinylbutyral (PVB) impregnation with corona-discharged oxide powders results in a
maximal  characteristic of the electret charge (Fig.1)  during  thermally stimulated
depolarization (TSD)  of the filled films .  Space charge of the film and sheet materials can be
formed without sources of electric voltage.

It has been shown earlier that a stable electret state emerges when the polymer layer between
short-circuited electrodes of unlike metals in “metal 1-polymer-metal 2”  systems undergoes
thermal treatment [2,6-8]. The new type of electret state was called metal-polymer electret
(MPE). It has also been established that during their formation and operation MPE can
display and realize functional potentialities of composites, in particular, strength, corrosion
resistance, as well as frictional, electric and other characteristics [9].

The use of fillers influences electric polarization of polymer composites. PVB samples were
thermally treated under 393 K in contact with short-circuited copper and aluminum
electrodes. Due to conductive or electret fillers graphs  (Fig. 2)   fall into two groups . The
first group fillers (curves 1-3) features  high charge density (up to 10-3 C/cm2). The
conducting filler particle bears, presumably, the function of auxiliary electrodes at
polarization and the amount of charge carriers transmitted from the electrode into polymer
matrix increases too. The second group (4,5) is characterized by the drop of charge with
increasing content of dielectric filler. The latter does not participate in electric conductivity at
sample polarization. The  degree polarization current and  TSD charge decrease  with increase
of filling degree.

The dependencies  (Fig. 2) have a maximum  at about 1 mass% of the filler content. Small
quantities of foreign impurities contribute to formation of a more perfect permolecular
structure in polymer binders and  to electret charge formation. Further increase in filling
degree causes disordering of permolecular structures accompanied by TSD charge reduction.
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When  C > 1%  (1-3) the  charge grows and then reduces  due to reduced quantity of polarized
polymer. The described process is most prominent when the sample is filled with dielectrics
(4,5).

Wetting and Spreading

 Liquid wetting and spreading over polymer surface can be regulated by the latter polarizing.

 Pentaplast (PPl) films were transferred into electret state by  heating between steel electrodes
under 150 oC and electric field of E = 104-106 V/m (thermo-electrets) during 1 h or by corona
discharge (corona-electrets). The technique of measuring liquid spreading over the sample
surface is described  in [10].

Fig. 1. TSD currents in SiO2-filled PVB (up to 20 mass%) versus
 temperature and filler charge: 1 - corona-discharged, 2 - original

Fig. 2. TSD charge density in PVB samples depending on filler
content: 1 — carbon fabric, 3 — Al and Cu powders, 4 — basalt

fiber, 5 — fiber glass

The  increase of  sample polarization and electret charge  reduces  the initial velocity of the
liquid spread (Table 1) and the actual contact area between the drop and sample (Fig. 3). The
polarizing charge  creates energy barrier in experimental conditions . To overcome this barrier
the motive force of spreading is spent.
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Fig. 3. Increase in diethylene glycole drop radius ∆r spreading over pentaplast sample
surface as related to time t when the drop was placed on the sample and electret charge

density (C/m2): 1 - 0, 2 - 10-5, 3 - 0.003, 4 - 0.36, 5 - 0.58. ∆r = r – r0, where r and r0 are the
radius in moments t and 0.

Table 1. The initial velocity v of DEG spreading over PPl versus sample surface charge
density σ.

Sample σ, C/m2 v, 10-4 mm/sec
Reference 0 2.8

Thermo-electret 4.96.10-6

2.78.10-3

1.4
0.6

Corona-electret 0.36 0.4

The experimental dependence of edge wetting angle on the polarizing charge density is
described by the Eqn 1:

cos Θ = cos Θ0 - 1.4⋅104 σ - 2⋅10-9  σ2       (1)

where Θ and Θ0 are the liquid equilibrium edge wetting angles for, correspondingly, electret
and nonpolarized samples; o is the sample surface charge density.

Figure 4 shows the scheme for a device to investigate capillary motion of a liquid in contact
gaps between steel sample 7 and polymer electret coating 6 on the substrate 4. The liquid
flows over to the studied joint from a glass tube 1 where its level reduces by a value ∆h.
Capillary pressure of the liquid penetrated into the joint and that of the column of the height
∆h in tube 1 are  equal. Based on the above procedure an Eqn 2 has been derived [3]

∆
Θ

h =
2

dS gp

W
−

− σ 12

cos
            (2)

where S is tube 1 cross section, ρ - liquid density,  g-  gravity force acceleration, W is the
work to be spent for the liquid to separate from the coating,  σ12 - surface tension at the liquid
gas surface.
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Fig. 4. Measurement diagram (a) of liquid capillary permeation into clearance between solids
and dependence (b) of liquid level ∆h variation in measured capillary on the sample charge

surface density σ: a) 1 - glass tube, 2�- water, 3 -connecting tube, 4 - substrate, 5 -conduit, 6 -
coating, 7 - sample, 8 - punch in the coating; b) 1�- polymethyl methacrylate (PMMA), 2 -

fluoroplast-3 (F-3).

Nonmonotonous character of curves 1 and 2 in Fig. 4 is the result of superimposed reduction
velocities W and cos Θ when the electret charge grows. On the initial inclining portion of the
curves, the reduction of W dominates. At the same time  physical adsorption of liquid
molecules is intensified, which  rises  the double electric layer on the electret surface. When
the layer is fully formed, W values stabilize. This corresponds to the minimum of ∆h = f(σ)
dependence. The ascending portion of  the curves is the result of cos Θ reduction under
constant W.

Curves 1 and 2 correspond to difference in parameters of PMMA and hydrophobic F-3
wetting with water.

Sorption and Diffusion

The theory of diffusion based on the mechanism of diffusing particles jumping over the solid
vacancies [11] suggests the following Eqn 3:

D =
a2

τ0

exp( / )−W kT      (3)

where D is diffusion coefficient, a is the solid lattice constant,   ι about 10-13 s is the particle
oscillation period, W - energy of diffusion activation, k - gas constant, T - absolute
temperature. If diffusion proceeds in a solid dielectric possessing a polarized charge, then
W = U + E + Ee,    where U is the energy of vacancy formation, E is energy barrier height, Ee -
energy acquired by a particle in the electret field. Diffusion proceeds in the electret faster or
slower as compared to the polarized dielectric depending on Ee sign.

The polarized charge influences first of all the diffusing substance sorption by the electret.
This influence behavior is conditioned by formation of the double electric layer in vicinity of
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the electret surface. Sorption of organic solvent vapors was studied using PVB films
thermally treated in contact with shorted copper and aluminum electrodes. The sample
polarized charge density determined by the TSD method was about 10-5 C/cm2. Both
polarized and reference (thermally treated in contact with aluminum electrodes) samples were
endured in diethylene glycole (DEG) and benzene vapors under T1 = 303 K and  = 323 K (T2
is about TC of PVB). The experimental technique is described in  [12].

Fig. 5. Mass (M) of PVB samples versus endurance time (t) in DEG vapors. Temperature, K:
1, 2 -323, 3, 4 - 303. Samples: 1, 3 - reference, 2 and 4 - electret.

In Fig. 5 it is seen that DEG sorption by the electret under T2 (curve 2) is much less than  in
[1]. When T1 < Tc   the difference in sorption is not large (3 and 4). The similar results were
obtained for the samples treated in benzene vapors (Table 2).

Table 2. Increase of PVB sample mass (M) depending on time (t) of endurance in benzene
vapors under 323 K.

t, 103 s M,  10-2 g for the samples

reference electret

4.5 0.55 0

6.4 1.10 0

7.3 1.30 0.01
10.7 1.50 0.05

13.9 1.66 0.14

15.2 1.73 0.24

When T < Tc, the reduction in segmental mobility of macromolecules bounds sorption due to
lower velocity of conformation transformations. This  probably  levels the difference in
sorption of solvent vapors by electret and nonelectret films (curves 3 and 4 in Fig. 5). Upon
the formation of the double electric layer from oriented dipoles near the electret surface, an
equilibrium concentration of the solvent is established in the sample. The film permolecular
structure in the process of electric polarization spurs sorption reduction in both polar (DEG)
and nonpolar (molecular dipole moment equals zero) solvents. It appears that  benzene
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nonpolar molecules acquire the dipole moment in the electret field and interact with the
electret following the described mechanism. Difference in DEG and benzene diffusion is
attributed to DEG stronger solution capacity as compared to PVB.

Adhesion

The effect of polarized charge  on polymer adhesion to metals was first studied in the metal-
polymer-metal systems [13]. Strength of splice adhesion was determined by lamination
method . Strength increased 1.5-2 times when the adhesive joint formation was accompanied
with the polymer transformation into MPE. Adhesion increase is much effected by activated
in electric field diffusion of the metal-polymer contact reaction products into the polymer.

A model of a composite material is suggested. The composite incorporates a thermoplastic
polymer binder and dispersed particles of metal oxides which differ by the value of the
standard electrochemical potentials [14]. Fuming-oxides (FO) were used as the filler. They
are a by-product of lead-zinc production and contain Zn, Pb, Mg, Cu and other oxides. During
material formation FO reduction to metals is proceeding. The reduction of the sample ohmic
resistance at heating, as well as the results of X-ray diffraction analysis are the proof   of  it. It
was observed that with increasing time of treatment the intensity of peaks characterizing the
oxide crystalline structure reduced, while the intensity of peaks corresponding to pure metal
increased.

When a certain concentration of the conducting filler is reached, the formation of conducting
bridges is probable in the composite and the contact between particles is unnecessary for the
polarizing current to run. Microcircuits metal 1-polymer-metal 2  are formed between both the
filler particles in the polymer matrix bulk and between a separate particle and metal electrode
contacting the sample. Thus, electrochemical interaction of the composite components is
realized in the process of thermal treatment which increases adhesion (Fig. 6).

Fig. 6. Strength of adhesive joints (a) and protective capability (corrosion rate, b) from FO
containing polymer composites with Al foil versus FO content and filler type: 1 - PE, 2 - PVB,

3 - PPl.

Rearrangement in the polymer permolecular structure accompanying polarization causes, as a
rule, improvement of their strength and impairment of deformation characteristics. So,
thermally electrified polycarbonate and PTFE samples show an increased by 15-60% breaking
tensile stress and several times relaxation time of mechanical stress [4].
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Strengthening of polymer composites by transferring their components into electret state has
been verified experimentally [5]. Breaking tensile stress of composites (PE, PA, PVC, PPl,
PTFE matrices;, reinforcing elements - basalt, phenylone, glass, Dacron fibers) increases 1.6-
2.5 times due to filler and matrix electric polarization. Adhesion of polymer binder to filler
exerts a substantial effect on composite strength. Force of fiber glass peeling off from PVC-
based fiber glass plastic  increases at binder polarization  from 3.4 to 4.4. kN/m. For PPl it
increases  from 1.7 to 2.6. kN/m .

Protection against Corrosion

One of crucial factors for the polymer-based rustproof systems is the barrier action of polymer
elements insulating metal from environment. It is believed that, when a structural polymer
barrier is disturbed, it does not influence metal corrosion in electrolytes. Nevertheless, the
polymer electret field effect on both barrier characteristics of polymers and kinetics of
electrochemical processes in metal-polymer systems should be taken into account.  The
polarized charge effects the kinetics of liquid spreading over polymer electrets and sorption of
liquid media.

Diffusion of liquids into MPE coating g on metals has been studied. If liquid concentration
C0 on the coating surface is supposed to be constant during diffusion, then the amount of
liquid sorbed by MPE to the moment t is [15]

Q
C

Dt= −
2 0

π
ασexp( )         (4)

where D diffusion coefficient of nonpolarized polymer; σ-MPE surface charge density
determined by TSD. The parameter  α∼ 3⋅104 is determined experimentally for each polymer-
liquid combination. The equation describes satisfactorily diffusion into MPE with σ > 5.10-7

C/cm2. Probable reduction of coating diffusion permeability using polarization is limited by
the ultimate charge density of MPE  σ ≤ 10-5 C/cm2 due to electrodes blocked by products of
metal-polymer reaction [16].

The initial corrosion of protected by polymer coating metal is penetration of corrosive
medium along the coating-metal interface leading to the coating peeling off. Peeling is
accompanied by the electrode metal potential bias to the negative domain.  This evidences
that under the coating there occurs either retardation of cathodic oxidation or acceleration of
metal ionization. Both processes can be controlled using electret coatings.

Table 3 demonstrates test results of polymer coatings on steel with a through punch in the
protecting film reaching the substrate. Coatings of group A were formed following the
classical vibro-vortex method. Melting of group B coatings was accomplished in electric field
of E = 20 kV/cm strength by connecting upper electrode with the positive pole of a high-
voltage source and the substrate with the ground. When melting group C coatings, the
polymer layer was covered by a copper foil closed in the steel substrate. After cooling the foil
was peeled off.
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Table 3. The coating peeling area S and change of the substrate electrode potential /\U
depending on endurance time t in a strong NaCl solution.

S (cm2) during t (days)Coating
Group

Coating material

1 day 2 3 4 5

∆U (V) 5
days

A PPl
PVB

0.25
3.03

0.74
6.24

2.03
10.32

2.76
—

3.97
—

0.24
—

B PPl
PVB

0
0.01

0.01
0.02

0.02
0.04

0.02
0.07

0.04
0.08

0
0.02

C PPl
PVB

0
0.01

0.01
0.02

0.02
0.05

0.02
0.07

0.03
0.08

0
0.02

It is obvious that Group B thermo-electrets which contact the substrate by the negatively
charged surface peel off slower and their substrate unrefining is less as compared to
nonelectret ones (group A). Similar results showed MPE-based coatings (C) formed without
outer electric source.

Triboengineering Characteristics

Among phenomena accompanying polymer friction, those of electrical nature are the least
studied, though their influence is not of minor importance.

Crucial factors governing friction and wear of polymers being either a polarized body or
electric field source are the following. Electrization potential U of the polymer element in a
metal-polymer friction pair succeeds to saturate rather quickly (in a few seconds). Change of
U sign during initial friction can be attributed to loss of moisture by the element surface
layers. Air humidity and the presence of a liquid film on the friction surface exerts a
considerable effect on U. Polymer in the field of electrization charge transfers under frictional
heating into tribological electret state [7]. It determines  the kinetics and intensity of physic-
chemical processes in the friction zone. Most important experimentally recorded parameters
of triboelectret state are the efficient surface density of charge o and TSD current spectrum.
The latter helps to estimate the correlation between homo- and heterocharge in the
triboelectret, as well as activation energy of the charge formation and declining, time of
relaxation, etc.

MPE wear was examined by removing from the friction surface the layers which contacted
during polarization Cu and Al electrodes. The experimental technique is described in [18].
MPE charge is concentrated mainly in the surface layer (20-60 µm). It was recorded by TSD
that o near the copper electrode is higher than near the aluminum one.  Wear of the friction
surface contacted Al at polarization is lower than that contacted Cu (Fig. 7). Obviously   MPE
wear proceeds more intensive  y with o growth. Such a regularity is violated only with thin
(15-20 µm) surface layers displaying elevated concentration of chemical structural defects.
This is also typical, though to a less degree, of nonelectret samples.
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Fig. 7: The dependence of MPE wear rate on the thickness of the layer removed from the
sample surface contacting Al (1) and Cu (2) at polarization. 3 - reference sample. Sample

materials: a - PVB, b - PPl, c - PA.

Variation of MPE tribological characteristics are due to space charge formation accompanied
by structural rearrangement of the near-electrode layer. Rise in degree of nonpolarized PPl
samples crystallinity constitutes 4% from the copper electrode side and 6% from the
aluminum one. Upon removal of 80-100 µm thick layer the polarized and nonpolarized
samples do not differ in crystallinity degree. It may be so  that space charge generated in the
near-electrode regions during crystallization hamper macromolecule packing. Therefore, the
larger charge value localized near copper electrode corresponds to a smaller degree of
crystallinity.

Novel triboengineering materials and friction joints have been developed [19-20]. They
incorporate MPE  as electric field generator to improve friction and wear parameters.

CONCLUSIONS

Polymer electrets are used to regulate technological processes of composite material
formation. They involve sorption, diffusion, wetting, spreading, saturation and etc. Electret
composites contribute to protecting machine parts against corrosion, raise of components
adhesion, material hardening and improvement of friction joint tribological characteristics.

Electret composites are the new  materials  effecting the  engineering developments.
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SUMMARY:  The aims described before will be achieved by presenting the historical
propagation in civil engineering from asbestos to glass fibres respectively alcaline resistant
glass fibres. A short summary of existing technologies for processing short fibres with
concrtee matrices will show today`s state of the art. Both aspects will be compared with the
historical development of fibre reinforced plastics technologies. Derived from this comparison
the necessary technology transfer from plastics to concretes will be obvious. Following this
idea it will be presented how a new composite material has been born by reinforcing concrete
with textiles. The results of a project including production of multiaxial layer fabrics, matrix
optimization, production oft test specimen and determination of mechanical properties will
prove the technical and economical qualification of the new composite material in comparison
with short fibre reinforcement.

KEYWORDS:  textile reinforced concrete, alkali-resistant glass fibre, fibre tests, warp knitted
multi-axial layer fabric WIMAG, stitch-bonded variable layer fabric NVG,

INTRODUCTION

The reinforcement of mineral matrix systems using fibres has long been a state-of-the-art
technique. The best known and quantitively most widespread are asbestos fibres and building
components reinforced with these. The need to find a substitute for asbestos fibres worldwide
resulted in a shift of interest to, among other substances, glass fibres. In order to use these in a
concrete matrix it was essential that the fibres be resistant to the alkaline environment if they
were to retain their very good mechanical qualities for a sufficient duration. The development, 25
years ago, of alkali-resistant glass fibres enabled glass fibres in the form of short strands tobe
used for reinforcing concrete matrices, a technique which has become firmly established in the
construction sector and is applied in a wide variety of ways. Some improvement is needed if
optimal advantage is to be taken of these fibres, particularly in view of the short length of the
fibres and the fact that their orientation is not always appropriate for achieving the bearing
capacity required. The effectiveness of the fibres is to be improved by using glass filament yarns
and orienting them in accordance with the function of the particular building component in
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question. A technological variant is the production of textile fabrics that meet these requirements.
At present knitting technology with its variable stitch-bonding techniques is ideal for the
manufacture of such structures. Initial tests have been carried out at the Institute for Textiles and
Clothing Technology, TU Dresden, and at the Institute for TextileTechnology, RWTH Aachen,
as a part of AiF project no. 9272/B [1]. The results of these tests form the basis for this talk.

FIBRE TESTS

Reinforcment materials in a concrete building component are subject to media influences right
from the start of the manufacturing process until the end of their service life. These include the
alkaline influence from the concrete matrix and the acidic influence of rainwater seepage at
defective points. In Germany, very high demands have to be met proving the durability of new
building materials before their introduction in the construction industry. Tests concerning the
influence of the above-mentioned media on the qualities of the reinforcement materials are
therefore of particulare interest.

This research project made use of the special glass fibres NEG AR H-340V, 650 tex produced by
Nippon Electric Glass. These fibres have a raised zirconium content (ZrO2), providing good
resistance in fine concrete. These fibres are referred to as alkali-resistant (AR) glass fibres. The
yarns produced by Nippon Electric Glass are the only such fibres suited treatment as textiles and
they were selected for these tests for this reason [1,2].

The experiments testing resistance to artificial rainwater (pH 6) and to sodium hydroxide (pH
12,1), which corresponds to the pH value of a special concrete matrix, were conducted according
to the established norms. The fibre material was taken from a spool and laid out in test groups in
developing trays which were subsequently filled with the solutions. The trays were then covered
to prevent evaporation, thus ensuring constant pH values.

The test materials were then stored in a climatic chamber. After 24 hours, 7 days and 28 days
they were removed, air-dried for three hours and then subjected to bending pressure. The force:
bending ratio was determined in accordance with bending pressure test DIN 53834, part 1.
Figure 1 shows the specific  tensile strength of the AR glass fibre yarns in relation to duration of
storage and the medium applied.

The results show that with the specimens stored in normal climate conditions only minor
changes in durability are recorded, so that comparisons can be made between these and the
specimens exposed to the special conditions as described above. After drying, the samples stored
in the solutions have a slightly adhesive structure. The fibre lengths stored in rainwater, in
particular, lead to higher degrees of durability as a result of these adhesive qualities which have
the effect of bonding fibre and matrix together.



Volume II: Fatigue, Fracture and Ceramic Matrix Composites

II - 872

0

5

10

15

20

25

30

Fig. 1: Specific tensile strength of AR glass filament yarns under the influence of media and

duration of exposure

The fibre lengths stored in sodium hydroxide solution show only minor changes in durability,
thus confirming their good resistance to alkaline media.

PRODUCTION OF MULTI-AXIAL LAYER FABRICS FOR REINFORCEMENT OF
CONCRETE

Two multi-axial types of textiles will be manufactured for the initial basic tests on the suitability
of long-fibre from AR-glass reinforcements in concrete matrices. The two manufacturing
techniques which will be compared are MALIMO stitch bonding, with the stitch-bonded variable
layer fabric (NVG) manufactured applying this technique, and the LIBA technique, together with
its product, the warp knitted multi-axial layer fabric (WIMAG).

Production Of Warp Knitted-Multi-Axial Layer Fabrics (Wimag)

The warp knitted multi-axial layer fabrics are used succesfully in the field of plastic composites
technology. This is due to the cost-effective production and excellent mechanical properties of
WIMAG. Depending on the size of the machine, the textile (cf. Fig. 2) may comprise up to 8
layers of fibres and an additional 2 covering layers of fibre mats, which are fixed in place by
warp knitted mesh threads.

Fig. 2 also illustrates the warp knitting machine (LIBA system) with its four weft insertion
systems, as has been used at the Department of Textile technology of the Technical University of
Aachen (ITA) for manufacturing WIMAG.
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Fig. 2:  Warp Knitted Multi-Axial Layer Fabrics (LIBA-Technique)

Here the reinforcing threads (2) are drawn off the warping creel (1) and inserted by the weft
inserting systems in the required directions. The weft inserting systems oscillate between the
needle transport chains (3), which fix the deposited fibres to the machine during transportation.

The weft inserting systems can be mounted in a fixed position (90°) or variably (30° to 60°) or
(-30° to -60°) to the direction of production. 0° threads can be fed directly from warp beams (6).
It is also possible to supply non-woven fabrics or fibre mats as covering layers via rollers (5).

The warp knitted multi-axial layer fabric, designed in this manner, is fixed in place in the knitting
unit (8). The warp knitting threads are removed from the warp beams (7). The finished WIMAG
(9) is wound on at the end onto a cloth beam (10).

PRODUCTION OF STITCH-BONDED VARIABLE LAYER FABRICS (NVG)

During the manufacture of stitch-bonded materials (cf. Fig. 3), a parallel weft yarn sheet is first
of all laid with the aid of a weft guiding carriage. The continuous advance feed of the transport
chain during laying causes this yarn sheet to be inserted at an angle of about 88°, and not
precisely at 90°.

Using two variable thread guiding systems (V1 and V2), parallel yarn sheets can be inserted at
an angle of between 0° and about 80°, and in addition, the distance between the threads can be
altered. This allows the reinforcing textile to be reinforced locally in certain zones, which lie
within the subsequent building component, for example in the zones where force is applied.
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The weft thread sheet is fed to the knitting elements, together with the other thread layers. The
reinforcing threads are fixed in place with the aid of a sewing yarn system which creates knitted
meshes. Thus, this procedure combines elements of sewing (passing through and combining
thread layers) and of knitting (creating knitted meshes from a large number of individual threads
at the same time).

Fig. 3:  Malimo stitch-bonding technique

The Malimo stitch-bonding technique is applied at the Institute of Textile and clothing
Technology at the Technical University of Dresden (ITB).

TESTS ON THE TEXTILE PROPERTIES OF THE REINFORCEMENT

The physical tests show that the processing of the reinforcement fibres into a net-shaped
structure has been done satisfactorily, although the meshes sometimes have rather irregular
thread patterns. With 90° oriented rovings the WIMAG fabrics were found to have somewhat
better properties than the NVG fabrics (cf. Fig. 4). With 45° orientation hardly any  difference
was found in the test values for the two types of  fabric [2].
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Fig. 4:  Comparision of maximum tensile strength of the reinforcement textiles

Since working with these substances as textiles is not without ist difficulties, the fabrics achieve
a yarn strength of only 43% (as cited by the Manufacturer). Causes of this include the slightly
wavy formation of yarn resulting from the open structure and from defects in the material used.

THE COMPOSITE ELEMENTS

Three different net-shaped structures (S1, S2, S3) with 90° and +/- 45° oriented reinforcing
fibres, made from AR fibre glass, is manufactured from the two types of textiles described
above; the different fabric types can be compared. Net-shaped structures have been selected in
order to ensure that the textile is impregnated by the relatively high viscous concrete.

A special-purpose matrix material has been developed on the basis of experience derived
using types of short-staple reinforced concrete; this material attacks fibre glass less by
forming a medium which is less alkaline around the fibre glass. These cement matrices are
based on Portland cement with highly efficient alkali binding components. This type of
cement was therefore selected for trials with the following additives (weights), on the
recommendation of industry [3]:

Cement 1 part
Sand 1 part
Water     0,42 to 0,48 parts
Liquefier     0,22 to 0,04 parts
LP 1-87 Addiment  0,003 parts
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THE PRODUCTION OF THE TEST SPECIMENS

The test pieces are manufactured with aid of a positioning unit which allows the reinforcing
textiles to be guided into the mould tool in a defined manner (cf. Fig. 5).

Fig. 5:  Production of Test Specimens

The divible mould tools are fixed in place above the postioning rods. Once the bottom halves
of the mould tools have been positioned and filled, the reinforcing composite is fixed in place
with the aid of clamping elements. The tension applied merely serves to ensure that the textile
is laid evenly; in other words, no elastic deformation of the reinforcing textile is generated.

Once the composite has been fixed in place, the top and bottom of the mould tool are screwed
together and filled with concrete. The complete mould tool can now be raised from the
positioning unit and placed in a climatic chamber to be stored for 28 days.

RESULTS OF THE MECHANICAL TESTS

The first series of tests, in which the two more open glass structures were tested, proves that
the concrete with 0.42 parts by weight of water and 0,035 parts by weight of cement liquefier
can withstand the highest maximum bending pressure. The specimens were tested after only
10 days curing time. At this stage the composite matrial still does not possess its ultimate
properties. Nevertheless, the calculated bending tensions should only be viewed initially for
the purpose of comparison in order to determine the ideal make-up of the concrete. In this
series of trials, the concrete samples with the WIMAG glass reinforcing of greater density
possess a maximum bending strength of 9.1 N/mm², as opposed to 5.08 N/mm² in the case of
non-reinforced concrete.

The optimised aggregate parts were used in the actual final of trials. The test pieces, which
were produced applying the same process, were now stored for 28 days. The results of 4-point
bending test are illustrated in Fig. 6.
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Fig. 6:  Results of the 4-Point-Bending Test

It is clear that the modulus of rupture (MOR) of the textile reinforced concrete secimens (21.0
N/mm²) is up to four times higher than of non-reinforced concrete (5.1 N/mm²). This
maximum value was achieved using the WIMAG AR glass structures of greatest density
(WGS3). The more open (S2 or S1) or NVG structures lie somewhat below the maximum
values.

THE PRODUCTION OF A DEMONSTRATOR COMPONENT

For demonstration purposes, a girder used a window lintel, geometrically measuring 700 mm
x 140 mm x 140 mm. In order to minimise its weight, the building component is built as a
hollow concrete profile with a styrodur core measuring 700 mm x 100  mm x 100 mm. The
girders were made by the Institute of Supporting Frameworks and Building Materials at the
Technical University of Dresden, using the optimised concrete composition and with the aid
of double moulds (cf. Fig. 7).
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Fig. 7:  Production of a Window Linter

The reinforcing structures are first impregnated separately with the concrete matrix in a tray,
before then being inserted in the mould and evenly aligned with a 2 kg weight at either end.
The matrix material is fed into the bottom of the mould, and the styrodur core is then inserted;
it is centred using U-shaped spacer pieces at either end of the mould. The remaining hollow
spaces are then filled, and air pockets are removed by compressing the matrix. After curing,
the girders are removed from the mould, impregnated in the water bath and stored for 28 days
at climatic conditions of 20 °C and 55 % relative humidity.

Following the storage of the window lintels, the sides which were facing up during
manufacture are ground. The girders are then tested in 4-point bending tests, conforming to
DIN 51300 and DIN 51302. The breaking load, deformation and extension of the girders are
ascertained.

The suitability of the different types of composites for reinforcing concrete building
components can be judged taking the modulus of ruptue (MOR) as an example (cf. Fig. 8). It
clearly has a greater bearing capacity than concrete which is either non-reinforced or else only
reinforced using chopped strands. The extension and deformation values of the reinforced
windows lintels are also calculated as being clearly higher than the comparable values for the
girders which were either non-reinforced or else only short-staple reinforced. The final
appraisal of the results of the trails will have to be carried out following completion of the
final trials [4].
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Fig. 8:  Results of the Mechanical Testing of the Demonstrator Components

CONCLUSION AND PROGNOSIS

The results of this research project show that sheets made up of  AR glass fibre threads
applied as reinforcements for concrete components can lead to better use of materials and
hence reduce costs. A proportion of glass amounting to 1% by volume applied in this way
produces the same durability as a 3-5% proportion applied as short-staple glass fibres. By
orienting the yarns in accordance with the demand to be placed on the building component in
question, a higher degree of efficiency is achieved in the reinforcement material. The results
also show however, that there is still more room for improvement in the properties of the
fabric sheetsas regards their ability to be treated as textiles. Improvements in this sphere
would lead to further enhancement of the properties of building components with respect to
durability and the minimisation of weight.

More highly developed alkali-resistant glass filament yarns are currently being tested by
Nippon Electric Glass with regard to their textile properties and as reinforcement materials for
very thin concrete elements. In the future it is intended to establish rules on the dimensions of
reinforcing sheets made of alkali-resistant glass fibre threads.

In order to solve the problems regarding the textile properties of these products, such as
improvement of their processing potential, enhancement of fibre/matrix adhesion, and
development of reinforcement structures appropriate to loading and processing demands, it is
essentials that there be intensive cooperation between manufacturers of fibres, textile machine
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producers, the textile industry, and research institutions, always bearing in mind, of course,
the needs of the end consumer, the construction industry.

We should like to express our thanks to the “Gesamttextil” Research Committee for ist
support of the work presented here (AiF-No. 9272 B) and other on-going research. This
support is in the form of a research grant  awarded by the Working Group of Industrial
Research Associations from funds provided by the Federal Ministry of Trade and Commerce.
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PROCESSING AND ELECTRICAL PROPERTIES OF
PTCR COMPOSITE MATERIALS
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SUMMARY:   This paper reports the processing and electrical properties of a new type of
PTCR composite materials, which has been made into electric heating cable and plate used in
industrial and domestic area. The additives of carbon black and semiconductive ceramic
powders were mixed with the matrix of polyethylene powder or epoxy resin. The SEM
micrographs of the composites displayed that CB, SBT and silver powders were randomly
distributed in the PE or ER matrix. A conducting model of the composite is proposed and its
equivalent parallel-series electric circuit is schematically shown, to explain the mechanism of
the PTCR effect of the composite.

KEYWORDS:   processing, electrical property, PTCR composite and SEM

INTRODUCTION

Polymer matrix composite materials not only exhibit PTCR (Positive Temperature Coefficient
of Resistivity) effect but also behave perfect flexibility [1,2]. A new type of PTCR composite
materials was reported here, which has been made into electric heating cable and plate used in
industrial and  domestic areas.

The PTCR effect of this kind of composite appears when a volume fraction of conductive
additive was so large that the percolation threshold of conduction can take place [3,4], usually
about 20 - 50 weight percentage of carbon-black is enough. The resistivity of the composite at
room temperature is mostly equal to 102 to 105 Ω•m.

EXPERIMENTAL

As conductive and semiconductive additives, commercial carbon black (CB) powder, silver
(S) powder or/and  (Sr0.2Ba0.8)(Ti0.999Nb0.001)O3 ceramic (SBT) powder were  mixed into
polyethylene (PE) powder or epoxy resin (ER) by roll-milling at 150 ~ 180 °C for 30 minutes.
The samples were then pressed by a hydropress at 100 ~ 130 °C for 5 minutes. Ga-In solution
electrodes were applied. The samples were irradiated in an electron accelerator, 2 MeV for
energy, with different irradiation dose. The resistivity of the samples was measured by a
multimeter as a function of temperature with a heating speed of 1 °C/minute. The
microstructure of the composite materials was observed with a scanning electron microscope
(SEM).
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RESULTS AND DISCUSSION

Cooled down to room temperature at a slow speed, sample 1B exhibited lower resistivity at
room temperature (Rr) and behaved stronger PTCR effect than that of sample 1G that was
cooled at  a high speed (Fig. 1). However, there was little difference between sample 1B1 and
1G1 in which a special reagent was added. Partially substituting the CB powder with SBT
powders uncoated and coated with a thin nickel layer, the authors produced samples 1B2 and
1G2. The later showed lower Rr and better PTCR effect; moreover, it took short time to reach
a thermostatic temperature.
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Fig. 1  Temperature dependence of resistivity of the composites
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Fig. 2  Effect of additive content on PTCR curve of the composites
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The PTCR effect of the samples was also dependent on the cross-linking degree or
crystallinity of the PE matrix (Fig. 2). Sample 2A1 in which about 60 % PE matrix was cross-
linked revealed stronger PTCR effect than sample 2A2 in which the PE matrix was free of
cross-linking. Though influencing Rr, the CB content did not evidently change the PTCR
effect of samples 2A3 and 2A4, in which 30 wt % and 50 wt % CB powders has been mixed
with the ER matrix, respectively. Nevertheless, the PTCR effect of sample 2A5, which
consisted of 30 wt % CB powder and 10 wt % silver powder in the ER matrix, was obviously
weakened by the addition of the silver powder; meanwhile, the sample 2A5 behaved
remarkably low resistivity within a wide temperature range. The PTCR effect of the material
was influenced by the dose of electron irradiation when its degree of cross-linking was
relatively low, as sample A1 (Fig. 3) with a, b, c and d representing irradiation dose of 2.0,
1.5,1.0 and 0 x 10 5 Gy, respectively.
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Fig. 3  Effect of electron irradiation dose on PTCR curve of the composites

The micrographs of the composites displayed that CB, SBT and silver powders were
randomly distributed in the PE or ER matrix as shown in Fig. 4.

  

Fig. 4  SEM images of  the PTCR composites
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CONDUCTING MODEL AND EQUIVALENT CIRCUIT

Based on the experimental results, a conducting model of the sample is proposed (Fig. 5)
and a parallel-series equivalent electric circuit is schematically shown in Fig. 6. Since the

              

 Fig.5 A conducting model of the sample    Fig.6 A equivalent electric circuit of the sample

composite contained three phases: insulating polymer, semiconductive ceramics and
conducting carbon-black, the conduction band of the composite with 0-3 connectivity are thus
characterized by three parameters: the barrier height of the insulating polymer, Ei, the barrier
height of the semiconductive ceramics, Es, and the conduction level of the carbon-black, Ec.
Therefore, the total resistance of the composite, Rt, results from three kinds of resistance:
resistance of the polymer, Ri, resistance of the semiconductive ceramics, Rs, and, resistance
of the carbon-black, Rc. The heights and widths of the barriers vary, in fact, at different
micro-regions in the composite. The resistivity should be calculated by integration within the
whole material to obtain more accurate results.

The temperature dependence of the resistivity can be roughly divided into three segments
corresponding to three temperature regions. At room temperature the resistivity of the
composite was usually small, which might be due to the relatively close distance between the
conductive powders of the carbon-black or the semiconductive ceramics. The powders
distributed randomly in the matrix of the polymer act as conducting bridges or network in the
insulating polymer matrix. Moreover, the tunnel effect might also take place within a thin
enough layer of the polymer at relatively low temperature when an electric field is applied. As
the temperature is increased, however, the polymer matrix is expanded faster than that of the
additives. The numbers of the conducting paths of the network are decreased, and the
resistivity is thus increased sharply. So the PTCR effect appears within this temperature
range. At a higher temperature, usually above the glass transition point of the polymer, the
polymer matrix begins to melt. The concentration of conduction carriers is increased quickly
at high temperature, and thus, the resistivity is decreased.
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CONCLUSION

A new type of PTCR composites consisting of conductive carbon-black and semiconductive
ceramic powders in the matrix of PE or epoxy resin has been developed, which has been made
into electric heating cable and plate used in industrial and domestic areas. The amounts of
constitutes and the processing parameters have effects on the electric properties of the
composite materials.
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